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Chapter 1

Introduction

Perovskite rare earth nickelates RNiO3 (R = rare earth cation such as La, Pr) are a fasci-

nating class of ABO3 transition metal oxides which exhibit interesting properties including

transitions from a paramagnetic metallic state at room temperature to insulating anti-

ferromagnetic and/or charge/spin ordered state at low temperatures [1�3]. Structurally,

rare earth nickelates are considered to be slightly distorted from the ideal perovskite cubic

(space group = Pm3m) structure through the rotation of the NiO6 octahedra along one or

several symmetry directions. Recently a lot of interest has been directed towards epitax-

ially strained RNiO3 thin �lms and heterostructures [4�13]. When ABO3 thin �lms and

superlattices are exposed to epitaxial strain, the rotational magnitudes of BO6 octahedra

are modi�ed, leading to a variation of B-O bond lengths and B-O-B bond angles [14�32].

Due to the strong correlation between charge, spin and orbital degrees of freedom [33, 34],

modi�cation of the Ni-O bonding geometry in thin RNiO3 �lms and heterostructures al-

ters the electronic structure, giving rise to emergent phenomena and properties which are

not present in bulk RNiO3 [35�39].

In 2008, Chaloupka and Khaliullin proposed that the electronic structure of RNiO3

embedded in RNiO3/RMO3 superlattices (M = trivalent cation such as Al, Ga. . . ) can

be manipulated to match that of the cuprate high-Tc superconductor (YBa2Cu3O7) [4].

When the RNiO3/RMO3 superlattices are epitaxially grown on tensile-strain-inducing

substrates, the NiO6 octahedra are distorted leading to increased in-plane Ni-O bond

lengths. Consequently, the single eg electron occupies exclusively the planar dx2-y2 or-

bital, i.e., orbital polarization. The resulting Fermi surface of the tensile-strained RNiO3

well mimics that of the cuprate high-Tc superconductor. The orbital polarization is further

supported by the wide-gap insulating RMO3 layers which block the inter-layer electron

hopping through quantum con�nement. Subsequent X-ray re�ectometry, X-ray linear

dichroism (XLD) and X-ray absorption spectroscopy (XAS) experiments conducted on

epitaxially strained RNiO3/RMO3 superlattices have demonstrated certain intriguing fea-

tures of the cuprate high-Tc superconductor, including partial orbital polarization (up to

1



CHAPTER 1. INTRODUCTION 2

25%), metal-insulator transition as well as antiferromagnetic ordering [8�13]. However,

superconductivity has not been observed yet and discrepancies between experimental ob-

servations and theoretical predictions still persist.

One particular complication arises from the fact that in ABO3 thin �lms and superlat-

tices, epitaxial strain not only results in octahedral distortions (i.e., change of B-O bond

lengths) but also modi�es the BO6 rotational magnitudes (i.e., change of B-O-B bond an-

gles) [14�32]. Due to the strong hybridization of nickel d orbitals and oxygen p orbitals,

the magnetic and electronic states of RNiO3 can be signi�cantly, even unexpectedly, al-

tered through strain-induced octahedral rotations and distortions. More importantly, in

ABO3 heterostructures, the octahedral rotations in each constituent layer are not only

a�ected by their individual response to epitaxial strain but also constrained by octahedral

connectivity at every heterointerface [21�32]. In ABO3 thin �lms, the e�ect of interfacial

octahedral connectivity has been reported to be short-ranged, which is typically less than

10 unit cells [21�32]. However, in short-period RNiO3/RMO3 superlattices, where the

thickness of each constituent layer is only a few unit cells, how octahedral connectiv-

ity at heterointerfaces a�ects the octahedral rotations in each constituent layer remains

unexplored.

Apart from complex octahedral rotations caused by strain and interfacial connectiv-

ity, the epitaxial growth of ABO3 thin �lms and superlattices often gives rise to chemical

inhomogeneity, including cation intermixing and phase segregation, which also in�uence

the electronic and magnetic properties of the heterostructures [40�48]. In the last decade,

owing to the rapid development of various epitaxial techniques, such as pulsed-laser depo-

sition and molecular beam epitaxy, ABO3 heterostructures can be grown with atomic-layer

precision, providing access to novel functionalities through the structural and electronic

reconstructions at high-quality heterointerfaces [35�39]. Despite the ability to grow high-

quality ABO3 heterostructures, chemical inhomogeneity at heterointerfaces have been re-

ported in various ABO3 thin �lms and superlattices [40�48]. Due to the strong structure-

property correlation in ABO3 perovskites, cation intermixing and phase segregation could

signi�cantly in�uence the physical properties of the material, such as magnetism, electri-

cal transport, and superconductivity. In order to gain a deeper insight into the properties

of the RNiO3/RMO3 superlattices, the atomic and chemical abruptness of the heteroin-

terfaces need to be characterized with atomic-scale precision.

In addition to chemical inhomogeneity, due to the lattice mismatch between the thin

�lm/superlattice and the substrate, the epitaxy of ABO3 heterostructures often leads

to structural defects, such as columnar domains, microtwinning, mis�t dislocations, and

antiphase grain boundaries [49�56], which deteriorate the transport properties of the

charge carriers [57�59]. For instance, the mobility of the 2D electron gas formed at

the LaAlO3/SrTiO3 interface is substantially reduced due to the electron scattering at
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charged dislocations cores [57]. Furthermore, stacking faults have been found to block the

electron hopping due to the broken B-O-B chains across the fault plane, thus lowering

the conductivity of ABO3 thin �lms and superlattices [58, 59]. In order to enhance the

transport properties as well as to reduce the density of structural imperfections in the

RNiO3/RMO3 superlattices, an atomic-level understanding of the formation mechanism

of mis�t dislocations and planar defects is indispensable.

In this work, the atomic structures of epitaxial-strained short-period RNiO3/RMO3

superlattices (R = La, Pr and M = Ga, Al) have been systematically studied. By using

aberration-corrected high-resolution transmission electron microscopy (AC-HRTEM), the

e�ects of interfacial octahedral connectivity as well as the formation mechanism of crys-

tal defects in short-period RNiO3/RMO3 superlattices have been elucidated with atomic

resolution. In addition, by using energy-dispersive X-ray (EDX) mapping in aberration-

corrected scanning transmission electron microscopy (AC-STEM), the chemical abrupt-

ness at heterointerfaces has been probed with atomic-scale precision. The structure of

this dissertation is organized as follows.

In Chapter 2, we will elaborate on the fundamentals of HRTEM imaging. First of all,

the concepts of HRTEM image formation (section 2.1), weak-phase object approximation

(section 2.2), as well as the phase contrast transfer function (section 2.3), will be discussed.

Then, in section 2.4, we will present the basics of aberration correction and explain how

atomic resolution can be achieved by the employment of aberration correctors on modern

microscopes . Section 2.5 covers the details of HRTEM image simulation based on the

multi-slice method. In the end of the chapter, we will brie�y introduce the fundamentals

of AC-STEM EDX mapping (section 2.6).

Chapter 3 presents the basic concepts of octahedral rotations in ABO3 heterostruc-

tures. In section 3.1, the e�ects of epitaxial strain and interfacial octahedral connectivity

in short-period RNiO3/RMO3 superlattices will be discussed in detail. In section 3.2, we

will introduce the general notations, including Goldschmidt tolerance factor and Glazer

notation, which are used to systematically describe the octahedral rotations. Due to the

projection limitation of AC-HRTEM imaging, the elucidation of octahedral rotations in

RNiO3/RMO3 superlattices requires the specimen to be observed along a speci�c crystal

orientation. Therefore, section 3.3 discusses the choice of suitable projection from which

the octahedral rotations can be readily investigated.

In Chapter 4, we will focus on the experimental methods, including, TEM sample

preparation and its optimization (section 4.1), as well as the microscope parameters which

have been applied for AC-HRTEM imaging and AC-STEM EDX mapping (section 4.2).

The experimental results will be discussed in Chapter 5. Section 5.1 and section 5.2

present the AC-HRTEM results on two sets of specimens, namely, [(4 u.c.//4 u.c.)×8]
and [(1 u.c.//4 u.c.)×13] LaNiO3/LaGaO3 superlattices grown on SrTiO3 substrates [60,
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61]. Through the optimization of AC-HRTEM imaging conditions (Chapter 2) and the

improvement of sample preparation technique (Chapter 4), all atomic columns can be

clearly resolved enabling unit-cell-by-unit-cell determination of the NiO6 rotations. The

e�ects of interfacial octahedral connectivity, as well as the length scale over which the NiO6

and GaO6 octahedra interact, have been investigated in great detail. Section 5.3 is focused

on the elucidation of cation intermixing within the [(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3

superlattice. By using AC-STEM EDX mapping , the chemical compositions across the

heterointerfaces has been analyzed with atomic resolution. Section 5.4 is devoted to the

characterization of crystal defects in a [(4 u.c.//4 u.c.)×8] PrNiO3/PrAlO3 superlattice

grown on a LaSrAlO4 substrate. By using AC-HRTEM, the atomic structures of the

mis�t dislocations and planar defects, as well as their formations mechanisms, have been

unambiguously determined.

In the end, the main �ndings of this work, together with the outlook for future inves-

tigations on short-period RNiO3/RMO3 superlattices, will be presented in Chapter 6.



Chapter 2

High-resolution Transmission Electron

Microscopy

Aberration-corrected high-resolution transmission electron microscopy (AC-HRTEM) has

been a powerful technique for atomic structure investigations. On an aberration-corrected

FEI Titan 80-300 instrument operating at 300 kV, the resolution can be as high as 0.08 nm,

enabling atomic-scale determination of the octahedral rotations in RNiO3/RMO3 super-

lattices as well as the defect structures, such as stacking faults and mis�t dislocations.

Although with the rapid instrumental developments in TEM, atomic resolution can be

readily achieved, the correct interpretation of the HRTEM images often requires a fun-

damental understanding of the image formation process. Therefore, this chapter presents

the basic theories of HRTEM. Both uncorrected and aberration-corrected imaging will be

discussed. The discussion is mainly based on the following books to which the interested

reader is kindly referred [62�64].

� Reimer, L. & Kohl, H. Transmission Electron Microscopy: Physics of Image For-

mation (Springer Science+Business Media: New York, 2008)

� Williams, D. B. & Carter, C. B. Transmission Electron Microscopy: A Textbook for

Materials Science (Springer Science+Business Media: New York, 2009)

� Erni, R. Aberration-Corrected Imaging in Transmission Electron Microscopy: An

Introduction (Imperial College Press: London, 2010)

The image formation process of HRTEM (section 2.1) can be summarized as follows.

The specimen is illuminated by a coherent electron beam which is parallel to the optical

axis of the microscope. When transmitting the crystalline sample, due to the electron-

specimen interaction, the incident electron plane wave undergoes phase and amplitude

modulations. The resulting exit-plane wave (section 2.2), which carries the structural

information about the crystal, then propagates to the image plane where a HRTEM

5
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Fig. 2.1: Schematic of the basic principle of HRTEM image formation.

image is recorded. During the propagation, the electron wave experiences additional

phase shifts induced by the transfer characteristics, i.e., lens aberrations, of the microscope

(section 2.3). As a result, the image wave function is derived by the convolution of the

exit-plane wave and the microscope transfer function. It is the transfer function which

essentially determines the resolution of the microscope. Therefore, in order to improve

the microscope resolution, it is necessary to optimize the transfer function by suitable

adjustment of the lens aberrations using the aberration corrector (section 2.4). Once a

HRTEM image has been acquired, image simulation is typically carried out to provide

the correct interpretation of the experimental results (section 2.5).

2.1 HRTEM Image Formation

Figure 2.1 shows the schematic of coherent HRTEM image formation for a crystalline

specimen. The crystal is illuminated by a broad electron beam which travels along the
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optical axis. Ideally, the incident electron beam can be expressed by a plane wave,

ψin = A0 exp [i2πk0 · z] , (2.1)

with the wave vector k0 parallel to z-axis (|k0| = 1/λ where λ is the relativistic wavelength

of the incident electron). When transmitting a thin specimen, the electron wave interacts

with the inter-atomic potential and undergoes di�raction. The di�racted beams kg are

directed to speci�c angles θ which are determined by the Bragg's law and g is the reciprocal

lattice vector of the crystal. As a result of the electron-specimen interaction, the incident

plane wave is modulated both in amplitude and phase. Therefore, at the exit-plane of

the specimen, the electron wave function is the product of the incident wave ψin and its

corresponding amplitude and phase modulations determined by electron di�raction in the

specimen;

ψep (r) = ψina (r) exp [iϕ (r)] (2.2)

where r = r(x, y) is a two-dimensional vector in xy plane, a (r) and ϕ (r) denote the

amplitude and phase modulations, respectively. Since only the modulations of the incident

beam contain information about the specimen, without losing any generality, we set ψin =

1 and the exit-plane wave could be simpli�ed as

ψep (r) = a (r) exp [iϕ (r)] . (2.3)

After leaving the specimen, the direct beam (k0) and di�racted beams (kg) are brought

to focus by the objective lens on the back-focal plane, where a far-�eld (or Fraunhofer)

di�raction pattern is formed. The wave function in the back-focal plane ψbfp (q), which

equals to the Fourier transform of ψep (r), is given by

ψbfp (q) = F [ψep (r)] =

ˆ

r

ψep (r) exp (−i2πq · r) dr, (2.4)

where the reciprocal vector q denotes the position of the di�raction spots in the back-

focal plane and is related to the di�raction angle via |q| = θk0 = θ/λ (when θ � 1)

. Since ψbfp (q) is the frequency spectrum of ψep (r), q actually represents the spatial

frequency and has the unit of length−1 (typically nm−1 or Å−1). Therefore, the complex

wave amplitude of the exit-plane wave can be rewritten as a Fourier series,

ψep (r) =
∑
q

ψbfp (q) exp [i2πq · r] . (2.5)

And the Fourier components ψbfp (q) with larger spatial frequency q correspond to �ner

details in the real space, i.e., high-resolution information.
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If we consider the di�raction spots in the back-focal plane as secondary electron

sources, the electron wave in the image plane is then formed by the interference be-

tween the direct and di�racted beams. When the e�ect of the microscope is ignored,

the image wave is simply given by the inverse Fourier transform of ψbfp (q). However, as

the exit-plane wave ψep (r) propagates along the optical axis towards the image plane,

the microscope modi�es the electron wave introducing additional amplitude and phase

modulations to ψep (r). Mathematically, the modi�cation is obtained by multiplying

the Fourier components ψbfp (q) with a two-dimensional complex function T (q) in the

back-focal plane, where T (q) is the so-called transfer function describing the imaging

characteristics of the microscope. Taking into account the transfer characteristics of the

microscope, the wave function in the back-focal plane ψbfp (q) is modi�ed to

ψ′bfp (q) = ψbfp (q)H(q). (2.6)

It is clear that the transfer function T (q) is in essence a Fourier �lter which is applied

to the frequency spectrum of the exit-plane wave. Applying inverse Fourier transform of

ψ′bfp (q) yields the wave function in the image plane

ψim (r) = F−1
[
ψ′bfp (q)

]
= F−1 {F [ψep (r)]T (q)} = ψep (r)⊗ F−1 [T (q)] , (2.7)

The image intensity is given by the squared modulus of ψim (r),

Iim (r) = ψimψ
∗
im =

∣∣ψep (r)⊗ F−1 [T (q)]
∣∣2 . (2.8)

As shown by Eq. 2.8, the image intensity is not only determined by the exit-plane wave

which carries the structural information about the crystal, but also by the transfer charac-

teristics of the microscope. Although the ultimate goal of HRTEM imaging is to determine

the crystal structure with the highest achievable resolution, in most cases, the HRTEM

image does not correlate to the atomic structure of the specimen in a straightforward

manner. The di�culty arises from the following aspects: (1) the exit-plane wave ψep (r)

is not necessarily linearly related to the atomic structure, (2) when propagating along the

optical axis, ψep (r) is further modi�ed by the microscope transfer function T (q), and (3)

in a HRTEM image, only the intensity Iim (r) is recorded meaning that all the phase infor-

mation contained in the image wave ψim (r) is lost. Therefore, the correct interpretation

of the HRTEM images is challenging, and extra caution must be taken. Fortunately, these

problems can be circumvented if we make certain approximations about the exit-plane

wave and subsequently optimize the transfer function based on the approximated exit-

plane wave. In section 2.2, weak-phase object approximation will be introduced. Under

this approximation, it is assumed that only the phase of the incident electron beam is
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modulated by the crystal whereas the amplitude remains unchanged, and the exit-plane

wave is linearly related to the projected specimen potential, i.e., the crystal structure.

However, since the phase information is lost when recording intensity, it is necessary to

translate the phase modulation into amplitude modulation, such that �nite image con-

trast appears in the HRTEM image. The translation from phase to amplitude modulation,

which is known as phase contrast imaging, is realized by the contrast transfer function of

the microscope. The details of the contrast transfer function, as well as its optimization

for phase contrast imaging, will be discussed in section 2.3 and section 2.4.

2.2 Exit-Plane Wave Under Weak-phase Object Ap-

proximation

As mentioned in the previous section, the straightforward interpretation of a HRTEM

image requires a simple exit-plane wave which is linearly related to the projected spec-

imen structure. However, this is generally not the case. Although the thickness of the

TEM sample is typically below 50 nm, dynamic (multiple) scattering of electrons within

the specimen is not negligible. Due to multiple scattering, the intensities of the di�racted

beams and the direct beam exchange dynamically with increasing thickness, giving rise to

thickness-dependent amplitude and phase modulations in the exit-plane wave. In order to

simplify the exit-plane wave, certain approximations need to be taken. It is assumed that

when transmitting the crystal, the electrons are scattered at most once, i.e., kinematic

scattering, and in addition, the intensity of the kinematic di�racted beam kg is much

weaker than that of the direct beam k0. Under the assumption of weak kinematic scat-

tering, the angular distribution of the scattered electrons is negligible. And the electron

trajectories within the specimen can be approximated by straight lines (Fig. 2.2). As a

result, the amplitude a (r) on the exit-plane is the same as that on the incident plane,

i.e., a (r) = 1, and only the phase of the incident beam is modulated by the crystal.

The exit-plane wave becomes ψep (r) = exp [iϕ (r)] which is known as the phase-object

approximation.

The phase modulation ϕ (r) is induced by the interaction between the incident elec-

trons and the inter-atomic potential. When an electron travels along an atomic column

where the inter-atomic potential φ [r(x, y), z] is non-zero, its wavelength is reduced as

compared to the electron traveling between the atomic columns. Due to the di�erence in

wavelength, when the electrons exit the specimen, a relative phase shift ϕ (r) is introduced

to the wave front;

ϕ (r) = −σφp (r) = −σ

t
2ˆ

− t
2

φ (r, z) dz (2.9)



CHAPTER 2. HIGH-RESOLUTION TRANSMISSION ELECTRON MICROSCOPY10

Fig. 2.2: Phase object approximation. When electrons are penetrating the specimen, the propagation
direction of the electron wave is assumed to be parallel to the z-axis. For electrons traveling between
the atomic columns (A, C, and E), the wavelength remains unchanged. The wavelength is reduced when
electrons are close to the positive inter-atomic potential (B and D). As a result, at the exit-plane, a
relative phase shift is introduced.

where σ = 2πmeλrh
−2, t is the thickness of the specimen and φp (r) is the projected

specimen potential. The exit-plane wave of a phase-object then has the representation

ψep (r) = exp [−iσφp (r)] . (2.10)

The phase-object model can be further simpli�ed if the specimen is very thin (small t)

and consists of only light elements (small φ) so that σφp (r) � 1. By applying Taylor

expansion to Eq. (2.10) and omitting higher-order terms, the exit-plane wave can be

represented as

ψep (r) = 1− iσφp (r) . (2.11)

This is the so-called weak-phase object approximation. The advantage of this approxi-

mation is that the exit-plane wave is linearly related to the projected crystal potential.

Therefore, the phase modulation directly re�ects the atomic structure in projection. How-

ever, all the information about the projected specimen structure is contained in the phase

of the exit-plane wave. Under the assumption that the microscope transfers ψep (r) to the

image plane without any modi�cation, the image intensity satis�es

Iim (r) =
∣∣F−1 {F [1− iσφp (r)]}

∣∣2 = 1, (2.12)

which means there is no image contrast or any structural information about the specimen.

Therefore, it is necessary to translate the phase modulation into amplitude modulation

by applying an additional phase shift to iσφp (r). Combining Eq. (2.11) and Eq. (2.5), it
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is clear

ψep (r) = 1− iσφp (r) = ψbfp (0) +
∑
q 6=0

ψbfp (q) exp [i2πq · r] , (2.13)

which indicates if all the Fourier components ψbfp (q)q 6=0 are multiplied by a phase factor

exp
[
±iπ

2

]
, ψep (r) will become 1 ± σφp (r) with all the phase information converted to

amplitude information. The resulting image intensity will be

Iim (r) = 1± 2σφp (r) (2.14)

and the atomic columns appear either bright (+) or dark (−) in the image.

As shown in Eq. (2.6), the Fourier components ψbfp (q) are indeed modi�ed by the

transfer function T (q) at the back-focal plane. Under weak-phase object approximation,

the wave function in the back-focal plane is given by

ψbfp (q) = F [1− iσφp (r)] = δ (q)− iF [σφp (r)] . (2.15)

The modi�ed wave function in the back-focal plane is then written as

ψ′bfp (q) = δ (q)T (q)− iF [σφp (r)]T (q). (2.16)

The wave function in the image plane is derived by the inverse Fourier transform of ψ′bfp (q)

ψim (r) = 1 + σφp (r)⊗ F−1 {Im [T (q)]} − iσφp (r)⊗ F−1 {Re [T (q)]} (2.17)

The image intensity is then

Iim (r) = ψimψ
∗
im = 1 + 2σφp (r)⊗ F−1 {Im [T (q)]} . (2.18)

According to Eq. (2.18), for phase contrast imaging of a weak-phase object, only the

imaginary part of T (q) a�ects the image intensity whereas the real part vanishes when

taking the squared modulus of ψim (r). Therefore, the imaginary part of the transfer

function, i.e. Im [T (q)], is termed as the phase contrast transfer function. It describes

how the phase modulation is translated into amplitude modulation thus giving rise to

phase contrast in a HRTEM image.

2.3 Phase Contrast Transfer Function

As discussed in the previous section, the transfer function of the microscope plays an im-

portant role in determining the �nal image intensity. In this section, we will discuss the
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Fig. 2.3: a Ray path of the ideal objective lens. b Spherical aberration. c Defocus. d Chromatic
aberration.

factors which a�ect the transfer characteristics, including the e�ects of objective aperture,

lens aberrations, as well as partial temporal and spatial coherence. Figure 2.3 represents

three di�erent lens e�ects, namely, spherical aberration, defocus and chromatic aberra-

tion, which dominate the contrast transfer of an uncorrected microscope. In an ideal

microscope (Fig. 2.3a), a point object is imaged as a stigmatic point in the Gaussian

image plane where a CCD camera is placed.1 However, due to the spherical aberration of

the objective lens (Fig. 2.3b), electrons entering the lens with higher angles are de�ected

more strongly towards the optical axis. Consequently, the point image at the Gaussian

image plane is broadened to a round disk. A similar e�ect can also be induced by chang-

ing the focal length of the objective lens, i.e., defocus (Fig. 2.3c). The negative e�ect

of spherical aberration can be partially compensated by an underfocus (increasing the

focal length) such that the disk of least confusion is imaged onto the Gaussian image

plane. Figure 2.3d shows the e�ect of chromatic aberration. When the incident electron

beam is not monochromatic, electrons with varying energies are focused to di�erent image

planes. The Gaussian image is then the superposition of various images each formed by

electrons with a speci�c energy. As will be shown later in this section, for an uncorrected

microscope, spherical aberration is the main resolution-limiting factor whereas chromatic

aberration imposes a limit on the information transfer of the microscope.

1In reality, even if the lens aberration-free, due to the di�raction limit, the image of a point object is
an Airy disk of �nite size.
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2.3.1 Objective aperture

If a circular objective aperture is inserted in the back-focal plane of the objective lens, the

electron beams that are di�racted to higher angles are blocked. Assume that the radius of

the aperture in the back-focal plane is qapt, then the Fourier components ψbfp (q) with q

larger than qapt will not contribute to image formation. The e�ect of an objective aperture

is essentially a low-pass �lter which removes high spatial frequency (i.e., high-resolution)

information. And the aperture function A (q) is de�ned as

A (q) =

1, |q| <
∣∣qapt∣∣

0, |q| >
∣∣qapt∣∣ . (2.19)

As shown in Fig. 2.3, when lens aberrations are present, the radius of the disk on the

Gaussian image plane increases with increasing scattering angle. Therefore, the appli-

cation of an objective aperture reduces the size of the disk by blocking the electrons

which are scattered to higher angles. However, the objective aperture also cuts o� any

high-resolution information beyond qapt thus deteriorating the resolution of the micro-

scope. In an aberration-corrected microscope, where the e�ects of lens aberrations can be

signi�cantly reduced by the aberration correcter, the objective aperture is typically not

employed for HRTEM imaging. Its usage is limited to bright-�eld and dark-�eld imaging,

in which only the direct beam or one of the di�racted beam is selected by the aperture

to form the image.

2.3.2 Lens aberration e�ects

When the electron wave passes through the objective lens, it is subject to additional phase

shifts caused by lens aberrations and defocus. The additional phase shifts are introduced

to the exit-plane wave ψep (r) by multiplying its Fourier components ψbfp (q) with a phase

factor

exp [i2πχ (q)] , (2.20)

where χ (q) is the so-called wave aberration function. For an uncorrected TEM, the wave

aberration function is dominated by the spherical aberration and defocus, whereas other

aberration e�ects are comparatively small. χ (q) is thus given by

χ (q) =
1

2
C1λq

2 +
1

4
C3λ

3q4 (2.21)

where C1 represents lens defocus and C3 denotes the 3rd-order spherical aberration coef-

�cient. The value of C3 in uncorrected microscopes is positive which ranges from 0.5mm

to 1.5mm depending on the design of the objective lens. For an aberration-corrected mi-
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Fig. 2.4: Temporal and spatial coherence.

croscope equipped with a spherical aberration corrector, C3 can be signi�cantly reduced

(C3 → 0) or even tuned to negative values. As a result, spherical aberration is no longer

dominant in the wave aberration function, and additional aberrations need to be taken

into account. In section 2.4, where the aberration-corrected HRTEM imaging is discussed,

we will present the general form of the wave aberration function χ (q).

2.3.3 Partial temporal and partial spatial coherence

As discussed in section 2.1, the HRTEM image is essentially formed by the interference

between the direct and di�racted beams. As a result, the coherence of the primary

electron wave is of vital importance for the microscope resolution. A perfect coherent

wave is monochromatic (temporal coherent) and has a uniform phase (spatial coherent).

However, in reality, perfect coherent electron sources do not exist. Depending on how

much the incident electron wave deviates from perfect coherence, the degree of partial

coherence varies, and in the extreme case the wave becomes incoherent (Fig. 2.4). The

e�ect of partial coherence on HRTEM imaging is described by the envelope function

E (q) = Etc (q)Esc (q) (2.22)

where Etc (q) represents the e�ect of partial temporal coherence and Esc (q) partial spatial

coherence. In the following, we will discuss the reason of partial coherence in TEM and

provide the formulae of Etc (q) and Esc (q).

As mentioned at the beginning of the section, due to chromatic aberration, the focal

length of the objective lens varies with the incident electron energy causing a focus blur.

The energy variation of the electron beam (i.e., partial temporal coherence) is induced

by the intrinsic energy spread of the electron source 4E/E as well as �uctuations of

the accelerating voltage 4Vacc/Vacc. Note that the focal length of the objective lens for

electrons with a speci�c energy is determined by the objective lens current. Therefore,

even if the electron beam is monochromatic, the focal length still �uctuates due to the

instability of the objective lens current 4Iobj/Iobj. Taking the chromatic aberration and

microscope instabilities into consideration, the focus blur, or more precisely, chromatic

focal spread δ is given by
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Fig. 2.5: Three e�ects that reduce the spatial coherence of the incident electron beam.

δ = Cc

√(
4E
E

)2

+

(
4Vacc
Vacc

)2

+ 4

(
4Iobj
Iobj

)2

(2.23)

where Cc is the chromatic aberration coe�cient. And the partial temporal coherence term

Etc (q) is represented as

Etc (q) = exp

{
−2π2

λ2
δ2

[
∂χ (q)

∂C1

]2
}

= exp

(
−1

2
π2λ2δ2q4

)
. (2.24)

In section 2.1, we have assumed that the incident electron wave is parallel to the

optical axis, i.e., parallel illumination. However, in reality, the illumination can be slightly

convergent or divergent, reducing the spatial coherence of the electron beam (Fig. 2.5a

and Fig. 2.5b). Even if the illumination is completely parallel, the spatial coherence is

still limited by the �nite size of the electron source (Fig. 2.5c). The extended electron

source can be considered as an assembly of many independent point sources. A point on

the specimen is thus illuminated by a cone of electrons, each of which originates from an

individual point source. The partial spatial coherence term Esc (q) is then given by

Esc (q) = exp

{
−
(πα
λ

)2
[
∂χ (q)

∂q

]2
}

= exp

[
−
(πα
λ

)2 (
C3λ

3q3 + C1λq
)2
]

(2.25)

where α is the semi-angle subtended by the electron source at the specimen.

Note that both Etc (q) and Esc (q) are given as exponential decay functions. Because

partial temporal and spatial coherence degrade the ability of the electron beams to form

an interference pattern, i.e., HRTEM image, leading to the loss of �ne details in the image.

In other words, high spatial frequency information is not transferred by the microscope.

Therefore, Etc (q) and Esc (q) are also called damping envelope functions.

In summary, taking into account the e�ects of lens aberrations, partial coherence and

objective aperture, the contrast transfer function is described by the multiplication of all

the terms,
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Fig. 2.6: Ideal shape of the PCTF.

T (q) = exp [i2πχ (q)]Etc (q)Esc (q)A (q) . (2.26)

And the phase contrast transfer function, i.e., the imaginary part of T (q), is then

Im [T (q)] = sin 2πχ (q)Etc (q)Esc (q)A (q) . (2.27)

Assuming that no objective aperture is employed, the general form of the image intensity

under weak-phase object approximation is given by

Iim (r) = ψimψ
∗
im = 1 + 2σφp (r)⊗ F−1 {sin 2πχ (q)Etc (q)Esc (q)} . (2.28)

2.3.4 Point resolution and information limit

Based on Eq. 2.28, maximum image contrast is achieved if the phase contrast transfer

function equals 1 or -1 for all spatial frequencies q.2 In other words, the ideal shape of

the phase contrast transfer function in one dimension is a rectangular function (Fig. 2.6).

However, χ (q) is a polynomial function and its value varies with q (Eq. 2.21). As a

result, sin 2πχ (q) oscillates leading to reduced or even reversed image contrast. In order

to enhance the phase contrast in HRTEM images, it is necessary to optimize the wave

aberration function χ (q) such that sin 2πχ (q) gets as close to the ideal form as possible.

For an uncorrected microscope, the 3rd-order spherical aberration coe�cient C3 is a

positive constant which is determined by the design of the objective lens. The defocus, on

the other hand, is an adjustable value which can be changed by the operator. When C1 is

positive (i.e., overfocus), 1
2
C1λq

2 + 1
4
C3λ

3q4 increases monotonically with q and sin 2πχ (q)

takes the value of 1 only once before crossing the q-axis . Therefore, choosing a positive

C1 is of no interest for our problem. As plotted in Fig. 2.7a, when C1 is negative (i.e.,

underfocus), the negative term 1
2
C1λq

2 partially balances the positive term 1
4
C3λ

3q4 giving

2As mentioned in section 2.3.2, for an uncorrected microscope, χ (q) is dominated by 3rd-order spher-
ical aberration and defocus. Both aberrations are isotropic and do not depend on the azimuth angle (see
section 2.4). Therefore, for simplicity, the vector q is substituted by q = |q|.
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rise to a minimum in χ (q). As proposed by Scherzer in 1949 [65], the optimum defocus

can be derived if the minimum of 2πχ (q) equals to −2π
3
, i.e.,

2πχ (q) = 2π

(
1

2
C1λq

2 +
1

4
C3λ

3q4

)
= −2π

3
, (2.29)

when

d2πχ (q)

dq
= 2π

(
C1λq + C3λ

3q3
)

= 0. (2.30)

In this case, sin 2πχ (q) possesses a broad and �at passband and takes the value of -1

twice before crossing the q-axis (Fig. 2.7b). Solving Eq. 2.29 and Eq. (2.30) yields the

famous Scherzer defocus,

C1, Scherzer = −
√

4

3
C3λ. (2.31)

Beyond the passband, however, sin 2πχ (q) starts to oscillate rapidly. The oscillation

is related to the presence of the spherical aberration. As shown in Eq. 2.21, the phase

shift induced by the spherical aberration increases with the fourth power of the spatial

frequency, i.e., 1
4
C3λ

3q4, whereas, the phase shift caused by the defocus increases with

only the square of the spatial frequency, i.e., 1
2
C1λq

2. At lower spatial frequencies, by

applying the Scherzer defocus, the contribution of the defocus can partially compensate

that of the spherical aberration giving rise to a broad and �at passband. However, at

higher spatial frequencies, the negative 1
2
C1λq

2 term can no longer balance the positive
1
4
C3λ

3q4 term. Consequently, 1
2
C1λq

2 + 1
4
C3λ

3q4 increases monotonically with q at higher

frequencies (Fig. 2.7a) and sin 2πχ (q) begins to oscillate (Fig. 2.7b).

Figure 2.8 shows the plotted phase contrast transfer function sin 2πχ (q)Etc (q)Esc (q)

at Scherzer defocus for an uncorrected 200 kV microscope equipped with a LaB6 electron

gun. The �rst intersection of the phase contrast transfer function with the q-axis is

denoted by qSch. Up to qSch, the spatial frequencies q (i.e., atomic columns with spacing

of 1/q) are transferred with nearly the same phase shift. As a result, there is a direct

correlation between the projected crystal potential and the corresponding HRTEM image

intensity (see Eq. 2.28), and the atomic columns appear dark on a bright background.

Beyond qSch, the phase contrast transfer function starts to oscillate rapidly. Depending on

the spacing 1/q between the atomic columns, some columns appear dark whereas others

bright leading to contrast reversals. Although the phase information is still transferred by

the microscope, it is no longer possible to interpret the HRTEM image straightforwardly.

Therefore, qSch is called the point resolution limit. Inserting ∆fSch into 2πχ (q) and setting

2πχ (q) = 0, we have
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Fig. 2.7: Plots of 2πχ (q) and sin 2πχ (q) in the case of Scherzer defocus.

Fig. 2.8: Phase contrast transfer function (PTCF) at Scherzer defocus for an uncorrected 200 kV micro-
scope equipped with LaB6 electron gun. 3rd-order spherical aberration coe�cient C3 = 1.2mm, defocus
C1= -64 nm, chromatic focal spread δ = 10nm, half convergence angle α = 0.67mrad.
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qSch =
2

3
1
4

C
− 1

4
3 λ−

3
4 = 1.51C

− 1
4

3 λ−
3
4 , (2.32)

and the point resolution at Scherzer defocus is then

rSch =
1

qSch
= 0.66C

1
4
3 λ

3
4 . (2.33)

Due to the envelope functions Etc (q) and Esc (q), sin 2πχ (q) is damped with increas-

ing q. At qmax, the amplitude of the phase contrast transfer function is decreased to 1/e2,

i.e., 13.5%, and the contrast transfer becomes negligible for q > qmax. qmax is therefore

de�ned as the information limit. For an uncorrected microscope operating at a partic-

ular acceleration voltage, the point resolution limit qSch is determined by the 3rd-order

spherical aberration coe�cient C3 (Eq. 2.32). Therefore, the resolution of an uncorrected

microscope is often said to be C3 limited. The information transfer, on the other hand, is

limited mainly by the temporal coherence of the microscope (indicated by the blue curve

in Fig. 2.8).

2.3.5 Limitations of uncorrected TEM

As discussed in the previous section, in an uncorrected TEM, the spherical aberration

imposes a limitation on the point resolution, and the partial coherence determines the

information transfer. In a conventional uncorrected TEM where a LaB6 electron gun is

used, due to the damping caused by the envelope functions, the information limit is not

substantially higher than the point resolution limit (Fig. 2.8). With the development

of high-brightness �eld-emission sources, the LaB6 electron guns are replaced by �eld-

emission guns (FEG). As presented in Fig. 2.9, the better coherence of the FEG sources

enhances the information limit qmax enabling signi�cant information transfer beyond the

point resolution limit qSch. However, beyond qSch, the spatial frequencies are transferred by

a rapidly oscillating contrast transfer function complicating the interpretation of HRTEM

images. On the other hand, for an uncorrected microscope, the point resolution limit

can not be improved due to the �xed C3 for a given objective lens. As a result, when

a FEG is applied in an uncorrected microscope, the discrepancy between qSch and qmax

strongly limits the interpretability of HRTEM images. Moreover, the highly oscillating

phase contrast transfer function between qSch and qmax also induces image delocalization.

Delocalization means that the atomic columns in a HRTEM image do not appear at their

true locations due to lens aberrations. The distance between the appeared location and

the true location for a given spatial frequency is dependent on the gradient of the wave

aberration function [66], i.e.,
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Fig. 2.9: PCTF at Scherzer defocus for a 200 kV microscope equipped with �eld-emission electron gun.
3rd-order spherical aberration coe�cient C3 = 1.2mm, defocus C1= -64 nm, chromatic focal spread δ =
3nm, half convergence angle α = 0.67mrad.

R =
dχ (q)

dq
= C1λq + C3λ

3q3. (2.34)

Based on Eq. 2.34, for given C1 , C3 and λ, the delocalization is determined by q, meaning

that the delocalization distance for each spatial frequency is di�erent. Since the gradient

of χ (q) is proportional to the oscillation speed of sin 2πχ (q), the faster the phase contrast

transfer function oscillates, the more the atomic columns are displaced from their true

locations. As shown in Fig. 2.9, under Scherzer defocus, the oscillation of the phase

contrast transfer function is suppressed within the passband thus the delocalization e�ect

is not apparent. However, between qSch and qmax, the spatial frequencies are severely

delocalized due to the rapid oscillating contrast transfer function. Therefore, apart from

contrast reversals, for an uncorrected microscope equipped with a FEG source, image

delocalization imposes another limitation on the interpretability of HRTEM images.

Lichte proposed an optimum defocus, i.e., Lichte defocus of least confusion,

C1,Lichte = −3

4
C3λ

2q2
max, (2.35)

which minimizes image delocalization over the entire spatial frequency range up to in-

formation limit [67]. But due to the absence of a �at passband under Lichte defocus,

its application is limited only to electron holography, where the structural information

can be reconstructed from holograms using post image processing. For high-resolution

imaging in an uncorrected microscope, only Scherzer defocus is suitable despite image

delocalization.
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In summary, the employment of FEG in uncorrected microscopes substantially en-

hances the information transfer. However, the rapid oscillation of the contrast transfer

function between qSch and qmax gives rise to two fundamental limitations, namely, con-

trast reversal and image delocalization, on the interpretation of HRTEM images. In order

to take advantage of the enhanced information transfer, it is necessary to eliminate the

discrepancy between qSch and qmax such that the �at passband can be extended to the

information limit. Based on Eq. 2.32, we see that, for a given acceleration voltage, this

goal can be achieved only if the spherical aberration can be corrected, i.e., C3 → 0.

Fortunately, with the realization of the hexapole spherical-aberration-corrector in-

vented by Rose and Haider [68, 69], correcting C3 has become feasible on modern aberration-

corrected microscopes, which increases the point resolution of the microscope up to its

information limit. The elegant theories of aberration correction as well as the working

principles of aberration corrector are elaborated in the following book authored by Rose

[70]:

� Rose, H. Geometrical Charged-Particle Optics (Springer-Verlag: Berlin Heidelberg,

2009)

In the next section, we will focus mainly on the bene�ts brought by the aberration cor-

rection to atomic-resolution HRTEM imaging.

2.4 Aberration-Corrected HRTEM Imaging

In an uncorrected TEM, the value of the 3rd-order spherical aberration coe�cient C3 is

in the range of 0.5-1.5mm depending on the design of the objective lens. Due to the

dominant e�ect of C3 on the wave aberration function, in Eq. 2.21, only C1 and C3 are

taken into account. In a spherical-aberration-corrected microscope, C3 becomes a free

parameter which can be tuned via the hexapole C3-corrector. When C3 is corrected, i.e.,

C3 → 0, the e�ects of other aberrations are no longer negligible. Therefore, the wave

aberration function needs to be replaced by its general form. Considering all geometrical

axial aberrations up to 5th-order, the wave aberration function is given by a polynomial

series [69]:
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Aberration Symbol

2-fold astigmatism A1

Defocus C1

3-fold astigmatism A2

2nd-order coma B2

4-fold astigmatism A3

3rd-order spherical aberration C3

3rd-order star aberration S3

5-fold astigmatism A4

4th-order coma B4

3-lobe aberration D4

6-fold astigmatism A5

5th-order spherical aberration C5

5th-order star aberration S5

Rosette aberration R5

Table 2.1: List of geometrical axial aberrations up to 5th-order.

χ (q, φ) = 1
2
A1λq

2 cos [2 (φ− φA1)] + 1
2
C1λq

2

+1
3
A2λ

2q3 cos [3 (φ− φA2)] +B2λ
2q3 cos (φ− φB2)

+1
4
A3λ

3q4 cos [4 (φ− φA3)] + 1
4
C3λ

3q4 + S3λ
3q4 cos [2 (φ− φS3)]

+1
5
A4λ

3q4 cos [5 (φ− φA4)] +B4λ
4q5 cos (φ− φB4) +D4λ

4q5 cos [3 (φ− φD4)]

+1
6
A5λ

5q6 cos [6 (φ− φA5)] + 1
6
C5λ

5q6 + S5λ
5q6 cos [2 (φ− φS5)]

+R5λ
5q6 cos [4 (φ− φR5)] + . . .

.

(2.36)

The aberration symbols are explained in Table 2.1. As shown in Eq. 2.36, C1, C3 and

C5 are isotropic aberrations meaning that phase shifts induced by these aberrations are

independent of the azimuth angle in the back-focal plane. Whereas other aberrations are

anisotropic and their azimuth-angle-dependence is indicated by the cosine terms. And

φχ in each cosine term denotes the initial rotation angle of the corresponding aberration.

The two-dimensional phase contrast transfer function sin 2πχ (q) of each geometrical axial

aberration is plotted in Fig. 2.10.

In an aberration-corrected microscope, in order to eliminate the deleterious e�ects

of lens aberrations, it is necessary to �rstly measure them. The measurement of the

geometrical axial aberrations is typically carried out by using the Zemlin-tableau method

[72], in which a series of di�ractograms from an amorphous specimen is recorded under

de�ned tilted illuminations. This method is based on the fact that the di�ractogram

of an amorphous specimen is directly related to the modulus of the contrast transfer
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Fig. 2.10: Two-dimensional phase contrast transfer function sin 2πχ(q) for each geometrical axial aber-
ration. The initial rotation angle φχ is set to zero [71].
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function sin 2πχ (q), and the e�ects of axial aberrations increase with the illumination tilt

angle. Therefore, by comparing the di�ractograms recorded at di�erent illumination tilt

angles, the aberration coe�cients can be retrieved by least-square �tting [69]. Once the

aberrations are quantitatively determined, the geometrical axial aberrations are corrected

by the compensating electromagnetic �elds provided by the multipole elements within the

corrector [70]. The measurement-correction procedure is then conducted iteratively until

the lens aberrations are minimized.

As previously discussed, for phase contrast HRTEM imaging, the phase modulation

contained in the exit-plane wave is translated into amplitude modulation, i.e., image

contrast, only if the wave aberration function is �nite (χ (q) 6= 0). In an aberration-

corrected microscope, if all geometrical aberrations are adjusted to zero, i.e., χ (q) = 0, the

phase contrast imaging is no longer feasible, and the image contrast of a weak-phase object

becomes zero. As a result, in order to convert the phase modulation in the exit-plane wave

into image contrast, it is necessary to maintain some of the geometrical aberrations to

�nite values. As shown in Eq. 2.36 and Fig. 2.10, phase contrast is transferred as long

as any of the geometrical aberrations is �nite. However, the particular symmetries of

the anisotropic aberrations give rise to azimuth-angle-dependent transfer functions. It

is therefore advantageous to optimize the phase contrast transfer function by suitably

adjusting the isotropic aberrations, i.e., C1, C3 and C5, to �nite values. Meanwhile, the

anisotropic aberrations should be minimized.

In this work, the HRTEM imaging was conducted on a FEI Titan 80-300 operated at

300 kV. The microscope is equipped which a hexapole aberration-corrector which corrects

the geometrical axial aberrations up to the 3rd-order. The 5th-order spherical aberration

C5, however, is a �xed constant and can not be adjusted. Consequently, the optimization

of the phase contrast transfer function on the 3rd-order-corrected microscope requires

the proper adjustment of C1 and C3 such that, together with the �xed C5, the contrast

transfer can be maximized over a large range of spatial frequencies.

Assuming that the anisotropic terms in Eq. 2.36 are su�ciently small, the wave aber-

ration function in two-dimension is then given by [73]

χ (q1, q2) =
1

2
C1λ

(
q2

1 + q2
2

)
+

1

4
C3λ

3
(
q2

1 + q2
2

)2
+

1

6
C5λ

5
(
q2

1 + q2
2

)3
. (2.37)

In order to maximize the phase image contrast, the two-dimensional phase contrast trans-

fer function sin 2πχ (q1, q2) should adopt the value of 1, i.e., χ (q1, q2) → 1/4, up to the

information limit qmax. By least-squares �tting

¨ ∣∣∣∣χ (q1, q2)− 1

4

∣∣∣∣2 dq1dq2 → min, (2.38)
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Fig. 2.11: Optimized sin 2πχ (q) and sin 2πχ (q)Etc (q)Esc (q) for a C3-corrected 300 kV microscope with
qmax = 1/0.07 nm−1 and C5 = 4mm. 3rd-order spherical aberration coe�cient C3 = -13 μm, defocus C1=
5.3 nm, chromatic focal spread δ = 1.6 nm, half convergence angle α = 0.5mrad.

Lentzen proposed the optimum C1 and C3 values for the phase contrast imaging in a

3rd-order-corrected microscope [73]:

C1,Lentzen =
2

λq2
max

+
2

15
C5λ

4q4
max, (2.39)

C3,Lentzen = − 10

3λ3q4
max

− 8

9
C5λ

2q2
max. (2.40)

Similar to compensating the �xed positive C3 by using a negative C1 in an uncorrected

microscope (section 2.3.4), the positive C5 in a 3rd-order-corrected microscope is balanced

by using a negative C3, which is the basis of the negative spherical aberration imag-

ing technique [74]. For a 300 kV C3-corrected microscope with qmax = 14.3 nm−1 (i.e.,

1/0.07 nm−1) and C5 = 4mm, the optimum C1 and C3 are 5.3 nm and -13µm, respectively.

The calculated sin 2πχ (q) and phase contrast transfer function sin 2πχ (q)Etc (q)Esc (q)

are shown in Fig. 2.11. By using the optimized C1 and C3, the intersection of sin 2πχ (q)

with the q-axis lies beyond the information limit (Fig. 2.11a). As a result, the passband

of the phase contrast function is extended up to qmax (Fig. 2.11b). All spatial frequencies

are transferred with negative phase contrast giving rise to bright atomic columns on a

dark background.

For an aberration-corrected microscope, the damping envelope Esc (q) caused by par-

tial spatial is given by

Esc (q) = exp

{
−
(πα
λ

)2
[
∂χ (q)

∂q

]2
}

(2.41)

where χ (q) has the general form presented in Eq. 2.36. As shown in Fig. 2.11a, the

optimization of the phase contrast transfer function gives rise to a broad and �at pass-
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band. Since the gradient of the wave aberration function is proportional to the oscillation

speed of sin 2πχ (q), the ∂χ (q) /∂q term in Eq. 2.41 is signi�cantly reduced as a result of

aberration correction. Thus, for a C3-corrected microscope, the partial spatial coherence

barely limits the information transfer (indicated by the green curve in Fig. 2.11b). It is

the partial temporal coherence which imposes the limit on the information transfer (in-

dicated by the blue curve in Fig. 2.11b). Setting Eq. 2.24 to e−2 yields the information

limit determined by the envelope function Etc (q),

qmax, tc =

√
2

πδλ
, (2.42)

where

δ = Cc

√(
4E
E

)2

+

(
4Vacc
Vacc

)2

+ 4

(
4Iobj
Iobj

)2

(2.43)

is the chromatic focal spread which is dependent on the chromatic aberration, energy

spread of the electron source, and instabilities of the acceleration voltage and the objective

lens current. For microscopes operating at medium acceleration voltages (200-300 kV), the

information limit imposed by the partial temporal coherence is still su�cient for atomic-

resolution imaging due to the relatively shorter wavelength of the incident electron. For

instance, the focal spread δ of the FEI Titan 80-300 microscope used in this work is 2 nm.

And when operating at 300 kV, the electron wavelength λ is 1.97 pm. The corresponding

information limit derived by Eq. 2.42 is 12.7 nm−1, providing a resolution of 79 pm which

is adequate to resolve the atomic column spacing in most materials.

Although atomic resolution is readily achievable in aberration-corrected microscopes,

the HRTEM imaging of specimens consisting of light elements, such as carbon materials,

oxides, and polymers, is often hampered by the electron irradiation damage. In order to

preserve the pristine structure of such beam sensitive materials, lower acceleration voltages

(20-80 kV) need to be applied [75]. However, reducing the electron energy increases the

wavelength λ in Eq. 2.42 thus deteriorating the information transfer. As a result, even

with spherical aberration correction, low-voltage atomic-resolution imaging is thwarted

due to the reduced information limit qmax, tc [76]. Therefore, to achieve atomic resolution

under low voltage, it is necessary to decrease the chromatic focal spread δ.

There are two approaches to minimize δ. The �rst approach employs an electron

monochromator below the electron gun which reduces the energy spread 4E of the inci-

dent electron beam [77]. But, for HRTEM imaging, this method has its intrinsic limitation

due to the following reason. As shown in Fig. 2.3d, the resolution deterioration due to

partial temporal coherence is essentially caused the superposition of images which are

formed by electrons with di�erent energies. Even if the energy spread of the incident
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electron beam is minimized by the monochromator, the electrons still undergo inelastic

scattering when transmitting the specimen. Both elastically and inelastically scattered

electrons contribute to the �nal image, causing a image blur due to the chromatic aberra-

tion of the objective lens. Moreover, the inelastic scattering cross-section increases with

decreasing electron energy. Therefore, the application of an electron monochromator is

mainly limited to medium acceleration voltages (200-300 kV) [77, 78]. For low-voltage

imaging, however, an alternative strategy, namely, chromatic aberration correction, needs

to be applied [76]. As shown in Eq. 2.42 and Eq. 2.43, the limiting e�ect of the partial

temporal coherence can be eliminated if Cc is corrected (i.e., Cc → 0). The chromatic

aberration corrector is placed below the objective lens focusing both elastically and in-

elastically scattered electrons onto the same Gaussian image plane.

Under the frame of the Sub-Angstrom Low-Voltage Electron Microscopy (SALVE)

project, which is led by Kaiser in Ulm University, a novel Cs/Cc corrector has been

developed [79].3 Based on the proposal of Rose [68, 76], the corrector consists of a

quadrupole-octupole-design enabling simultaneous correction of both spherical aberration

(up to 5th-order) and chromatic aberration in the range of 20-80 kV [80]. The chromatic

aberration correction signi�cantly enhances the information transfer under low voltages.

For instance, in the Cs-and-Cc-corrected microscope operating at 30 kV, the resolution

has reached 115 pm [80], which is better than that of a Cs-corrected microscope operating

at 80 kV (120 pm).

In summary, the fundamental goal of aberration-corrected phase contrast imaging is

to optimize the phase contrast transfer function by properly adjusting the isotropic ge-

ometrical aberrations (C1, C3, C5), such that all spatial frequencies are transferred by a

broad passband up to the information limit. For a Cs-corrected microscope, the informa-

tion transfer is limited by the damping envelope function Etc (q). At medium voltages

(200-300 kV), the resolution determined by partial temporal coherence is still su�cient to

resolve the atomic column spacing in most materials. For atomic-resolution imaging under

lower voltages (20-80 kV), however, the deleterious e�ects of partial temporal coherence

needs to be eliminated by chromatic aberration correction.

2.5 HRTEM Image Simulation

As previously discussed, a HRTEM image is, in essence, an interference pattern which

is derived by the convolution between the exit-plane wave and the microscope transfer

function. In order to directly interpret the HRTEM images, two prerequisites are nec-

essary. Firstly, the specimen should ful�ll the weak-phase object approximation so that

the exit-plane wave is linearly related to the projected crystal structure (section 2.2).

3Here, Cs is the general notation for spherical aberrations of all orders.
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Fig. 2.12: Schematic of multi-slice method. a The 3D crystal is divided into a stack of slices, onto
which the inter-atomic potential is projected. b The incident electrons are scattered at the �rst slice,
and subsequently propagate in vacuum to the next slice, where scattering occurs again. The scatter-
propagation process is repeatedly carried out till the exit plane of the specimen.

Secondly, the phase contrast transfer function should be optimized such that all spatial

frequencies are transferred by a �at passband up to the information limit (section 2.3 and

section 2.4).

With the employment of aberration correction, the second requirement is readily

achievable on modern microscopes. The weak-phase object approximation, however, can

be applied only to very thin specimens consisting of light elements. With the increase of

sample thickness and/or the presence of heavy elements, the weak-phase object approxi-

mation fails. In this case, the incident electrons interact strongly with the inter-atomic po-

tential and are scattered multiple times, i.e., dynamical scattering, before exiting the spec-

imen. Due to dynamical scattering, the exit-plane wave consists of thickness-dependent

amplitude and phase modulations, and is no longer directly related to the crystal struc-

ture. As a result, in order to correctly interpret the experimental HRTEM image, it is

necessary to perform image simulation which takes into account the e�ects of dynamical

scattering, such that, by comparing the simulated image with the experimental one, the

atomic structure of the crystal can be unambiguous determined. In this section, we will

brie�y introduce the so-called multislice method, which incorporates dynamic scattering

theory into HRTEM image calculation [81].

The image simulation procedure based on multi-slice method is described as follows.

1. Calculation of the exit-plane wave ψep (r). In this step, we �rst select an atomic

model of the specimen being investigated. The interaction between the incident electron

wave and the theoretical inter-atomic potential is then calculated using the multi-slice

approach. As shown in Fig. 2.12a, the 3D crystal is �rst divided into a stack of equal-

thickness slices which are parallel to the specimen surface. Then the 3D crystal is simpli-

�ed by projecting the inter-atomic potential of each atom onto the nearest slice surface.
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When transmitting the specimen, the electron wave �rst interacts with the projected 2D

potential at the top slice, undergoing phase and amplitude modulations. Subsequently,

the electron wave propagates in vacuum till the next slice where it is scattered again.

The scattering-and-propagation process is repeatedly carried out till the exit plane of the

specimen, yielding the exit-plane wave ψep (r). Note that in HRTEM experiments, the

specimen is observed in projection, therefore, the sample thickness is unknown and needs

to be taken as a variable when calculating the exit-plane wave.

2. Calculation of the image wave ψim (r). In this step, the e�ects of the transfer

function T (q) are applied to the exit-plane wave ψep (r). It is equivalent as propagating

ψep (r) to the image plane of a virtual microscope. The simulated image intensity Iim (r)

is simply given by the squared modulus of ψim (r). As shown in previous sections, the

transfer function is determined by the wave aberration function χ (q), i.e., lens aberration

coe�cients, as well as the damping envelopes Etc (q)Esc (q). In order to obtain meaningful

results in image simulation, the microscope parameters that are applied in the calculation

should be as close to the experimental values as possible. On an aberration-corrected

microscope, the lens aberration coe�cients can be precisely measured using the Zemlin-

tableau method (section 2.4). However, the defocus value, at which the experimental

image is acquired, is dependent on the choice of the operator. Therefore, defocus is con-

sidered as a variable as well. The speci�cations on partial temporal and spatial coherence

are typically provided by the microscope manufacturer.

2.6 Scanning Transmission Electron Microscopy

So far, we have elaborated the fundamentals of HRTEM imaging, where the specimen

is illuminated by a parallel broad beam. In this section, we will brie�y introduce an-

other commonly used imaging mode in TEM, namely, scanning transmission electron

microscopy (STEM).

Figure 2.13 shows the schematic of the image formation under STEM mode. The elec-

trons emitted from the electron source are converged to a small spot, forming an electron

probe which scans the specimen in a raster. When transmitting the specimen, some of

incident electrons are scattered, elastically and inelastically, by the crystal. The trans-

mitted electrons are subsequently collected by the circular detectors which are positioned

below the specimen. By synchronizing the detected intensity with the probe position,

a two-dimensional STEM can be obtained. Depending on the size and position of the

detector, STEM imaging o�ers various information about the specimen.
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Fig. 2.13: Schematic of the STEM image formation. The convergent semi-angle of the incident electron
cone is denoted by α. And β represents the collection semi-angle of the detector. The ABF detector is
described by a single collection semi-angle, whereas the ADF and HAADF detectors are characterized by
the inner and outer collection semi-angles, i.e., β1 and β2.

The scattered electrons which exit the specimen at high angles are collected by the

ring-shaped high-angle annular dark-�eld (HAADF) detector. The collection semi-angle

ranges typically from β1 ∼ 50mrad to β2 ∼ 200mrad. Since the convergent semi-angle

α of the incident electron beam is normally below 25mrad, in the absence of electron

scattering, the incident electrons pass though the circular opening of the HAADF detector

and no signal is received. When the probe is positioned on an atomic column, some of
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the incident electrons are scattered to high angles, and are subsequently captured by the

HAADF detector giving rise to bright atom contrast. Due to the high angular range of

the HAADF detector, the image intensity is dominated by the inelastic scattering at the

atomic nuclei. Therefore, the HAADF image essentially re�ects the scattering power, i.e.,

atomic number Z and thickness, of the specimen area which is being probed. Under the

assumption of constant sample thickness, the image contrast is proportional to Z1.6−1.8

allowing direct interpretation of the HAADF image.

Although HAADF STEM has been successful employed for structural characterization

in the last decades, its application is only limited to materials composed of heavy elements.

For specimens composed of light elements, due to the weak scattering at high angles, the

contrast in HAADF image is negligibly small. This problem can be circumvented by using

a disk-shaped annular bright-�eld (ABF) detector. The collection semi-angle β of the ABF

detector is the same as the probe convergence semi-angle α (i.e.,< 25mrad). When there

is no electron scattering, the ABF detector collects the total beam current. And when the

probe scans over an atomic column, some of the incident electrons are scattered to angles

beyond β thus reducing the beam current received by the ABF detector. As a result,

both light elements and heavy elements appear dark on a bright background. And the

larger the atomic number, the higher the contrast. Alternatively, a ring-shaped annular

dark-�eld (ADF) detector can be used to collect the elastically and inelastically scattered

electrons at a medium angle range (β1 ∼ 25mrad and β2 ∼ 50mrad). The ABF and ADF

imaging o�er complementary results and both have been applied for the investigation of

light-element materials.

When combined with energy-dispersive X-ray (EDX) spectroscopy, STEM imaging

o�ers the capability to determine the chemical composition of the specimen. As shown in

Fig. 2.13, when the electron probe is focused on the specimen, the high energy electron

irradiation gives rise to the emission of characteristic X-ray from the elements within

the probed area. By analyzing the characteristic X-ray at each probe position, a two-

dimensional chemical map can be obtained.



d

This page intentionally left blank



Chapter 3

Material Systems

3.1 Epitaxial-Strained Short-Period RNiO3/RMO3 Su-

perlattices

ABO3 perovskites have been intensively investigated in the last decades due to the vast

variety of physical properties they exhibit. They cover a broad spectrum of electrical

conductivity ranging from insulating, through semiconducting, to metallic or even su-

perconducting. The electronic structure of some ABO3 can be well described using the

conventional band theory, in which electron-electron repulsion is neglected and the elec-

trons in conduction band are delocalized. However, the conventional band theory fails to

explain why some perovskites with partially �lled d -band are actually insulators. In this

case, a di�erent model, namely, Hubbard model has to be applied [33, 82]. The Hubbard

model takes into account the strong electron-electron Coulomb repulsion, i.e., electron

correlation. The election hopping between neighboring lattice sites is now met with an

energy barrier caused by the repulsion of two electrons in the same orbital, as a result,

the d electrons become localized on lattice sites causing an insulating state, i.e., Mott

insulator [83]. In terms of magnetic properties, all types of magnetism can be found in

the perovskite family, including dia-, para-, ferro-, ferri- and antiferromagnetism. Fur-

thermore, the existence of magnetic ordering is, in most of the cases, closely related to

the d electron localization [33].

Figure 3.1a illustrates the archetype structure of ABO3 perovskites with simple cubic

symmetry (space group Pm3m). The A-site cations are located at the vertices of the

primitive cubic unit cell. The B-site cation is at the center surrounded by six oxygen

anions forming a BO6 octahedron, which is the basic building block of ABO3 perovskites.

The ideal cubic symmetry, however, is only present in a few materials, e.g, SrTiO3. In

most of the ABO3 perovskites, the BO6 octahedron rotates about the Cartesian axes

leading to a reduction of the crystal symmetry (Fig. 3.1b). Due to the electron correlation

33
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Fig. 3.1: a Archetype cubic structure of ABO3 perovskites. b Rotation of the BO6 octahedron about
three Cartesian axes.

Fig. 3.2: Under spherical potential, the �ve 3d orbitals of Ni are degenerate. Under octahedral potential,
due to the di�erent symmetry of the 3d orbitals, the �ve-fold degeneracy is lifted, giving rise to two-fold
degenerate eg orbitals (dx2-y2 and d3z2-r2) and three-fold degenerate t2g orbitals (dxy, dyz and dxz).

between the transition metal d orbitals and oxygen p orbitals, the magnetic and electronic

states of ABO3 perovskites are strongly coupled to the B-O-B bond angles and B-O bond

lengths. Therefore, manipulation of the BO6 octahedral rotations and distortions o�ers a

promising route to tailoring the material properties in a controllable way. RNiO3/RMO3

In 2008, Chaloupka and Khaliullin proposed that, by altering the Ni-O bond lengths,

the electronic structure ofRNiO3 embedded inRNiO3/RMO3 superlatticesR = rare earth

cation such as La and Pr,M = trivalent cation such as Ga and Al) can be manipulated to

match that of cuprate high-Tc superconductors (YBa2Cu3O7) [4]. As shown in Fig. 3.2,

when a single Ni atom is under a spherical potential, the 3d orbitals i.e., d3z2-r2 , dx2-y2 ,

dxy, dyz and dxz, are �ve-fold degenerate. In RNiO3, the Ni3+ cation is surrounded by six

oxygen anions, forming a NiO6 octahedron. Due to the fact that the d3z2-r2 and dx2-y2

orbitals possess lobes pointing directly towards the oxygen anions, under the octahedral

crystal �eld, the �ve-fold degenerate 3d orbitals are split into two-fold degenerate eg
orbitals (dx2-y2 and d3z2-r2) and three-fold degenerate t2g orbitals (dxy, dyz and dxz). In
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Fig. 3.3: eg orbital polarization in RNiO3 due to octahedral distortion under tensile strain.

bulk LaNiO3, the electron con�guration is t62ge
1
g with the single eg electron occupying either

dx2-y2 or d3z2-r2 orbital. However, in high-Tc superconducting cuprates (Cu3+, t62ge
3
g), the

degeneracy of the eg orbitals is lifted and the conduction electrons occupy exclusively the

planar dx2-y2 orbital. In order to turn the Fermi surface of RNiO3 into cuprate-like, it

is necessary to lift the two-fold degeneracy of the eg orbitals. To this end, short-period

RNiO3/RMO3 superlattices are epitaxially grown on tensile-strain-inducing substrates,

i.e., SrTiO3. Due to the tensile strain, the in-plane Ni-O bond lengths are increased

whereas the out-of-plane ones are reduced, lowering the energy of the planar dx2-y2 orbital

(Fig. 3.3). Therefore, the single eg electron of LaNiO3 is localized in the planar dx2-y2

orbital resulting in the so-called orbital polarization, which is further supported by the

wide-gap insulating RMO3 layers that block the inter-layer electron hopping through

quantum con�nement.

However, as mentioned in Chapter 1, epitaxial strain not only results in octahedral

distortions (i.e., change of B-O bond lengths) but also modi�es the BO6 rotational mag-

nitudes (i.e., change of B-O-B bond angles) [14�30]. It has been reported that in epitaxial

LaNiO3 thin �lms, tensile strain enhances the NiO6 rotations about the [100] and [010]

axes and suppresses the [001] rotation,1 whereas compressive strain enhances the [001] ro-

tation and suppresses the [100] and [010] rotations (Fig. 3.4) [14, 16�18, 29, 30]. Moreover,

in short-period RNiO3/RMO3 superlattices, the octahedral rotations in each constituent

layer are not only a�ected by their individual response to epitaxial strain but also con-

strained by octahedral connectivity at every heterointerface [21�30]. As shown in Fig. 3.5,

when ABO3 perovskites with di�erent octahedral rotation patterns and angles form a het-

erostructure, the BO6 octahedra have to be connected by the apical oxygen ions at the

interface. Due to this geometrical constraint, structural reconstructions occur in one or

1�[001] rotation� is the shorthand for �octahedral rotation about the [001] axis�. In this dissertation,
the two expressions are equivalent.
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Fig. 3.4: Octahedral distortions and rotations induced by epitaxial strain. In epitaxial LaNiO3 thin
�lms, tensile strain not only increases the in-plane Ni-O bond lengths but also enhances the NiO6 rotations
about the [100] and [010] axes, whereas compressive strain increases the out-of-plane Ni-O bond lengths
and enhances the [001] rotation. For simplicity, the La cations have been neglected.

Fig. 3.5: Schematic of octahedral connectivity at heterointerface. Each bulk ABO3 perovskite possesses
its very own octahedral rotation pattern and angles. At the heterointerface, the BO6 octahedra have to be
connected by the apical oxygen ions (indicated by the red circles). The accommodation of the mismatch
in octahedral rotation patterns and angles gives rise to structural reconstructions in the vicinity of the
heterointerface.
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Fig. 3.6: Periodic structure of the [(4 u.c.//4 u.c.)×8] and [(1 u.c.//4 u.c.)×13] LaNiO3/LaGaO3

superlattices deposited on SrTiO3 substrates.

both materials in the vicinity of the heterointerface, leading to modi�cations of the BO6

rotations. In ABO3 thin �lms, the e�ect of octahedral connectivity is insigni�cant due to

its limited range, which is typically less than 10 unit cells [21�30]. But, in short-period

RNiO3/RMO3 superlattices, due to the presence of a heterointerface after every few unit

cells, interfacial octahedral connectivity could play a dominant role in determining the

local Ni-O bond lengths and Ni-O-Ni bond angles.

In order to elucidate the e�ect of octahedral connectivity in short-periodRNiO3/RMO3

superlattices, two sets of specimens, namely, [(4 u.c.//4 u.c.)×8] and [(1 u.c.//4 u.c.)×13]
LaNiO3/LaGaO3 superlattices (Fig. 3.6), have been investigated. The LaNiO3/LaGaO3

superlattices were grown on (001) SrTiO3 substrates by pulsed laser deposition [9]. For the

[(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3 sample, 4 unit cells of LaNiO3 were �rst deposited

followed by 4 unit cells of LaGaO3, the bilayer structure was repeated 8 times. For the [(1

u.c.//4 u.c.)×13] LaNiO3/LaGaO3 sample, the thickness of LaNiO3 was reduced to 1 unit

cell and the bilayer structure was repeated 13 times. Before the deposition, the SrTiO3

substrates were wet-chemical etched and subsequently annealed in oxygen atmosphere to

achieve the TiO2 termination.

In the next section, we will �rst introduce the general notations which are used to

systematically describe the octahedral rotations in ABO3 perovskites.
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3.2 Goldschmidt Tolerance Factor and Glazer Notation

Fig. 3.7: Atomic structures of SrTiO3 (t = 1, cubic), LaNiO3 (t = 0.97, rhombohedral), and LaGaO3(t =
0.95, orthorhombic).

The ideal cubic symmetry (Fig. 3.1a) is only present in a few ABO3 perovskites, e.g,

SrTiO3. In most materials, the crystal symmetry is reduced through the BO6 octahedral

rotations about the Cartesian axes (Fig. 3.1b). The deviation from the ideal cubic sym-

metry can be predicted using the Goldschmidt criterion [84]. Based on simple geometry

and ionic radii of the component elements, Goldschmidt de�ned a tolerance factor t which

is given by

t =
rA + rO√
2(rB + rO)

(3.1)

where rA, rB and rO are the ionic radii of A-site, B-site and oxygen ions, respectively.

According to Goldschmidt, only materials with a tolerance factor close to 1 adopt the

ideal cubic symmetry. When t is smaller than 1, i.e., the A-site cation becomes smaller

and/or the B-site cation becomes larger, the BO6 octahedron will rotate to �ll in the

space resulting in a rhombohedral or orthorhombic symmetry. In addition, the perovskite

structure (cubic or distorted) is stable only when 0.71 < t < 1. Outside this range,

non-ABO3 structures are formed. Figure 3.7 shows the atomic structures of SrTiO3

(t = 1, cubic), LaNiO3 (t = 0.97, rhombohedral), and LaGaO3(t = 0.95, orthorhombic),

where octahedral rotations are present in the latter two compounds [3, 85, 86]. Since

all BO6 octahedra are connected by the apical and equatorial oxygen anions, the BO6

building blocks rotate collectively forming a rotated octahedral network. Despite the

lower symmetry in rhombohedral and orthorhombic systems as compared to cubic one,

the deviation is relatively small. Therefore, when describing the lattice structure, it is

convenient to use the pseudocubic unit cell instead of the rhombohedral or orthorhombic

ones.

Although the tolerance factor is a good indication for the presence of octahedral rota-
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Fig. 3.8: Explanation of the Glazer notation. a The rotational angles about the [100], [010] and [001]
axes are expressed by angle α, β and γ, receptively. b Along a certain axis, when neighboring octahedra
rotate towards the same direction, the rotation is in-phase. When neighboring octahedra rotate towards
opposite directions, the rotation is out-of-phase.

tions in ABO3 perovskites, it has certain drawbacks. First, the tolerance factor is based

on the assumption that the bonding in perovskites is purely ionic, therefore, it only o�ers

a good estimation for perovskites composed of highly ionic B-O bonds. However, in many

ABO3 perovskites, the overlapping between B-cation d orbitals with the oxygen p orbitals

induces a covalent nature in the B-O bonds, leading to inaccuracy in the predictions based

on t. Second, the Goldschmidt tolerance factor does not provide any information on the

rotation pattern of the octahedral network.

In order to systematically describe the collective rotations of the BO6 network, Glazer

classi�ed 15 di�erent rotation patterns based on the nearly-rigid octahedron model and

denoted the patterns using the so-called Glazer notation [87]. In Glazer notation, the oc-

tahedral rotation pattern is written as a∗b∗c∗. The sequence of letters corresponds to rota-

tions about the cubic or pseudocubic [100], [010] and [001] axes, respectively (Fig. 3.8a).

The rotational magnitude about each axis is expressed by angle α, β or γ. When all

three angle are identical, the pattern is denoted as aaa, whereas the pattern is abc when

all three angles are distinct. The superscript ∗ (∗ = +,− or 0 ) describes the rotation

sense of adjacent octahedra along the corresponding axis (Fig. 3.8b). When neighboring

octahedra rotate towards the same direction, it is called in-phase rotation and denoted by

the superscript (+). Otherwise, the rotation is out-of-phase, i.e., superscript (−). In the

absence of octahedral rotations, the superscript is 0. As shown in Fig. 3.7, bulk SrTiO3
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has an a0a0a0 pattern which lacks octahedral rotations (α = β = γ = 0◦) [85], bulk

LaNiO3 has an a−a−a− rotation pattern with α = β = γ = 5.2◦ [3], and bulk LaGaO3

has an a−a−c+ rotation pattern with α = β = 6.17◦ and γ = 6.22◦ [86].

3.3 Observation of Octahedral Rotations in [110] Pro-

jection

Fig. 3.9: a Simulated 300 kV AC-HRTEM images of a LaNiO3/LaGaO3 superlattice in [100] projection.
Image simulation was performed using the following parameters: spherical aberration coe�cient C3 =

−15 μm, defocus C1 = +5nm (i.e., overfocus), sample thickness t = 10nm, two-fold astigmatism A1 =

0.5 nm, three-fold astigmatism A2 = 30nm, coma B2 = 30 nm, beam convergence angle 0.3mrad and
chromatic focal spread δ = 2 nm. The atomic model is overlaid on the simulated image. The oxygen
projections are slightly separated as a result of octahedral rotations. b Experimental 300 kV AC-HRTEM
image in [100] projection. The simulated image is inserted in the lower-left corner. The separation of the
oxygen anion projections can not be resolved. No information of the octahedral rotation can be obtained.

It has been reported that, for LaNiO3 thin �lms and LaNiO3-based superlattices grown on

(001) SrTiO3, LaNiO3 adopts an a−a−c− rotation pattern as a result of identical tensile

strain along the [100] and [010] directions (aLaNiO3,pseudocubic = 3.838Å, aLaGaO3,pseudocubic =

3.892Å, aSrTiO3,cubic = 3.905Å) [14, 16�18, 29, 30]. For AC-HRTEM, however, the ob-

servation of out-of-phase octahedral rotations in [100] and [010] projections is extremely

di�cult. As shown in Fig. 3.9a, due to the out-of-phase octahedral rotations about the

[100] axis, the oxygen anion projections are slightly separated, but, the separation is too

small to be resolved by the TEM. Therefore, in the experimental AC-HRTEM image

(Fig. 3.9b), a cubic structure is observed. No information about the octahedral rota-

tions can be extracted. Moreover, it is di�cult to distinguish the LaO layers from the

BO2 ones (B = Ni/Ga) due to the cubic symmetry. Therefore, we have prepared the

cross-sectional TEM specimens in [110] projection from which octahedral rotations can

be readily investigated.

Fig. 3.10 shows the simulated [110] AC-HRTEM images of bulk LaNiO3, LaGaO3,

and SrTiO3. In [110] projection, LaO layers and BO2 layers can be clearly distinguished.
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Fig. 3.10: a�c Atomic models of bulk LaNiO3,LaGaO3 and SrTiO3. d�f Simulated 300 kV AC-HRTEM
images of bulk LaNiO3,LaGaO3 and SrTiO3 in [110] projection. Image simulation was performed using the
following parameters: spherical aberration coe�cient C3 = −15 μm, defocus C1 = +5nm (i.e., overfocus),
sample thickness t = 5nm, two-fold astigmatism A1 = 1nm, three-fold astigmatism A2 = 50nm, coma
B2 = 30 nm, beam convergence angle 0.3mrad and chromatic focal spread δ = 2 nm. θ, d001 and d1̄10 in
d indicate the structural parameters that can be measured from the AC-HRTEM images.
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Due to the BO6 (B = Ni/Ga) rotations, equatorial oxygen anions are displaced out of

the horizontal B�B plane, i.e., (001) plane. Therefore, the projected equatorial oxygen

positions are shifted up and down with respect to the B�B line forming zigzags in the

BO2 layers. In order to quantify the octahedral rotations, we have de�ned an angle θ

which measures the angle formed by the equatorial oxygen projections (Fig. 3.10d). The

values of θ in bulk LaNiO3 and LaGaO3 are θbulk LaNiO3 = 7.4◦ and θbulk LaGaO3 = 8.8◦,

respectively [3, 86]. In bulk SrTiO3, due to the lack of octahedral rotations, the oxygen

anion projections are in the Ti�Ti line giving θbulk SrTiO3 = 0◦. Apart from θ, the out-

of-plane lattice parameter d001 and in-plane spacing d1̄10 can be measured from [110]

AC-HRTEM images as well. d1̄10 is related to the in-plane lattice parameters d100 and

d010 through the following equation d100 = d010 =
√

2d1̄10.

As shown in Fig. 3.10, the value of θ is closely correlated to the variation in the octahe-

dral rotational angles, thus providing valuable information on the rotational magnitudes.

However, measuring θ does not allow full characterization of the rotation angles about all

three Cartesian axes. More precisely, θ is mainly determined by the magnitudes of [100]

and [010] rotations, i.e., α and β, but it is insensitive to the magnitude of [001] rotation,

i.e., γ. This is caused by the projection limitation of HRTEM. As already discussed in

Chapter 2, an AC-HRTEM image represents, ideally, the 2-dimensional (2D) projection

of the 3-dimensional (3D) crystalline structure. If the structural variations in the 3D

crystal do not result in detectable changes in its 2D projection, it would be very di�cult

to analyze such variations using AC-HRTEM in this particular projection. Unfortunately,

octahedral rotation about the [001] axis (i.e., the change in γ) is one of these structural

variations. Figure 3.11 shows the [110] projections of four di�erent rotation systems (a)

a0a0a0, α = β = γ = 0◦, (b) a−a−c0 ,α = β = 5◦, γ = 0°, (c) a0a0c−, α = β = 0°,

γ = 5◦and (d) a−a−a− , α = β = γ = 5◦. By comparing Fig. 3.11a and Fig. 3.11b,

we see that [100] and [010] rotations displace the oxygen anions in a direction along the

[001] axis and obviously alter their projected positions, resulting in a substantial change

of θ. However, as shown in Fig. 3.11c, [001] rotation displaces the oxygen anions in a

direction perpendicular to the [001] axis thus having a minor e�ect on the projected an-

gle θ. Furthermore, by comparing Fig. 3.11b and Fig. 3.11d, it is clear that θ remains

almost the same even though γ has been increased from 0° to 5°. The comparisons above

demonstrate that the variation of θ is sensitive only to the changes in α and β. Due to

the limitation imposed by projection, it is extremely di�cult to determine the variation

of γ in [110] AC-HRTEM images by measuring θ.
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Fig. 3.11: [110] projections of four di�erent octahedral rotation systems. a a0a0a0, α = β = γ = 0◦, b
a−a−c0 ,α = β = 5◦,γ = 0°, c a0a0c− , α = β = 0°, γ = 5◦ d a−a−a− , α = β = γ = 5◦.
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Chapter 4

Experimental Methods

In Chapter 2, we have shown that, with the employment of aberration correction, atomic

resolution is readily achievable on modern microscopes. However, successful HRTEM

work is highly dependent on the specimen quality as well. For atomic-resolution imaging,

the specimen should be thin enough such that it can be approximated as a weak-phase

object. In addition, the thin region should be large and �at allowing HRTEM imaging

at di�erent positions. Meanwhile, the pristine crystal structure and composition of the

specimen need to be maintained after sample preparation. It is no exaggeration to state

that when the specimen is poorly prepared, not much useful information can be obtained

even by using the most advanced instrument. Therefore, in section 4.1, we will elaborate

on the TEM sample preparation and its optimization for the RNiO3/RMO3 superlattices.

The experimental details of AC-HRTEM imaging and AC-STEM EDX mapping will be

presented in section 4.2.

4.1 Cross-Sectional TEM Sample Preparation

For heterostructures, such as thin �lms and superlattices deposited on substrates, the

samples need to be observed in cross section such that the structure of each layer, as well

as the interface between di�erent layers, can be investigated. Figure 4.1 shows the main

steps of the cross-sectional preparation method which was developed by Barna et. al. [88].

The preparation can be divided into three main parts, namely, sandwich pre-preparation,

mechanical thinning, and ion milling. The detailed description of each preparation step

is as follows.

1. The sample is cut into 1.6mm-wide stripes by wire sawing, with the cutting direction

parallel to the desired zone-axis.

2. The stripes are glued face-to-face by using M-Bond epoxy. After polymerization at

200 °C for 30min, the epoxy hardens and protects the epitaxial layers during the
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subsequent mechanical thinning and ion milling.

3. The glued stripe is cut into small sandwiches which are approx. 0.5mm wide.

4. The sandwich is mounted in a titanium grid. The grid has a diameter of 3mm and

a rectangular opening which is typically 1mm to 1.3mm wide. By deforming the

two titanium bars with two small screwdrivers, the sandwich is mechanically �xed

in the grid.

5. The grid-sandwich is immersed in a droplet of two-component G2 epoxy. After

hardening at 130 °C for 30min, the G2 epoxy steadily holds the sandwich onto the

titanium grid.

6. The grid-sandwich is ground and polished on both sides using a Bühler Metaserv

2000 grinder down to the thickness of 100-120 μm.

7. Circular concave impression or dimple is introduced in the center of the specimen

using Gatan Dimple Grinder 656. Dimpling is carried out from both sides of the

specimen reducing the center thickness to 5-6 μm.

8. The sample is further thinned by using a Fischione Ion Mill 1010. During ion milling,

Ar+ beams with 4-5 kV energy are focused onto the center of the specimen with an

inclination angle of 9°-10°. The ion milling is performed until a hole appears in the

center of the specimen. The top and side views of the specimen after preparation is

shown in Fig. 4.2.
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Fig. 4.1: Main steps of cross-sectional TEM sample preparation.

Fig. 4.2: Top-view and side-view of the specimen, after ion-milling has been conducted. The red arrow indicates the

direction of the incident electron beam during TEM observation.
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Although ion milling (step 8) has been widely applied in TEM sample preparation in

the last decades, it introduces certain artifacts during the milling process. The artifacts,

including amorphisation, specimen damage, preferential etching, and bending, deterio-

rate the specimen quality thus hindering the high-quality HRTEM imaging of the pristine

crystal structure. In addition, TEM sample preparation for perovskite oxides is particu-

larly challenging due to the strict requirement on specimen thickness, i.e., less than 10 nm

[31, 32]. Next, we will illustrate the typical artifacts in TEM sample preparation and

discuss how specimen quality can be improved through optimization of the preparation

procedure.

Initially, the RNiO3/RMO3 specimens were ground to a thickness of 120 μm (step 6)

and subsequently dimpled from both sides to approx. 5 μm (step 7). The milling volt-

age of the Ar+ beam was maintained at 5 kV. The inclination angle was 10° (step 8).

The relatively high milling voltage and inclination angle ensured fast milling, i.e., the

hole appeared after 2-3 h. However, under such con�gurations, the specimen quality was

unsatisfactory and artifacts were frequently observed. Figure 4.3 illustrates the typical

ion-milling-induced artifacts in our RNiO3/RMO3 specimens. As shown in Fig. 4.3a and

b, ion bombardment results in severe damage to the superlattice, leading to amorphous as

well as polycrystalline defects which hinder the elucidation of the pristine crystal struc-

ture. Figure 4.3c represents the bending contour observed in the electron-transparent

region. Due to the rapid change of crystal orientation within this region, it is extremely

di�cult to align the zone-axis parallel to the incident electron beam. Figure 4.3d was

acquired right next to the hole. Although the crystalline structure of the superlattice

is preserved, the sample is too thick for HRTEM imaging. Fig. 4.3 represents a [110]

HRTEM image of the [(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3 superlattice, demonstrating

the e�ect of preferential etching. The crystalline part in the image is in good agreement

with the projected [110] structure, indicating su�cient thinness and �atness in this region.

However, due to the di�erent milling rate of LaNiO3 and LaGaO3, one component has

been completely sputtered away. The remaining layers are heavily deformed due to the

loss of mechanical support from the neighboring layers.

Despite many trials, the specimen quality remained poor, and high-quality HRTEM

imaging was not possible. As a result, optimization of the cross-sectional TEM sample

preparation procedure had to be carried out.

First of all, the inclination angle during ion milling was reduced to 7° to increase

the area of electron transparency (step 8). However, due to the geometry of the grid-

sandwich (Fig. 4.4a), with lower milling angle, the ion beam is shadowed by the edge of

the dimple, leading to an enormous increase in milling time as well as material transport

from the dimple edge to the center. To combat this problem, the grid-sandwich thickness

was reduced from 120 μm to 60 μm (step 6). Under this con�guration (Fig. 4.4b), the
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Fig. 4.3: Examples of ion-milling-induced artifacts in RNiO3/RMO3 superlattices. The interfaces between the sub-

strate and superlattice are indicated by the red dotted lines. a Amorphisation of the thin region. b The superlattice is

polycrystalline due to ion-bombardment. c Bending contour observed in the thin region. d In the direct vicinity of the

hole, the sample is still too thick for HRTEM imaging. e Preferential etching of one of the components.

Fig. 4.4: a Shadowing of the ion-beam by the edge of the dimple. Ion beam with an inclination angle
smaller that α1 will be blocked. b With reduced grid-sandwich thickness and dimple depth, a lower
milling angle could be applied, i.e., α2 < α1
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Fig. 4.5: Experimental [110] AC-HRTEM images of the [(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3 superlat-
tice, demonstrating the signi�cant improvement of specimen quality after optimization.

dimple depth was only 30 μm such that lower inclination angles could be applied (step

7). Furthermore, in order to reduce ion-bombardment-induced amorphisation, the milling

voltage was decreased to 4 kV (step 8). In addition, the sample stage was cooled by liquid

nitrogen throughout the ion milling process to improve the crystal stability under ion

irradiation (step 8).

Figure 4.5 shows high-quality AC-HRTEM images of the 4 u.c.//4 u.c. LaNiO3/LaGaO3

superlattice. The specimen was prepared using the optimized procedure. Reduced milling

angle and voltage, as well as liquid-nitrogen stage cooling, signi�cantly improved the spec-

imen quality. The superlattice remained not only intact but also thin and �at over a large

area. All atomic columns can be clearly resolved, allowing precise determination of the

superlattice structure.
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4.2 Experimental Conditions for AC-HRTEM and AC-

STEM EDX

For AC-HRTEM imaging, we used an image-side Cs-corrected FEI Titan 80-300 micro-

scope. The microscope is equipped with a hexapole aberration-corrector which corrects

the geometrical axial aberrations up to the 3rd-order. The instrument has a chromatic

focal spread of 2 nm. And the information limit under 80 kV and 300 kV are 8.3 nm−1 and

12.5 nm−1, respectively. The HRTEM work presented in this dissertation was exclusively

carried out under the acceleration voltage of 300 kV. In order to obtain an isotropic phase

contrast transfer function, all anisotropic aberrations up to the 3rd order were minimized,

i.e., 2-fold astigmatism A1 < 1 nm, 3-fold astigmatism A2 < 50 nm, 2nd-order coma

B2 < 50 nm, 4-fold astigmatism A3 < 1 μm, and 3rd-order star aberration S3 < 1 μm.

Based on the optimum C1 and C3 values proposed by Lentzen (see section 2.4), the 3rd-

order spherical coe�cient C3 was adjusted to approximately -15 μm, and the images were

recorded with slight overfocus, i.e., C1 ≈ +5 nm. In order to �nd the optimum defocus as

well as to further minimize the objective lens astigmatism, the Gatan GIF Quantum 965

camera was used to increase the image magni�cation beyond 1 million times.

AC-HRTEM image simulation was performed using the QSTEM software [89]. The

software utilizes the multi-slice approach which is introduced in section 2.5.

For AC-STEM EDX mapping, we used using a probe Cs-corrected FEI Titan Themis3

300 microscope operated in scanning mode. The instrument o�ers high signal-to-noise

ratio in EDX mapping owing to the high-brightness �eld-emission gun (X-FEG) as well

as the quadruple windowless silicon drift EDX detectors (SuperX detector) with a large

solid angle of 0.7 sr. Chemical mapping was performed at 200 kV with an estimated probe

size of 1Å, a beam current of 200 pA and a convergence semi-angle of 16mrad. The

chemical maps (512 × 512 pixels) were acquired in 6 to 10min using multiple frames,

30 µs pixel dwell time, and drift correction. The K shells of the elements were selected for

EDX mapping. HAADF images were simultaneously recorded to provide the reference

images showing the atomic column positions. The semi-angle for HAADF image collection

was 50-200mrad.
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Chapter 5

Results and Discussion

In this chapter, the experimental results will be discussed in detail. Section 5.1 and sec-

tion 5.2 present the structural investigations of the [(4 u.c.//4 u.c.)×8] and [(1 u.c.//4

u.c.)×13] LaNiO3/LaGaO3 superlattices grown on SrTiO3 substrates. By using AC-

HRTEM, the octahedral rotations within the superlattices were analyzed unit cell by

unit cell. Interfacial octahedral connectivity was found to play a vital role in the de-

termination of local octahedral rotations through complex structural reconstructions at

heterointerfaces. We demonstrated that octahedral connectivity opens up a promising

route for the precise control of the Ni-O-Ni bond angles on atomic level.

The chemical inhomogeneity within the [(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3 super-

lattice was further studied by using AC-STEM EDX mapping (section 5.3). At the

SrTiO3�LaNiO3 interface, cation intermixing induced by interdi�usion was observed.

Whereas at the subsequent LaNiO3�LaGaO3 and LaGaO3�LaNiO3 interfaces, the chem-

ical inhomogeneity was mainly attributed to the incomplete monolayer coverage during

the epitaxial growth.

Section 5.4 deals with the defect analysis of a [(4 u.c.//4 u.c.)×8] PrNiO3/PrAlO3

superlattice grown on a LaSrAlO4 substrate. By using AC-HRTEM, the atomic struc-

tures of the crystal defects as well as their formation mechanisms were unambiguously

elucidated. Ruddlesden-Popper (RP) planar faults were observed on the (010) planes.

And we found that the RP faults were induced by the dissociation of perfect b = [010]

mis�t dislocations as a response to substrate-induced compressive strain.
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5.1 Octahedral Rotations in a Tensile-Strained [4 u.c.//4

u.c.] LaNiO3/LaGaO3 Superlattice

Fig. 5.1: a Experimental 300 kV AC-HRTEM image in [110] projection across the substrate�superlattice
interface. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5nm (i.e., overfocus). The
numbering of the unit cells starts from the bottom of the image and increases in the growth direction.
b Measured structural parameters θ, d001 and d1̄10 from (a). Each data point is the average over a
distance of ∼ 10 nm in one BO2 layer with the error bar representing the standard deviation. The dashed
lines represent the bulk values of LaNiO3 and LaGaO3 (θbulk LaNiO3

= 7.4◦, θbulk LaGaO3
= 8.8◦). The

substrate�superlattice interfacial region is highlighted between the solid yellow lines in (a, b). Growth
directions are indicated by the green arrows. c Magni�ed image from the red rectagular region in (a). d
Magni�ed image from the green rectangular region in (a).

Figure 5.1a shows an AC-HRTEM image recorded across the substrate�superlattice inter-

face. Under the imaging conditions (C3 ∼ −15 μm and C1 ∼ +5 nm), all atomic columns

are clearly resolved showing bright contrast on a dark background. In the lower part of

the image (Fig. 5.1c), no zigzags were observed in the BO2 layers corresponding well to the

simulated SrTiO3 structure (see Fig. 3.10f). In the upper part of the image (Fig. 5.1d),

obvious zigzags can be seen due to the rotations of the NiO6 and GaO6 octahedra. Fig-

ure 5.1b presents the measured structural parameters θ, d001 and d1̄10 (see Fig. 3.10d).

They are expressed as functions of the number of BO2 layers, i.e., unit cells.
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Fig. 5.2: a Atomic model of bulk SrTiO3 and LaNiO3. The oxygen anions in SrTiO3 are located at
face-centers. In LaNiO3, the oxygen anions are shifted away from the face centers due to octahedral
rotations. When LaNiO3 is epitaxially grown on SrTiO3, NiO6 octahedra are connected to the TiO6 ones
via the apical oxygen anions (indicated by the red circles). b Schematic of octahedral connectivity at
the SrTiO3�LaNiO3 interface. The underlying TiO6 octahedra suppress the NiO6 rotations across the
heterointerface . c [110] projection of the SrTiO3�LaNiO3 interface. Due to the straightening of theNiO6

octahedra, θ becomes zero at the interface. The green arrow indicates the growth direction.

As highlighted between the solid yellow lines in Fig. 5.1b, at the SrTiO3�LaNiO3 in-

terfacial region, a continuous increase of θ along the growth direction can be observed.

The gradual increase of θ near the SrTiO3�LaNiO3 interface is a direct consequence of the

interfacial octahedral connectivity (Fig. 5.2). Bulk SrTiO3 has a cubic a0a0a0 structure

which lacks octahedral rotations (θ = 0°). Therefore, the apical oxygen anions are located

at the face-centers of the cubic unit cell. When LaNiO3 grows epitaxially on SrTiO3, the

NiO6 octahedra are connected to the underlying TiO6 through the face-centered apical

oxygen anions which hinder the NiO6 rotations about the [100] or [010] axis. As a result

of this geometric constraint, in the substrate�superlattice interfacial region, the [100] and

[010] rotational magnitudes, i.e., α and β, of NiO6 and GaO6 are suppressed. The suppres-

sion of the [100] and [010] rotations results in small rotation angles α and β. Therefore,

when viewed in [110] projection (Fig. 5.2c), θ is constrained near the SrTiO3�LaNiO3

interface as well. Away from the SrTiO3 substrate, the [100] and [010] rotational magni-

tudes increase layer by layer along the growth direction resulting in a continuous increase

of θ. Since the electronic structure of LaNiO3 strongly coupled to the Ni�O�Ni bond

angles and Ni�O bond lengths, octahedral connectivity at the SrTiO3�LaNiO3 interface

may notably change the electronic and magnetic properties of LaNiO3. In fact, Moon

et al. have demonstrated that the functionalities of La2/3Sr1/3MnO3 ultrathin �lms can

deviate signi�cantly due to the interfacial connectivity with substrates having di�erent

octahedral rotation patterns and magnitudes [90].

Within the interfacial region, the gradual decrease of out-of-plane lattice parameter

d001 is caused by the di�erence in lattice parameters of SrTiO3 and LaNiO3 (d001, bulk SrTiO3 =
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3.905Å, d001, bulk LaNiO3 = 3.838Å). The measured d001 of SrTiO3 is slightly smaller than

its bulk value (∼ 1 %) which is within the error range of the instrument. As shown in the

lowest panel of Fig. 5.1b, d1̄10 remains constant as a result of coherent epitaxial growth.

After the continuous increase, θ reaches a plateau. For most layers farther away from

the substrate, i.e., layer 16�27 in Fig. 5.1b, the values of θ exceed that of bulk LaNiO3

and some are higher than that of bulk LaGaO3. The increased θ agrees with the enhanced

magnitudes of [100] and [010] rotations as a response to tensile strain [16�18, 29]. May et

al. have reported α = β = 7.1° ± 0.2° and γ = 0.3° ± 0.7° for a 173Å-thick LaNiO3 �lm

grown on SrTiO3 substrate which gives θ = 10.2° [16].

Figure 5.3a presents an experimental AC-HRTEM image acquired near the superlattice

surface. The measured θ, d001 and d1̄10 are shown in Fig. 5.3b. The bulk values of LaNiO3

and LaGaO3 are indicated by the dashed lines. Near the superlattice surface, θ oscillates

between the bulk values of LaNiO3 and LaGaO3. The period of the oscillation is 8 layers

corresponding well to the 4 u.c. LaNiO3/4 u.c. LaGaO3 bilayer structure. Since θ is

mainly determined by α and β, it is indicated that near the superlattice surface the

magnitudes of [100] and [010] octahedral rotations in LaNiO3 and LaGaO3 relax toward

their own bulk values. At the same time, the connectivity of the octahedral network must

be maintained at every LaNiO3�LaGaO3 interface causing the oscillation of θ.

Figure 5.4 shows the schematic of interfacial octahedral coupling between NiO6 and

GaO6. Since the rotational magnitudes of LaGaO3 are higher than those of LaNiO3, in

the direct vicinity of the interface, the interaction between NiO6 and GaO6 gives rise to

enhanced NiO6 rotations as well as reduced GaO6 rotations. The rotational magnitudes

in the central 2 unit cells of each component remain bulk-like, indicating that the spatial

length scale over which the NiO6 and GaO6 interact is extremely short, which is only 1

unit cell above and below the interface. Since the out-of-plane lattice parameter in ABO3

perovskites can be expressed as d001 = 2dB�O cosα cos β, where dB�O is the out-of-plane

B�O bond length [87], when α and β relax toward bulk values, d001 relaxes as well.
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Fig. 5.3: a Experimental 300 kV AC-HRTEM image in [110] projection near the surface of the
LaNiO3/LaGaO3 superlattice. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5nm
(i.e., overfocus). The numbering of the unit cells starts from the bottom of the image and increases in
the growth direction. b Measured structural parameters θ, d001 and d1̄10 from (a). Each data point
is the average over a distance of ∼ 10 nm in one BO2 layer with the error bar representing the stan-
dard deviation. The dashed lines represent the bulk values of LaNiO3 and LaGaO3 (θbulk LaNiO3

= 7.4◦,
θbulk LaGaO3

= 8.8◦, d001, bulk LaNiO3
= 3.838Å, d001, bulk LaGaO3

= 3.892Å). The curve in the top panel of
(b) serves as guide to the eye to emphasize the oscillation of θ. Growth directions are indicated by the
green arrows.

Fig. 5.4: a Atomic model of bulk LaNiO3 and LaGaO3 in [110] projection. b Schematic of octahedral
connectivity in the 4 u.c. LaGaO3/4 u.c. LaNiO3/4 u.c. LaGaO3 heterostructure. In the direct vicinity of
the LaNiO3�LaGaO3 interface, the interaction between NiO6 and GaO6 gives rise to enhanced rotations
of NiO6 as well as reduced rotations of GaO6 (indicated by the purple arrows). The rotational magnitudes
in the center 2 unit cells of each component remain bulk-like.
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The relaxation of [100] and [010] rotational magnitudes suggests that the response

of octahedral rotations to epitaxial strain in superlattices is signi�cantly di�erent from

that in thin �lms. It has been reported that epitaxial strain can e�ectively modify the

octahedral rotations throughout the entire thin �lms [16�18, 29]. However, in superlat-

tices, the length scale over which the rotational magnitudes can be controlled by epitaxial

strain is much shorter. The octahedral rotations in each constituent layer tend to relax

toward the bulk magnitudes. Note that within the error range, d1̄10 near the superlat-

tice surface is the same as that near the substrate meaning that the superlattice is still

coherently strained. Therefore, strain relaxation is not likely to be the origin of the bulk-

like octahedral rotations. Similar relaxation of octahedral rotations under coherent strain

was also reported in a [(4 u.c.//3 u.c.)×3] LaNiO3/SrTiO3 superlattice grown on a (001)

(LaAlO3) (SrAl0.5Ta0.5O3)0.7 substrate investigated by PACBED [30]. However, enhanced

[100] and [010] rotational magnitudes of the NiO6 octahedra were found in a 50Å-thick

LaNiO3 �lm grown on the same substrate [29].

By comparing the variations of θ in Fig. 5.1b and Fig. 5.3b, it is clear that the struc-

ture of the octahedral network near the substrate di�ers from that near the superlattice

surface, indicating variations in the electronic and magnetic properties along the growth

direction. Therefore, in order to produce LaNiO3/LaGaO3 superlattices with controlled

and homogeneous functional properties throughout the entire superlattice, it is necessary

to �ne-tune the rotational magnitudes of NiO6 in every LaNiO3 layer.

Since the NiO6 rotations are constrained by octahedral connectivity at every heteroin-

terface, local manipulation of the NiO6 rotations may be achieved by rational design of

the LaNiO3/LaGaO3 superlattices, such that the NiO6 rotational magnitudes could be

precisely controlled by the neighboring GaO6 octahedra. Since the spatial length scale

over which the NiO6 and GaO6 interact is extremely short, the thickness of the LaNiO3

layers should be reduced to avoid the relaxation of the NiO6 rotations. In the next section,

we will present the experimental results on a [(1 u.c.//4 u.c.)×13] LaNiO3/LaGaO3 su-

perlattice in which the potential of interfacial octahedral connectivity is further exploited.
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5.2 Control of Octahedral Rotations via Interfacial Oc-

tahedral Connectivity in a Tensile-Strained [1 u.c.//4

u.c.] LaNiO3/LaGaO3 Superlattice

Fig. 5.5: a Experimental 300 kV AC-HRTEM image in [110] projection across the substrate�superlattice
interface. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5nm (i.e., overfocus). The
numbering of the unit cells starts from the bottom of the image and increases in the growth direction.
b Measured structural parameters θ, d001 and d1̄10 from (a). Each data point is the average over a
distance of ∼ 11 nm in one BO2 layer with the error bar representing the standard deviation. The dashed
lines represent the bulk values of LaNiO3 and LaGaO3 (θbulk LaNiO3

= 7.4◦, θbulk LaGaO3
= 8.8◦). The

substrate�superlattice interfacial region is highlighted between the solid yellow lines in (a, b). Growth
directions are indicated by the green arrows.

Figure 5.5a shows an AC-HRTEM image acquired across the substrate�superlattice

interface. Fig. 5.5b represents the measured structural parameters θ, d001 and d1̄10. They

are expressed as functions of unit cells, i.e., the number of BO2 layers. The in-plane

spacing d1̄10 varies between 2.76 and 2.77Å showing that the LaNiO3/LaGaO3 superlattice

is coherently strained to the SrTiO3 substrate (d1̄10, bulk SrTiO3
= 2.76Å ). As highlighted

between the solid yellow lines in Fig. 5.5b, a decrease of the out-of-plane lattice parameter

d001 was observed. The decrease of d001 corresponds well to di�erence in lattice parameters

of SrTiO3 and LaNiO3 (d001, bulk SrTiO3 = 3.905Å, d001, bulk LaNiO3 = 3.838Å, ) suggesting

that the SrTiO3�LaNiO3 interface lies within the region between the solid lines in Fig. 5.5a.

In the substrate�superlattice interfacial region, θ increases gradually along the growth

direction due to the accommodation of octahedral rotation mismatch as already discussed

in section 5.1 (Fig. 5.2). Note that the increase of θ starts before the substrate�superlattice
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interfacial region indicating that TiO6 rotations are induced in the topmost SrTiO3 layers

by the LaNiO3/LaGaO3 superlattice. After the interfacial region, the values of θ exceed

the bulk values of LaGaO3, which is in good agreement with the enhanced [100] and [010]

rotational magnitudes as a response to tensile strain [16�18, 29].

Fig. 5.6: a Experimental 300 kV AC-HRTEM image in [110] projection near the surface of the
LaNiO3/LaGaO3 superlattice. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5nm
(i.e., overfocus). The numbering of the unit cells starts from the bottom of the image and increases in
the growth direction. b Measured structural parameters θ, d001 and d1̄10 from (a). Each data point
is the average over a distance of ∼ 10 nm in one BO2 layer with the error bar representing the stan-
dard deviation. The dashed lines represent the bulk values of LaNiO3 and LaGaO3 (θbulk LaNiO3 = 7.4◦,
θbulk LaGaO3

= 8.8◦, d001, bulk LaNiO3
= 3.838Å, d001, bulk LaGaO3

= 3.892Å). The LaNiO3 layers are
marked by the black rectangles. Growth directions are indicated by the green arrows.

Figure 5.6a shows an experimental [110] AC-HRTEM image acquired near the sur-

face of the LaNiO3/LaGaO3 superlattice. Fig. 5.6b represents the measured structural

parameters θ, d001 and d1̄10. The in-plane spacing d1̄10 is the same as that near the

substrate�superlattice interface indicating that the LaNiO3/LaGaO3superlattice is still

coherently strained. The out-of-plane lattice parameter d001 oscillates between the bulk

values of LaNiO3 and LaGaO3 (d001, bulk LaNiO3 = 3.838Å, d001, bulk LaGaO3 = 3.892Å). Ev-

ery �fth layer (marked by black triangles) shows smaller d001 which is in good agreement

with the [1 u.c.//4 u.c.] LaNiO3/LaGaO3 bilayer structure. Due to the lack of chemical

information in AC-HRTEM image, it is not possible to distinguish the NiO2 layers from

the GaO2 ones. However, based on the measurement of the out-of-plane lattice parame-

ter, it is reasonable to assign the layers with smaller d001 (marked by black triangles) to

LaNiO3. Note that the superlattice is under tensile strain; therefore, d001 of the LaNiO3

layers is expected to be smaller than that of the bulk LaNiO3. The discrepancy between
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the measurement and the expectation can be attributed to the instrument error (∼ 1 %)

and slight interface roughness (see section 5.3). As shown in the top panel of Fig. 5.6b,

the measured value of θ in every BO2 layer is at or exceeds the bulk value of LaGaO3.

Since θ is mainly determined by α and β, it is shown that for 1 u.c. of LaNiO3 embedded

in the [(1 u.c.//4 u.c.)×13] LaNiO3/LaGaO3 superlattice, the NiO6 octahedra adopt the

same [100] and [010] rotational magnitudes as the neighboring GaO6 till the surface of

the superlattice. Due to the larger α and β in LaGaO3, the [100] and [010] rotations of

NiO6 are enhanced compared to those in bulk LaNiO3.

Fig. 5.7: a Atomic models of bulk LaNiO3 and LaGaO3 in [110] projection. b Schematic of octahedral
connectivity in the 4 u.c. LaGaO3/1 u.c. LaNiO3/4 u.c. LaGaO3 heterostructure. Only 1 u.c. of
LaGaO3 is shown for simplicity. The dashed line represents the LaGaO3�LaNiO3 interface and the solid
line marks the LaNiO3� LaGaO3 interface. The green arrow indicates the growth direction.

The enhancement of [100] and [010] rotations in LaNiO3 can be explained by octahe-

dral connectivity at the LaNiO3�LaGaO3 interfaces. Figure 5.7a shows the atomic models

of bulk LaNiO3 and LaGaO3 in [110] projection. When LaNiO3 is epitaxially grown on

LaGaO3 or vice versa, the NiO6 and GaO6 octahedra are connected through the apical

oxygen anions in the interfacial LaO layers (Fig 5.7b). At the lower LaGaO3�LaNiO3

interface (dashed line in Fig 5.7b), the positions of the apical oxygen anions are deter-

mined by the [100] and [010] rotations of the GaO6 octahedra. Therefore, when NiO6 are

connected to the underlying GaO6 through the apical oxygen anions, NiO6 are forced to

adopt the same [100] and [010] rotational magnitudes as GaO6. Since the [100] and [010]

rotational magnitudes in LaGaO3 is larger than those in LaNiO3, the equatorial oxygen

anions in the NiO2 layer are further shifted up and down resulting in an increase of θ.

The enhanced [100] and [010] rotations in LaNiO3 is immediately stabilized at the next

LaNiO3�LaGaO3 interface (solid line in Fig 5.7b) where another layer of GaO6 is grown

on top. These results indicate that for the 1 u.c. of LaNiO3, the octahedral rotations of

NiO6 can be precisely controlled by the neighboring GaO6 via octahedral connectivity at
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both the lower and upper heterointerfaces.

By comparing the variations of θ in Fig. 5.5b and 5.6b, it is clear that the octahedral

rotations of the NiO6�GaO6 network vary along the growth direction. Although the

suppression of [100] and [010] rotations was observed in only a few unit cells from the

SrTiO3 substrate, it may lead to signi�cant di�erent electronic and magnetic states in the

�rst and second LaNiO3 layers as compared to those in the rest of the superlattice. In

order to control the NiO6 rotations in every LaNiO3 layer, it is reasonable to deposit the

LaGaO3 �rst to accommodate the substrate-induced octahedral rotation mismatch before

the growth of LaNiO3. For future research of LaNiO3-based superlattices, it will be of

interest to embed 1-u.c.-thick LaNiO3 layers in various RMO3 materials with di�erent

octahedral rotation patterns and magnitudes. By controlling the NiO6 rotations through

the neighboringMO6 octahedra, the relation between the NiO6 rotations and the resulting

functionalities can be better elucidated. It is worth mentioning that, the above discussion

is limited to the control of [100] and [010] rotations. While NiO6 rotations about [100] and

[010] axes can be well modi�ed through octahedral connectivity at the LaNiO3�RMO3

interfaces, the NiO6 octahedra can still rotate about the [001] axis without displacing

the apical oxygen ions. Moreover, it has been demonstrated that in ABO3 thin �lms

and superlattices, there is a correlation between the in-plane and out-of-plane rotations

[14, 16, 18, 29, 30]. Enhanced [100] and [010] rotations are correlated to suppressed [001]

rotations and vice versa. In other words, control of the in-plane rotations (i.e., α and β)

results in alteration of the out-of-plane rotations (i.e., γ) as well. Therefore, a full control

of the octahedral rotations about all three Cartesian axes, especially about the [001] axis,

remains challenging and warrants further investigation.

In summary, the local octahedral rotations in [(4 u.c.//4 u.c.)×8] and [(1 u.c.//4

u.c.)×13] LaNiO3/LaGaO3 superlattice grown on (001) SrTiO3 substrates have been stud-

ied by using AC-HRTEM. In both samples, NiO6 and GaO6 rotations about the [100] and

[010] axes were substantially suppressed in the vicinity of the SrTiO3 substrate. Enhanced

[100] and [010] rotations, which were expected due to tensile strain, were only observed

in a short length scale. The magnitudes of the [100] and [010] rotations in the 4 u.c.//4

u.c. sample relax toward their bulk values even though the superlattice is still coherently

strained to the substrate. In order to �ne-tune the NiO6 rotations, the potential of octa-

hedral connectivity at heterointerfaces was further exploited. In the 1 u.c.//4 u.c. sample,

NiO6 octahedra adopted the same [100] and [010] rotational magnitudes as the neighbor-

ing GaO6 till the surface of the superlattice, demonstrating that the NiO6 rotations can

be precisely controlled via interfacial octahedral connectivity when the thickness of the

LaNiO3 layer is reduced to 1 unit cell.
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5.3 Cation Intermixing in the [4 u.c.//4 u.c.]

LaNiO3/LaGaO3 Superlattice

Fig. 5.8: a Experimental AC-STEM EDX maps across the substrate�superlattice interface. The atomic
planes of each element are clearly resolved. b Integrated line-scan pro�les obtained from the EDX maps
of each element. The cation intermixing at the heterointerfaces are indicated by the arrows.

In this section, the AC-STEM EDX results of the [(4 u.c.//4 u.c.)×8] LaNiO3/LaGaO3 su-

perlattice grown on a (001) SrTiO3 substrate will be presented. The chemical abruptness

at heterointerfaces has been investigated with atomic resolution.

Figure 5.8a shows the AC-STEM EDXmaps acquired across the substrate�superlattice

interface. The atomic planes of each A- and B-site cations, including, Sr, Ti, Ni, Ga, and

La, are clearly resolved. As demonstrated by the Sr and Ti maps, the SrTiO3 substrate is

terminated by the TiO2 layer, which is in good agreement with the expected termination

as a result of the chemical treatment prior to the epitaxial growth (section 3.1). Fig-

ure 5.8b presents the intensity line-scan pro�les obtained from the elemental EDX maps.

In order to enhance the signal-to-noise ratio, the line-scan pro�les were obtained by in-

tensity integration along the growth direction over the width of each map. The resulting

intensity pro�le of each element was normalized by scaling the highest intensity to 1. As

indicated by the black arrow in Fig. 5.8b, at the SrTiO3�LaNiO3 interface, the A- and

B-site cations are slightly intermixed over a length scale of 1 u.c. The intermixing, i.e.,

elements on one side of the heterointerface are present on the other, has been attributed to
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Fig. 5.9: a Atomic-abrupt SrTiO3�LaNiO3 interface. b Intermixing induced by cation interdi�usion
across the SrTiO3�LaNiO3 interface. c Intermixing caused by the atomic step on the SrTiO3 surface.

Fig. 5.10: AFM image showing the surface morphology of the SrTiO3 substrate after wet chemical
etching and annealing. The surface consists of terraces with the height of 0.4 nm (1 u.c.) and width of
approx. 300 nm [91].

the cation interdi�usion as a result of polar discontinuity at the polar-nonpolar interface

[40, 42, 43, 45, 46].

As shown in Fig. 5.9a, SrTiO3 consists of neutral (SrO)0 and (TiO2)0 layers whereas

LaNiO3 composes of alternating charged (LaO)+1 and (NiO2)−1 planes. When LaNiO3

is deposited on (001) SrTiO3, a polar discontinuity occurs at the atomic-abrupt inter-

face. The polar discontinuity leads to a divergent electrostatic potential with increasing

thickness, i.e., polar catastrophe [40]. Nakagawa et. al. have proposed that, the polar

discontinuity can be prevented by a compensating dipole emerging from the interdi�usion

of A- and B-site cations across the heterointerface (Fig. 5.9b) [40]. The proposal has

been con�rmed by subsequent experimental and theoretical work [42, 43, 45, 46, 48]. It is

worth mentioning that, atomic steps on the SrTiO3 surface could result in similar EDX

results due to the projection limitation of the STEM imaging (Fig. 5.9c). As shown by the

atomic force microscopy (AFM) image (Fig. 5.10), prior to epitaxial growth, the surface

of the SrTiO3 substrate consists of 1 unit-cell-high terraces. And the width of each terrace

is approx. 300 nm [91]. However, considering that the thickness of the TEM specimen is

typically 20-50 nm, the probability of including a surface step within the probed volume is
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Fig. 5.11: a and b Experimental AC-STEM EDX maps of Ni and Ga acquired over the entire super-
lattice. c HAADF image of the superlattice.

relatively low. Therefore, it is concluded that the intermixing observed at SrTiO3�LaNiO3

interface is mainly induced by the cation interdi�usion during the epitaxial growth.

As presented in Fig. 5.8, the intensity pro�les as well as the EDX maps of Ni and Ga

clearly con�rm the separation of each component, indicating high crystal quality of the

epitaxially-grown superlattice. However, slight intermixing at the LaNiO3�LaGaO3 and

LaGaO3�LaNiO3 interfaces are still observed. Moreover, the LaNiO3�LaGaO3 interface

is more abrupt than the LaGaO3�LaNiO3 one, where an additional Ni peak is present at

the GaO2 layer (indicated by the red arrow in Fig. 5.8b). Since polar discontinuity does

not exist at the LaNiO3�LaGaO3 and LaGaO3�LaNiO3 interfaces, it is highly unlikely

that the intermixing between LaNiO3 and LaGaO3 is di�usion-related. The reason for

the additional Ni peak in the GaO2 will be discussed in the following paragraphs.

Figure 5.11 presents the experimental EDX maps of Ni and Ga as well as the corre-

sponding HAADF image over the entire superlattice. As can be seen in the EDX maps,

in the �rst bilayer structure, the boundary between LaNiO3 and LaGaO3 is parallel to the

termination layer of the substrate, i.e., (001) plane, indicating layer-by-layer growth at

the initial stage of the deposition. Along the growth direction, the distribution of Ni and

Ga becomes increasingly wavy. The boundaries between LaNiO3 and LaGaO3 are bent

and no longer parallel to the (001) plane. Due to the wavy chemical modulation, both

Ni and Ga are present within the same horizontal BO2 layer, deteriorating the chemical

abruptness of the heterointerfaces. Interestingly, as demonstrated by the HAADF image,

the (001) lattice planes within the superlattice are still perfectly �at. No lattice plane

bending or structural defects, such as, dislocations and stacking faults, can be observed.

As a result, epitaxial strain and crystalline defects can be ruled out as the reason for the

chemical modulation. Despite the absence of lattice defects, the superlattice surface is

not atomically �at. Moreover, near the superlattice surface, the waviness of the chemical

distribution well resembles the surface morphology.

In order to elucidate the formation mechanism of the chemical modulation, the HAADF
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Fig. 5.12: a Experimental HAADF image of the superlattice. b and c Integrated intensity pro�les from
the boxed regions marked in (a). In region (1), only 62 u.c. were observed from the substrate�superlattice
interface to the superlattice surface, whereas 64 u.c. were found in region (2).

image has been analyzed in detail. Figure 5.12a shows the same HAADF image presented

in Fig. 5.11c. Figure 5.12b and c illustrate the integrated line-scan pro�les obtained from

the boxed area 1 and 2, receptively. The integration was carried out along the growth

direction over the width of the rectangular box. Since the intensity in HAADF imaging is

proportional to Z1.6−1.8, where Z is the atomic number of the element [62�64], the peaks

with higher intensity in the line-scan pro�les are assigned to the LaO layers. By counting

the high-intensity peaks between the red arrows, the number of unit cells within region 1

and 2 were determined to be 62 and 64, respectively. Since the superlattice consists of a [4

u.c.//4 u.c.] bilayer structure with 8 repetitions, the surface roughness is actually caused

by a 2-unit-cell pit in region 1. Next, we will discuss how pit formation is correlated to

the observed chemical modulation.

As shown in Fig. 5.13a, a 1-unit-cell pit forms during the epitaxial growth if the

coverage of a LaGaO3 layer is incomplete. When the next LaNiO3 layer is deposited, the

materials fall into the pit resulting in the presence of Ni and Ga within the same BO2 layer

(Fig. 5.13b). If perfect layer-by-layer growth is maintained in the subsequent deposition,

the pit will be moved to the superlattice surface giving rise to the surface morphology

observed in the HAADF image (Fig. 5.13c). Due to the incomplete coverage of certain

atomic layers, the chemical distribution of Ni and Ga becomes wavy (Fig. 5.13d) which is

in good agreement with the experimental EDX maps. Since the epitaxy conditions, such
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Fig. 5.13: Mechanism of the pit formation during the epitaxial growth which explains the wavy dis-
tribution of Ni and Ga within the superlattice. a Pit formation due to the incomplete coverage of the
LaGaO3 layer. b Deposition of the next LaNiO3 layer results in the presence of Ni and Ga within the
same BO2 layer on the (001) plane. c Subsequent growth moves the pit to the superlattice surface. d

Schematic showing the correlation between the pit formation and the chemical modulation of Ni and Ga.

as deposition rate and growth temperature, were optimized for the growth of LaNiO3 [9],

in the atomic model presented in Fig. 5.13, it is assumed that the pit is formed in the

LaGaO3 layers. This scenario also explains the additional Ni peak at the GaO2 layer

which is observed in Fig. 5.8b. However, it can not be ruled out that the incomplete

coverage could also occur in the LaNiO3 layers. Nevertheless, the formation mechanism

of chemical modulation remains the same.

The proposed mechanism also explains the resemblance between the curvature of the

chemical modulation and the surface morphology (Fig. 5.11). These results suggest that

surface roughness may serve as a good indicator of the chemical modulation within the

superlattice. Figure 5.14 shows the AFM image of the LaNiO3�LaGaO3 superlattice after

epitaxial growth. The surface is dotted with small islands (or pits) with diameters of

approx. 30 nm [91]. The size of the islands (or pits) indicates that the lateral length scale

of the chemical modulation is approx. 30 nm as well.

Another important implication of our results is that, unless the superlattice surface

is atomically �at, cation intermixing induced by incomplete monolayer coverage should

be considered when analyzing the chemical abruptness at heterointerfaces. Becasue both

cation interdi�usion and incomplete layer coverage lead to the simultaneous presence of

di�erent B-site cations in the same BO2 layer. However, due to the projection limitation
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Fig. 5.14: AFM image showing the surface morphology of the LaNiO3�LaGaO3 superlattice after epi-
taxial growth. The inset presents the magni�ed image (×3) showing the small islands on the superlattice
surface [91].

of AC-STEM EDX mapping, it is extremely di�cult to distinguish these two mechanisms.

If the incomplete coverage is not taken into account, the observed cation intermixing may

be incorrectly attributed to interdi�usion across the heterointerfaces. Therefore, for the

future investigations of chemical abruptness in ABO3 superlattices, extra caution must

be taken to prevent false interpretation of the AC-STEM EDX results.
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5.4 Planar Defects and Mis�t Dislocations in a

Compressive-Strained PrNiO3/PrAlO3 Superlattice

5.4.1 Planar defects

This section deals with the crystal defect investigations of a [(4 u.c.//4 u.c.)×8] PrNiO3/PrAlO3

superlattice grown on a LaSrAlO4 substrate. First of all, we will brie�y introduce the

atomic structure of each component. Figure 5.15 illustrates the atomic structures of

PrNiO3 (orthorhombic), PrAlO3 (rhombohedral), and LaSrAlO4 (tetragonal). Similar to

LaNiO3 and LaGaO3, both PrNiO3 and PrAlO3 can be described by pseudocubic symme-

try with lattice parameters of aPrNiO3,pseudocubic = 3.815Å and aPrAlO3,pseudocubic = 3.760Å,

respectively [3, 86]. The LaSrAlO4 substrate exhibits tetragonal symmetry with a =

b = 3.754Å and c = 12.649Å [92]. Due to the in-plane lattice mismatch, when the

PrNiO3/PrAlO3 superlattice is epitaxially grown on the LaSrAlO4 substrate, the super-

lattice is under bi-axial compressive strain.

Fig. 5.15: a-b Atomic models of bulk PrNiO3 and PrAlO3 in [100] projection. c 3D view of the
tetragonal unit cell of LaSrAlO4. d Atomic model of LaSrAlO4 in [100] projection.
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Fig. 5.16: a Cross-sectional 300 kV AC-HRTEM image across the substrate�superlattice interface taken
in [100] projection. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5 nm (i.e., overfocus).
The numbering of the unit cells starts from the �rst unit cell above the PrNiO3�LaSrAlO4 interface. b
Magni�ed image of the boxed region in (a). The contrast has been inverted to enhance visibility. Atomic
models of two possible interfacial structures are overlaid on the image. The layer between the dotted
red lines is de�ned as the �rst unit cell of the superlattice. c Measured structural parameters d001 and
d010 from (a). Each data point is the average over a distance of ∼ 18 nm with the error bar representing
the standard deviation. The dashed lines represent the bulk values of PrNiO3, PrAlO3, and LaSrAlO4

(d001, bulkPrNiO3 = 3.815Å, d001, bulkPrAlO3 = 3.760Å, d010, bulk LaSrAlO4 = 3.754Å). The green arrow
indicates the growth direction.

Figure 5.16a shows a [100] cross-sectional AC-HRTEM image recorded across the sub-

strate�superlattice interface. Since the projected structure of LaSrAlO4 is distinct from

that of PrNiO3, the substrate�superlattice interface can be readily identi�ed. Figure 5.16b

presents the magni�ed image from the interfacial region (boxed area in Fig. 5.16a). The

contrast has been inverted to enhance visibility. Unlike the SrTiO3 substrate, where wet-

chemical etching has been applied to expose exclusively the TiO2 layer, the termination

layer of LaSrAlO4 is not well de�ned. The substrate could be terminated by either a

(La,Sr)O plane or an AlO2 plane, giving rise to di�erent interfacial structures (see the

atomic models in Fig. 5.16b). However, due to the lack of chemical information in AC-

HRTEM image, it is extremely challenging to distinguish these two structures. Therefore,

we have de�ned the layer between the dotted red lines as the �rst unit cell of the superlat-

tice, regardless of the real termination layer. Figure 5.16c presents the measured lattice
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parameters d001 and d010, which are expressed as functions of unit cells. The out-of-plane

lattice parameter d001 oscillates with a period of 8 unit cells, which is in good agree-

ment with the 4 u.c. PrNiO3/4 u.c. PrAlO3 bilayer structure. Due to the compressive

strain induced by the substrate, the measured d001 exceeds the bulk values of PrNiO3 and

PrAlO3. Within the error range, the in-plane lattice parameter d010 of the superlattice

is the same as that of LaSrAlO4, indicating pseudomorphic growth of the superlattice

within the �eld-of-view. However, the lattice mismatch between PrNiO3 and LaSrAlO4 is

as large as 1.62%. It has been reported that, for perovskite thin �lms, strain relaxation

often results in microstructural changes, including, columnar domains, microtwinning,

mis�t dislocations, and antiphase grain boundaries [49�56]. In order to check the crys-

tal quality of the PrNiO3/PrAlO3 superlattice, HRTEM images with larger �eld-of-view

have been acquired. Figure 5.17a represents the cross-sectional HRTEM image of the

PrNiO3/PrAlO3 superlattice. As indicated by the red arrows, several (010) planar defects

can be clearly observed. Figure 5.17b shows the plan-view HRTEM image demonstrating

that the planar defects are located exclusively on (100) and (010) planes. In the next

section, the nature of the planar defects will be identi�ed.

Fig. 5.17: a Cross-sectional HRTEM image of the PrNiO3/PrAlO3 superlattice taken in [100] projection.
The growth direction is parallel to [001]. The planar defects are indicated by the red arrows. b Plan-view
HRTEM image of the PrNiO3/PrAlO3 superlattice taken in [001] projection. Planar defects on the (100)
and (010) planes are clearly visible.
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5.4.2 Identi�cation of Ruddlesden-Popper faults

Fig. 5.18: a Cross-sectional 300 kV AC-HRTEM image of the PrNiO3/PrAlO3 superlattice taken in
[100] projection. The image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5 nm (i.e., overfocus).
b Strain map εxx obtained by applying geometric phase analysis. Two planar defects on the (010) plane
are clearly visible. The red arrows in (a) and (b) indicate the positions of the planar defects.

Figure 5.18a shows a cross-sectional [100] AC-HRTEM image recorded near the surface

of the superlattice. The growth direction is parallel to [001]. As indicated by the red

arrows, two planar defects in (010) planes can be observed. Figure 5.18b presents the

in-plane strain map εxx obtained by geometric phase anaysis [93, 94]. The planar defects

are clearly visible as a result of the local increase in the in-plane lattice parameter d020.

As mentioned in section 3.3, due to the cubic symmetry observed in [100] projection, it

is extremely challenging to distinguish the AO layers from the BO2 ones, especially when

the contrast di�erence between A- and B-site cations is insigni�cant. It is, therefore,

di�cult to determine the nature of the planar faults based on the AC-HRTEM image.

Fortunately, this problem can be circumvented by applying a di�erent defocus value.

Figure 5.19a presents the AC-HRTEM image acquired at the same position as that of

Fig. 5.18a with slight underfocus. As shown by image simulation (Fig. 5.19b), when the

defocus is adjusted to -1 nm, contrast reversal occurs, i.e., atomic columns appear dark

on a bright background. Despite that the oxygen columns are no longer resolved, the con-

trast di�erence between Pr and Ni/Al is signi�cantly enhanced, enabling straightforward

identi�cation of the A- and B-site cations. Figure 5.19c presents the magni�ed image from

the boxed area in Fig 5.19a. By comparing the experimental and simulated images, the

atomic model of the (010) planar defects can be readily constructed (Fig 5.19d). Based

on the atomic model, the planar faults are identi�ed to be Pr-rich antiphase boundaries.

Generally, antiphase boundaries are described by a displacement vector R, which denotes
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the relative shift between the two parts of the crystal [95]. As shown in Fig. 5.19d, the

projected displacement vector of the antiphase boundary is 1/2[011]. The real displace-

ment vector, however, can be either 1/2[011] or 1/2[111]. Since the 1/2[100] component

is parallel to the observation direction, the 1/2[011] and 1/2[111] antiphase boundaries

are not distinguishable in this projection.

Fig. 5.19: a AC-HRTEM image acquired at the same position as that of Fig. 5.18a with slight under-
focus. b Simulated [100] AC-HRTEM image. Image simulation was performed using the following pa-
rameters: spherical aberration coe�cient C3 = −15 μm, defocus C1 = −1 nm, sample thickness t = 4nm,
two-fold astigmatism A1 = 1nm, three-fold astigmatism A2 = 30 nm, coma B2 = 50 nm, beam con-
vergence angle 0.3mrad and chromatic focal spread δ = 2 nm. The atomic model is overlaid on the
simulated image. c Magni�ed image of the boxed area in (a). d Atomic model of the Pr-rich antiphase
boundary. For simplicity, both Ni and Al cations are represented by the green spheres and oxygen anions
are omitted. The dotted red line marks the (010) antiphase boundary. The black arrow indicates the
projected displacement vector R = 1/2[011].
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Fig. 5.20: a Plan-view AC-HRTEM image taken in [001] projection. The Pr and Ni/Al cations are
denoted by the blue and green spheres, respectively. b Strain map εxx obtained by applying geometric
phase analysis. The (010) antiphase boundaries are marked by the red arrows in (a) and (b).

In order to determine the real displacement vector, the planar defects in the PrNiO3/PrAlO3

superlattice were investigated in a di�erent projection. Figure 5.20a shows a plan-view

AC-HRTEM image taken along the [001] direction. Geometric phase analysis has been ap-

plied to the experimental image to obtain the in-plane strain map (Fig. 5.20b) [93, 94]. In

[001] projection, the crystals on either side of the planar defects are displaced by 1/2[110],

demonstrating the presence of a 1/2[100] component. By combining the results from both

[100] and [001] projections, the real displacement vector of the (010) antiphase boundary

is therefore unambiguously determined as 1/2[111].

In perovskite structures, antiphase boundaries in the {100} planes with a displacement
vector of 1/2 〈111〉 are referred to as Ruddlesden-Popper faults (RP faults) [96]. This

type of planar defects is typically observed in nonstoichiometric perovskite �lms with

excess A- or B-site cations. It has been reported that in Sr-excess SrTiO3 thin �lms,

the formation of RP faults can be explained by the presence of small rock-salt type SrO

islands on a SrO layer [56]. As shown in Fig. 5.21a, during epitaxial growth, excess A-site

cations are accommodated by the formation of an AO island on the surface of the AO

layer. The displacement vector of the AO island with respect to the underlying ABO3

crystal is 1/2[111]. The subsequent epitaxial growth results in RP planar faults in (001)

and (010) planes (Fig. 5.21b). In stoichiometric perovskite �lms, RP faults have been

observed as well. For instance, Detemple et. al. have reported that for LaNiO3/LaAlO3

superlattices grown on a LaSrAlO4 substrate, RP faults are induced by the atomic steps on

the substrate surface (Fig. 5.22) [54]. Nevertheless, none of the scenarios could explain the

increase of in-plane lattice parameter d020 across the fault plane, which is observed in both

cross-sectional and plan-view HRTEM images (Fig. 5.18b and Fig. 5.20b). These results
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indicate a di�erent mechanism for the formation of the RP faults in the PrNiO3/PrAlO3

superlattice, which will be discussed in the next section.

Fig. 5.21: Formation mechanism of RP faults in A-site-excess ABO3 perovskite thin �lms. a Formation
of an AO island on the surface of the AO layer with a displacement vector of 1/2[111]. b RP planar
faults in (001) and (010) planes (marked by dotted red lines) induced by the AO island.

Fig. 5.22: Formation mechanism of RP faults in stoichiometric ABO3 perovskite thin �lms on a
LaSrAlO4 substrate. a Surface step on a LaSrAlO4 substrate. The substrate is terminated by either a
(La,Sr)O plane or an AlO2 plane. b The subsequent epitaxial growth across the surface step gives rise
to the formation of a RP fault in the (010) plane (marked by dotted red line).
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5.4.3 Formation of RP faults induced by dissociation of perfect

dislocations

Fig. 5.23: a Cross-sectional 300 kV AC-HRTEM image showing the origin of the RP planar faults. The
image was acquired with C3 ∼ −15 μm and defocus C1 ∼ +5nm (i.e., overfocus). b Strain map εxx

obtained by applying geometric phase analysis. Two mis�t dislocation cores (marked by white arrows)
and two planar defects are clearly observed.

Figure 5.23a shows a cross-sectional [100] AC-HRTEM image recorded at the origin of

the RP faults. The growth direction is parallel to [001]. Figure 5.23b represents the in-

plane strain map εxx obtained by using geometric phase analysis [93, 94], showing clearly

the presence of two mis�t dislocation cores and two planar defects. One defect plane (left)

coincides with the dislocation core whereas the other is displaced to the right.

In order to elucidate the correlation between the mis�t dislocations and the planar

defects at atomic scale, a slightly underfocused AC-HRTEM image has been acquired at

the same position (Fig. 5.24a). Figure 5.24b presents the magni�ed image around the

dislocation cores. By applying a small underfocus, i.e., -1 nm, the A- and B-site cations

are clearly distinguishable, enabling precise determination of the atomic structure at the

dislocations cores (Fig. 5.24c). The mis�t dislocations (indicated by T) are formed by the

removal of a plane of B-site cations. Therefore, they are identi�ed as edge-type partials

with Burgers vector of 1/2[010]. The two partial dislocations are bounded with a (001)

stacking fault (dotted black line). The projected displacement vector of the stacking

fault is 1/2[001]. However, as discussed in the previous section, the antiphase boundaries

(dotted red line) are in nature RP faults with a displacement vector of 1/2[111], suggesting

that the real displacement vector of the stacking fault is 1/2[101]. The formation of

b = 1/2[010] partial dislocations is attributed to the dissociation of a perfect b = [010]

mis�t dislocation, i.e.,



CHAPTER 5. RESULTS AND DISCUSSION 77

[010]→ 1

2
[010] +

1

2
[010]. (5.1)

Since the dislocation energy is proportional to b2 [95], the dissociation is energetically

favorable and reduces the total energy by 50%. Note that the (001) stacking fault intro-

duces additional energy, however, the stacking-fault-induced energy gain is relatively low

as compared to the energy reduction caused by the dissociation.

Fig. 5.24: a AC-HRTEM image acquired at the same position as that of Fig. 5.23a with slight under-
focus. b Magni�ed image from the boxed area in (a). c Atomic model illustrating the formation of the
RP faults as a result of the dissociation of a perfect [010] mis�t dislocation. For simplicity, both Ni and
Al cations are represented by the green spheres and oxygen anions are omitted. The boundary of the RP
faults is marked by the dotted red line. The partial dislocations are indicated by T. The stacking fault
bounded with the two partial dislocations is represented by the dotted black line.
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Fig. 5.25: Formation mechanism of RP faults induced by the 1/2[010] partial dislocations and the (001)
stacking fault. The partial dislocations are indicated by T. The displacement vector of the (001) stacking
fault is RSF = 1/2[101]. The diplacement vector of the RP fault is RRP = 1/2[111]. The blue arrows
indicate the shift of the unit cells towards the center.

According to the determined structure of the partial dislocations and bounded stacking

fault, the formation mechanism of RP faults can be readily explained (Fig. 5.25). During

epitaxial growth, due to the lattice mismatch between the PrNiO3/PrAlO3 superlattice

and LaSrAlO4 substrate, two b = 1/2[010] partial dislocation are formed to relieve the

compressive strain by removing the B-site cations on the (010) plane. Meanwhile, a

stacking fault with RSF = 1/2[101] is introduced on the (001) plane between the two

partials. In the subsequent growth, the unit cells on the left and right are shifted towards

the center (indicated by the blue arrows), narrowing the gap which is created by the

partial dislocations. The combined e�ect of the partial dislocations and the stacking

fault results in the formation of RP faults on the (010) plane with a displacement vector

RRP = 1/2[111], i.e.,

1

2
[010] +

1

2
[101]→ 1

2
[111]. (5.2)

The presence of partial dislocations also explains the local increase in the in-plane lattice

parameter d020. It is worth noting that, initially, the RP fault planes, i.e., grain bound-

aries, coincide with the dislocations cores and the separation between the two boundaries

is only 1 unit cell (Fig. 5.24c). During subsequent epitaxial growth, another RP fault is

introduced on the (001) plane (indicated by the horizontal dotted red line in Fig. 5.24c),

shifting the grain boundary to the right-hand side by another 4 unit cells. On the other

hand, in di�erent regions of the specimen, the separation between two RP fault planes

remains 1 unit cell till the surface of the superlattice (Fig. 5.26). In addition, as shown in

Fig. 5.20a, the separation could be as large as 10 unit cells as well. The reason for di�erent

separation distances, however, remains elusive which warrants further investigations.
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Fig. 5.26: AC-HRTEM images acquired at the surface of the superlattice with slight underfocus, showing
1 unit-cell-wide separation between the RP fault planes.

In summary, the structural imperfections in a compressive-strained PrNiO3/PrAlO3

superlattice have been studied by using AC-HRTEM. With atomic resolution imaging,

the structure of the mis�t dislocations as well as RP faults have been unambiguously

determined. It was found that, due to the relatively large lattice mismatch between

the superlattice and the substrate, mis�t dislocations have formed during the epitaxial

growth of the superlattice. Each perfect mis�t dislocation immediately dissociated into

two partials with Burgers vector of 1/2[010] which were bounded with a 1/2[101] stacking

fault. The dissociation together with the stacking fault were attributed to the formation

of RP faults on the (010) planes, suggesting a new formation mechanism of the RP faults

which is di�erent from those reported in the literature.
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Chapter 6

Conclusion and Outlook

In this dissertation, the epitaxially strained short-period RNiO3/RMO3 superlattices (R

= La, Pr andM = Ga, Al) have been systematically characterized. By using AC-HRTEM

imaging and AC-STEM EDX mapping, the local octahedral rotations, chemical abrupt-

ness at heterointerfaces, as well as crystal defects, have been studied with atomic resolu-

tion.

In the �rst part of this work, the local octahedral rotations in tensile-strained LaNiO3/LaGaO3

superlattices were elucidated by using AC-HRTEM imaging (section 5.1 and section 5.2).

We found that, in short-period superlattices, the octahedral rotations were dominantly

determined by the octahedral connectivity at heterointerfaces. In the [(4 u.c.//4 u.c.)×8]
LaNiO3/LaGaO3 superlattice (section 5.1), octahedral rotations about [100] and [010]

axes were suppressed in the vicinity of the substrate, due to the connectivity between

the NiO6 and TiO6 octahedra. Enhanced [100] and [010] rotations, which were expected

due to tensile strain, were only observed in a short length scale. Near the surface of

the superlattice, the [100] and [010] rotational magnitudes of NiO6 and GaO6 relaxed

to the bulk values of LaNiO3 and LaGaO3. In addition, the interaction between NiO6

and GaO6 was found to be extremely short-ranged, i.e., only 1-2 unit cells. Due to the

strong lattice-property correlation, the local variations of NiO6 rotations along the growth

direction may result in the stabilization of distinct electronic and magnetic states within

the superlattice. Therefore, in order to produce LaNiO3/LaGaO3 superlattices with con-

trolled and homogeneous functional properties throughout the entire superlattice, it is

necessary to �ne-tune the rotational magnitudes of NiO6 in every LaNiO3 layer. To this

end, the potential of octahedral connectivity at LaNiO3�LaGaO3 interfaces was further

exploited. Since the length scale over which the NiO6 and GaO6 rotations interact was

less than 2 unit cells., the thickness of the LaNiO3 layer was reduced to only 1 unit cell,

with the expectation of controlling the NiO6 rotations through the neighboring GaO6

octahedra. In the [(1 u.c.//4 u.c.)×13] LaNiO3/LaGaO3 superlattice (section 5.2), we

found that the NiO6 octahera adopted the same [100] and [010] rotational magnitudes as

81
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the neighboring GaO6 up to the surface of the superlattice. These results demonstrated

that in LaNiO3-based superlattices, the octahedral rotations of NiO6 could be precisely

controlled via interfacial octahedral connectivity when the thickness of the LaNiO3 layer

is reduced to 1 unit cell. For future research of RNiO3/RMO3 superlattices, it will be

of interest to embed 1-unit-cell-thick RNiO3 layers in various RMO3 materials with dif-

ferent octahedral rotation patterns and magnitudes. By controlling the NiO6 rotations

through the neighboring MO6 octahedra, the correlation between the NiO6 rotations and

the resulting functionalities can be better elucidated.

One important conclusion of our work is that interfacial octahedral connectivity opens

up a promising route to the precise control of octahedral rotations in ABO3 superlattices.

By rational design of the superlattice structure, the B-O bond lengths and B-O-B bond

angles can be modi�ed with atomic-level precision, providing access to novel functionalities

which can be engineered in a controllable manner.

In the second part of this dissertation, we studied the chemical abruptness in the [(4

u.c.//4 u.c.)×8] LaNiO3/LaGaO3 superlattice (section 5.3). By using AC-STEM EDX

mapping, the chemical composition across the heterointerfaces was analyzed at the atomic

scale. It was found that, at the SrTiO3�LaNiO3 interface, cation intermixing was mainly

induced by the cation interdi�usion as a response to polar discontinuity. Whereas at the

subsequent LaNiO3�LaGaO3 and LaGaO3�LaNiO3 interfaces, the intermixing of Ni and

Ga was attributed to the incomplete coverage of the monolayers during epitaxial growth.

Based on the proposed mechanism of Ni-Ga intermixing, the wavy chemical modulation

can be well correlated to the surface roughness of the superlattice. Our results indicated

that the surface roughness may serve as a good indicator of the chemical modulation

within the superlattice. Since both interdi�usion and incomplete layer coverage leads to

the simultaneous presence of di�erent B-site cations in the same BO2 layer, however, the

cation intermixing induced by these two mechanisms are indistinguishable due to the pro-

jection limitation of AC-STEM EDX mapping. Therefore, we suggested that, for future

investigations of chemical abruptness in ABO3 superlattices, the e�ect of incomplete cov-

erage should always be taken into account to prevent false interpretation of the AC-STEM

EDX results

In the last part of this work, the structural imperfections in a compressive-strained

PrNiO3/PrAlO3 superlattice were investigated by using AC-HRTEM (section 5.4). With

atomic resolution imaging, the structure of the mis�t dislocations as well as RP faults

have been unambiguously determined. We found that, due to the relatively large lattice

mismatch between the superlattice and the substrate, mis�t dislocations were formed dur-

ing the epitaxial growth of the superlattice. Each perfect mis�t dislocation immediately

dissociated into two partials with Burgers vector of 1/2[010] which were bounded with a

1/2[101] stacking fault. The dissociation together with the stacking fault were attributed
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to the formation of RP faults on the (010) planes. The formation mechanism proposed in

this dissertation is substantially di�erent from those reported in the literature, indicating

a new origin of RP faults in epitaxially strained ABO3 superlattices.



d

This page intentionally left blank



Bibliography

[1] Lacorre, P. et al. Synthesis, crystal structure, and properties of metallic PrNiO3:

Comparison with metallic NdNiO3 and semiconducting SmNiO3. J. Solid State Chem.

91, 225 � 237 (1991).

[2] Torrance, J. B., Lacorre, P., Nazzal, A. I., Ansaldo, E. J. & Niedermayer, C. Sys-

tematic study of insulator-metal transitions in perovskites RNiO3 (R=Pr,Nd,Sm,Eu)

due to closing of charge-transfer gap. Phys. Rev. B 45, 8209�8212 (1992).

[3] García-Muñoz, J. L., Rodríguez-Carvajal, J., Lacorre, P. & Torrance, J. B. Neutron-

di�raction study of RNiO3 (R=La,Pr,Nd,Sm): Electronically induced structural

changes across the metal-insulator transition. Phys. Rev. B 46, 4414�4425 (1992).

[4] Chaloupka, J. & Khaliullin, G. Orbital order and possible superconductivity in

LaNiO3/ LaMO3 superlattices. Phys. Rev. Lett. 100, 016404 (2008).

[5] Hansmann, P. et al. Turning a nickelate fermi surface into a cupratelike one through

heterostructuring. Phys. Rev. Lett. 103, 016401 (2009).

[6] Chakhalian, J. et al. Asymmetric orbital-lattice interactions in ultrathin correlated

oxide �lms. Phys. Rev. Lett. 107, 116805 (2011).

[7] Liu, J. et al. Quantum con�nement of Mott electrons in ultrathin LaNiO3/LaAlO3

superlattices. Phys. Rev. B 83, 161102 (2011).

[8] Benckiser, E. et al. Orbital re�ectometry of oxide heterostructures. Nat. Mater. 10,

189�193 (2011).

[9] Wu, M. et al. Strain and composition dependence of orbital polarization in nickel

oxide superlattices. Phys. Rev. B 88, 125124 (2013).

[10] Boris, A. V. et al. Dimensionality control of electronic phase transitions in nickel-

oxide superlattices. Science 332, 937�940 (2011).

[11] Frano, A. et al. Orbital control of noncollinear magnetic order in nickel oxide het-

erostructures. Phys. Rev. Lett. 111, 106804 (2013).

85



BIBLIOGRAPHY 86

[12] Frano, A. et al. Layer selective control of the lattice structure in oxide superlattices.

Adv. Mater. 26, 258�262 (2014).

[13] Berner, G. et al. Dimensionality-tuned electronic structure of nickelate superlattices

explored by soft-x-ray angle-resolved photoelectron spectroscopy. Phys. Rev. B 92,

125130 (2015).

[14] Rondinelli, J. M. & Spaldin, N. A. Structure and properties of functional oxide thin

�lms: Insights from electronic-structure calculations. Adv. Mater. 23, 3363�3381

(2011).

[15] Rondinelli, J. M. & Fennie, C. J. Octahedral rotation-induced ferroelectricity in

cation ordered perovskites. Adv. Mater. 24, 1961�1968 (2012).

[16] May, S. J. et al. Quantifying octahedral rotations in strained perovskite oxide �lms.

Phys. Rev. B 82, 014110 (2010).

[17] Vailionis, A. et al. Mis�t strain accommodation in epitaxial ABO3 perovskites: Lat-

tice rotations and lattice modulations. Phys. Rev. B 83, 064101 (2011).

[18] Rondinelli, J. M., May, S. J. & Freeland, J. W. Control of octahedral connectivity

in perovskite oxide heterostructures: An emerging route to multifunctional materials

discovery. MRS Bull. 37, 261�270 (2012).

[19] May, S. J. et al. Control of octahedral rotations in (LaNiO3)n/(SrMnO3)m superlat-

tices. Phys. Rev. B 83, 153411 (2011).

[20] Kumah, D. P. et al. Tuning the structure of nickelates to achieve two-dimensional

electron conduction. Adv. Mater. 26, 1935�1940 (2014).

[21] He, J., Borisevich, A., Kalinin, S. V., Pennycook, S. J. & Pantelides, S. T. Control

of octahedral tilts and magnetic properties of perovskite oxide heterostructures by

substrate symmetry. Phys. Rev. Lett. 105, 227203 (2010).

[22] Borisevich, A. Y. et al. Suppression of octahedral tilts and associated changes in

electronic properties at epitaxial oxide heterostructure interfaces. Phys. Rev. Lett.

105, 087204 (2010).

[23] He, Q. et al. Towards 3d mapping of BO6 octahedron rotations at perovskite het-

erointerfaces, unit cell by unit cell. ACS Nano 9, 8412�8419 (2015). PMID: 26174591.

[24] Kan, D., Aso, R., Kurata, H. & Shimakawa, Y. Unit-cell thick BaTiO3 blocks

octahedral tilt propagation across oxide heterointerface. J. Appl. Phys. 115, 184304

(2014).



BIBLIOGRAPHY 87

[25] Aso, R., Kan, D., Shimakawa, Y. & Kurata, H. Control of structural distortions

in transition-metal oxide �lms through oxygen displacement at the heterointerface.

Adv. Funct. Mater. 24, 5177�5184 (2014).

[26] Kan, D., Aso, R., Kurata, H. & Shimakawa, Y. Phase control of a perovskite

transition-metal oxide through oxygen displacement at the heterointerface. Dalton

Trans. 44, 10594�10607 (2015).

[27] Aso, R., Kan, D., Shimakawa, Y. & Kurata, H. Atomic level observation of octahedral

distortions at the perovskite oxide heterointerface. Sci. Rep. 3, 2214 (2013).

[28] Aso, R., Kan, D., Shimakawa, Y. & Kurata, H. Octahedral tilt propagation controlled

by A-site cation size at perovskite oxide heterointerfaces. Cryst. Growth Des. 14,

2128�2132 (2014).

[29] Hwang, J., Zhang, J. Y., Son, J. & Stemmer, S. Nanoscale quanti�cation of octahe-

dral tilts in perovskite �lms. Appl. Phys. Lett. 100, 191909 (2012).

[30] Hwang, J. et al. Structural origins of the properties of rare earth nickelate superlat-

tices. Phys. Rev. B 87, 060101 (2013).

[31] Jia, C. L., Lentzen, M. & Urban, K. Atomic-resolution imaging of oxygen in per-

ovskite ceramics. Science 299, 870�873 (2003).

[32] Jia, C. L. et al. Oxygen octahedron reconstruction in the SrTiO3/LaAlO3 heteroint-

erfaces investigated using aberration-corrected ultrahigh-resolution transmission elec-

tron microscopy. Phys. Rev. B 79, 081405 (2009).

[33] Imada, M., Fujimori, A. & Tokura, Y. Metal-insulator transitions. Rev. Mod. Phys.

70, 1039�1263 (1998).

[34] Tokura, Y. & Nagaosa, N. Orbital physics in transition-metal oxides. Science 288,

462�468 (2000).

[35] Mannhart, J. & Schlom, D. G. Oxide interfaces an opportunity for electronics.

Science 327, 1607�1611 (2010).

[36] Hwang, H. Y. et al. Emergent phenomena at oxide interfaces. Nat. Mater. 11,

103�113 (2012).

[37] Yu, P., Chu, Y.-H. & Ramesh, R. Oxide interfaces: pathways to novel phenomena.

Mater. Today 15, 320 � 327 (2012).

[38] Granozio, F. M., Koster, G. & Rijnders, G. Functional oxide interfaces. MRS Bull.

38, 1017�1023 (2013).



BIBLIOGRAPHY 88

[39] Chakhalian, J., Freeland, J. W., Millis, A. J., Panagopoulos, C. & Rondinelli, J. M.

Colloquium : Emergent properties in plane view: Strong correlations at oxide inter-

faces. Rev. Mod. Phys. 86, 1189�1202 (2014).

[40] Nakagawa, N., Hwang, H. Y. & Muller, D. A. Why some interfaces cannot be sharp.

Nat. Mater. 5, 204�209 (2006).

[41] Muller, D. A. et al. Atomic-scale chemical imaging of composition and bonding by

aberration-corrected microscopy. Science 319, 1073�1076 (2008).

[42] Chambers, S. et al. Instability, intermixing and electronic structure at the epitaxial

LaAlO3/SrTiO3 (001) heterojunction. Surf. Sci. Rep. 65, 317 � 352 (2010).

[43] Colby, R. et al. Cation intermixing and electronic deviations at the insulating

LaCrO3/SrTiO3 (001) interface. Phys. Rev. B 88, 155325 (2013).

[44] Lu, P., Xiong, J., Benthem, M. V. & Jia, Q. Atomic-scale chemical quanti�cation of

oxide interfaces using energy-dispersive X-ray spectroscopy. Appl. Phys. Lett. 102,

173111 (2013).

[45] Willmott, P. R. et al. Structural basis for the conducting interface between LaAlO3

and SrTiO3. Phys. Rev. Lett. 99, 155502 (2007).

[46] Vonk, V. et al. Polar-discontinuity-retaining A-site intermixing and vacancies at

SrTiO3/LaAlO3 interfaces. Phys. Rev. B 85, 045401 (2012).

[47] Kalabukhov, A. S. et al. Cationic disorder and phase segregation in LaAlO3/SrTiO3

heterointerfaces evidenced by medium-energy ion spectroscopy. Phys. Rev. Lett. 103,

146101 (2009).

[48] Yamamoto, T. & Mizoguchi, T. Importance of fermi energy for understanding the

intermixing behavior at the LaAlO3/SrTiO3 heterointerface. Appl. Phys. Lett. 105,

201604 (2014).

[49] Habermeier, H.-U. Strategies towards controlling strain-induced mesoscopic phase

separation in manganite thin �lms. J. Phys.: Condens. Matter 20, 434228 (2008).

[50] Wu, J. S., Jia, C. L., Urban, K., Hao, J. H. & Xi, X. X. Conservative antiphase

boundary in SrTiO3 �lms on LaAlO3 substrates with SrRuO3 bu�er layers. J. Appl.

Phys. 89, 5653�5656 (2001).

[51] Nagarajan, V. et al. Mis�t dislocations in nanoscale ferroelectric heterostructures.

Appl. Phys. Lett. 86, 192910 (2005).



BIBLIOGRAPHY 89

[52] Lu, C. J. et al. Three types of dissociated mis�t dislocations in epitaxial

Ba0.3Sr0.7TiO3 thin �lms grown on (001) LaAlO3. J. Appl. Phys. 106, 113532 (2009).

[53] Wang, Y., Liang, W., Petrov, P. K. & Alford, N. M. Dissociation of mis�t and

threading dislocations in Ba0.75Sr0.25TiO3 epitaxial �lm. Mater. Charact. 62, 294 �

297 (2011).

[54] Detemple, E. et al. Ruddlesden-popper faults in LaNiO3/LaAlO3 superlattices. J.

Appl. Phys. 112, 013509 (2012).

[55] Wang, W. Y. et al. Atomic mapping of Ruddlesden-Popper faults in transparent

conducting BaSnO3-based thin �lms. Sci. Rep. 5, 16097 (2015).

[56] Xu, C. et al. Formation mechanism of Ruddlesden-Popper-type antiphase boundaries

during the kinetically limited growth of Sr-rich SrTiO3 thin �lms. Sci. Rep. 6, 38296

(2016).

[57] Thiel, S. et al. Electron scattering at dislocations in LaAlO3/SrTiO3 interfaces. Phys.

Rev. Lett. 102, 046809 (2009).

[58] Li, H. et al. Origin of antiphase domain boundaries and their e�ect on the dielectric

constant of Ba0.5Sr0.5TiO3 �lms grown on MgO substrates. Appl. Phys. Lett. 81,

4398�4400 (2002).

[59] Gu, M. et al. Strain relaxation defects in perovskite oxide superlattices. J. Mater.

Res. 27, 1436�1444 (2012).

[60] Qi, H. Y. et al. Local octahedral rotations and octahedral connectivity in epitaxially

strained LaNiO3/LaGaO3 superlattices. J. Mater. Sci. 50, 5300�5306 (2015).

[61] Qi, H. Y. et al. Control of octahedral rotations via octahedral connectivity in an

epitaxially strained [1 u.c.//4 u.c.] LaNiO3/LaGaO3 superlattice. J. Mater. Sci. 51,

8168�8176 (2016).

[62] Reimer, L. & Kohl, H. Transmission Electron Microscopy: Physics of Image Forma-

tion (Springer Science+Business Media: New York, 2008).

[63] Williams, D. B. & Carter, C. B. Transmission Electron Microscopy: A Textbook for

Materials Science (Springer Science+Business Media: New York, 2009).

[64] Erni, R. Aberration-Corrected Imaging in Transmission Electron Microscopy: An

Introduction (Imperial College Press: London, 2010).

[65] Scherzer, O. The theoretical resolution limit of the electron microscope. J. Appl.

Phys. 20, 20�29 (1949).



BIBLIOGRAPHY 90

[66] Coene, W. & Jansen, A. Image delocalization and high resolution transmission elec-

tron microscopic imaging with a �eld emission gun. Scanning Microscopy Supplement

6, 379�403 (1992).

[67] Lichte, H. Optimum focus for taking electron holograms. Ultramicroscopy 38, 13 �

22 (1991).

[68] Rose, H. Outline of a spherically corrected semi-aplanatic medium-voltage tem. Optik

85, 19�24 (1990).

[69] Uhlemann, S. & Haider, M. Residual wave aberrations in the �rst spherical aberration

corrected transmission electron microscope. Ultramicroscopy 72, 109 � 119 (1998).

[70] Rose, H. Geometric Charged-Particle Optics (Springer-Verlag: Berlin Heidelberg,

2009).

[71] Lee, Z. Incorporate elastic and inelastic scattering into image calculation for low-

voltage transmission electron microscope. Ph.D. thesis, Ulm University (2014).

[72] Zemlin, F., Weiss, K., Schiske, P., Kunath, W. & Herrmann, K.-H. Coma-free align-

ment of high resolution electron microscopes with the aid of optical di�ractograms.

Ultramicroscopy 3, 49 � 60 (1978).

[73] Lentzen, M. Contrast transfer and resolution limits for sub-angstrom high-resolution

transmission electron microscopy. Microsc. Microanal. 14, 16�26 (2008).

[74] Urban, K. W. et al. Negative spherical aberration ultrahigh-resolution imaging in

corrected transmission electron microscopy. Phil. Trans. R. Soc. A 367, 3735�3753

(2009).

[75] Kaiser, U. et al. Transmission electron microscopy at 20 kv for imaging and spec-

troscopy. Ultramicroscopy 111, 1239 � 1246 (2011).

[76] Rose, H. Future trends in aberration-corrected electron microscopy. Phil. Trans. R.

Soc. A 367, 3809�3823 (2009).

[77] Freitag, B., Kujawa, S., Mul, P., Ringnalda, J. & Tiemeijer, P. Breaking the spher-

ical and chromatic aberration barrier in transmission electron microscopy. Ultrami-

croscopy 102, 209 � 214 (2005).

[78] Tiemeijer, P. C., Bischo�, M., Freitag, B. & Kisielowski, C. Using a monochromator

to improve the resolution in focal-series reconstructed tem down to 0.5å. Proceedings

of the 14th European Microscopy Congress 1, 53�54 (2008).



BIBLIOGRAPHY 91

[79] Kaiser, U. Homepage of the Sub-Angstrom Low-Voltage Electron Microscopy

(SALVE) project. www.salve-project.de (Ulm University, Germany, 2016).

[80] Linck, M. et al. Chromatic aberration correction for atomic resolution tem imaging

from 20 to 80 kv. Phys. Rev. Lett. 117, 076101 (2016).

[81] Cowley, J. M. & Moodie, A. F. The scattering of electrons by atoms and crystals. I.

A new theoretical approach. Acta Crystallogr. 10, 609�619 (1957).

[82] Hubbard, J. Electron correlations in narrow energy bands. ii. the degenerate band

case. Proc. R. Soc. A 277, 237�259 (1964).

[83] Mott, N. F. The basis of the electron theory of metals, with special reference to the

transition metals. Proc. Phys. Soc. London, Sect. A 62, 416 (1949).

[84] Goldschmidt, V. M. Die Gesetze der Krystallochemie. Naturwissenschaften 14,

477�485 (1926).

[85] Verma, A. & Jindal, V. Lattice constant of cubic perovskites. J. Alloys Compd. 485,

514 � 518 (2009).

[86] Vasylechko, L., Matkovskii, A., Savytskii, D., Suchocki, A. & Wallrafen, F. Crystal

structure of GdFeO3-type rare earth gallates and aluminates. J. Alloys Compd. 291,

57 � 65 (1999).

[87] Glazer, A. M. The classi�cation of tilted octahedra in perovskites. Acta Cryst. B

28, 3384�3392 (1972).

[88] Barna, A. & Pécz, B. Preparation Techniques for Transmission Electron Microscopy,

751�801 (Wiley-VCH Verlag GmbH, 2008).

[89] Koch, C. Determination of core structure periodicity and point defect density along

dislocations. Ph.D. thesis, Arizona State University (2002).

[90] Moon, E. J. et al. E�ect of interfacial octahedral behavior in ultrathin manganite

�lms. Nano Lett. 14, 2509�2514 (2014).

[91] Wu, M. Orbital re�ectometry of nickel oxide heterostructures. Ph.D. thesis, Max-

Planck-Institute for Solid State Research (2015).

[92] Ganguly, P. & Rao, C. Crystal chemistry and magnetic properties of layered metal

oxides possessing the K2NiF4 or related structures. J. Solid State Chem. 53, 193 �

216 (1984).



BIBLIOGRAPHY 92

[93] Hytch, M. J. & Potez, L. Geometric phase analysis of high-resolution electron mi-

croscopy images of antiphase domains: Example Cu3Au. Philos. Mag. A 76, 1119�

1138 (1997).

[94] Hytch, M., Snoeck, E. & Kilaas, R. Quantitative measurement of displacement and

strain �elds from HREM micrographs. Ultramicroscopy 74, 131 � 146 (1998).

[95] Hull, D. & Bacon, D. Introduction to dislocations (Elsevier, 2011).

[96] Ruddlesden, S. N. & Popper, P. The compound Sr3Ti2O7 and its structure. Acta

Crystallogr. 11, 54�55 (1958).



List of publications

1. Li, Y., Qi, H., Meish, T., Hocker, M., Thonke, K., Scholz, F. and Kaiser, U.

Formation of I2-type basal-plane stacking faults in In0.25Ga0.75N multiple quantum

wells grown on a (101̄1) semipolar GaN template. Appl. Phys. Lett. 110, 022105

(2017).

2. Qi, H., Kinyanjui, M., Chen, X., Biskupek, J., Geiger, D., Benckiser, E., Haber-

meier, H.-U., Keimer, B. and Kaiser, U. Control of octahedral rotations via oc-

tahedral connectivity in an epitaxially strained [1 u.c.//4 u.c.] LaNiO3/LaGaO3

superlattice. J. Mater. Sci. 51, 8168�8176 (2016).

3. Sahabudeen, H., Qi, H., Glatz, B. A., Tranca, D. Dong, R., Hou, Y., Zhang, T.,

Kuttner, C., Lehnert, T., Seifert, G., Kaiser, U., Fery, A., Zheng, Z. and Feng, X.

Wafer-sized multifunctional polyimine-based two-dimensional conjugated polymers

with high mechanical sti�ness. Nat. Commun. 7, 13461, (2016).

4. Al-Haddad, A., Wang, C., Qi, H., Grote, F., Wen, L., Bernhard, J., Vellacheri,

R., Tarish, S., Nabi, G., Kaiser, U. and Lei, Y. Highly-ordered 3D vertical resistive

switching memory arrays with ultralow power consumption and ultrahigh density.

ACS Appl. Mater. Interfaces 8, 23348�23355 (2016).

5. Liu, W., Naydenov, B., Chakrabortty, S., Wünsch, B., Hübner, K., Ritz, S., Cölfen,

H., Barth, H., Koynov, K., Qi, H., Leiter, R., Reuter, R., Wrachtrup, J., Boldt, F.,

Scheuer, J., Kaiser, U., Sison, M., Lasser, T., Tinnefeld, P., Jelezko, F., Walther, P.,

Wu, Y and Weil, T. Fluorescent nanodiamond�gold hybrid particles for multimodal

optical and electron microscopy cellular imaging. Nano Lett. 16, 6236�6244 (2016).

6. Qi, H., Kinyanjui, M., Biskupek, J., Geiger, D., Benckiser, E., Habermeier, H.-U.,

Keimer, B. and Kaiser, U. Local octahedral rotations and octahedral connectivity in

epitaxially strained LaNiO3/LaGaO3 superlattices. J. Mater. Sci. 50, 5300�5306

(2015).

7. Al-Haddad, A., Wang, Z., Xu, R., Qi, H., Vellacheri, R., Kaiser, U. and Lei, Y.

Dimensional dependence of the optical absorption band edge of TiO2 nanotube

arrays beyond the quantum e�ect. J. Phys. Chem. C 119, 16331�16337 (2015).



Acknowledgments

I owe my deepest gratitude to my supervisor Prof. Dr.Ute Kasier who brought me into

the wonderland of electron microscopy. It would not have been possible to accomplish

this research without her valuable guidance and continuous support. Her in-depth vision

and immense knowledge on transmission electron microscopy have helped me developing

into a quali�ed microscopist. To me, she is not only a mentor but also a friend who

constantly advises and encourages me during the past �ve years. She has o�ered me the

opportunity not only to work in a distinguished TEM group but also to collaborate with

excellent research groups all over the world, which is undoubtedly an invaluable experi-

ence for the growth of a young researcher like me. In addition, my heartfelt appreciation

goes to Prof. Dr. Bernhard Keimer and Dr. Eva Benckiser from Max Planck Institute for

Solid State Research in Stuttgart for the amazing samples and fruitful discussions. This

work would not have been nearly as productive without the exciting and successful col-

laboration.

I am grateful to Prof. Dr.Harald Rose, who enlightened me about the theoretical

aspects of TEM. His tremendous contribution to the development of TEM instruments

has signi�cantly bene�ted this research project. I also want to thank Prof. Dr. Dagmar

Gerthsen from Karlsruhe Institute of Technology for being the referee of this work. Her

valuable time and insightful comments are highly appreciated.

I would like to o�er my special thanks to Dr. Johannes Biskupek, who shared un-

reservedly his profound knowledge of TEM as well as his extraordinary skills on the

operation of the instrument. He has always been patient and supportive and spared no

e�ort to help me whenever I encounter di�culties in the research. Even after so many

years, his width and depth of knowledge on TEM have never stopped to amaze me. My

deep appreciation also goes to Sabine Grözinger, who signi�cantly improved the specimen

quality through the optimization of the sample preparation method.

In addition, I would like to express my gratitude to my colleagues who supported

me throughout this research. Advice and comments given by Dr.Michael Kinyanjui have

been a great help in this work. Discussions with him have been fruitful and illuminating.

Many thanks to Dr.Dorin Geiger and Dr. Zhongboo Lee for their constructive comments



and suggestions on image interpretation and simulation.

I would like to extend my gratitude to the following group members (including former

collegues): Dr. Felix Börrnert, Dr.Yueliang Li, Dr.Ossi Lehtinnen, Dr.Gerardo Algara-

Siller, Dr. Thilo Zoberbier, Dr. Philipp Wachsmuth, Dr.Ralf Hambach, Tibor Lehnert,

Michael Mohn, Rober Leiter, Manuel Mundszinger, Pia Börner, Kecheng Cao, for sharing

their ideas and teaching me new techniques in various research �elds.

In the end, I would like to express my heartfelt gratitude to my parents, who have

always loved and encouraged me and guided me with their wisdom. My deepest appreci-

ation goes to my beloved wife Wenjing, who have supported me with her unlimited love.

She makes my life so enjoyable that I could almost forget how di�cult and frustrating

scienti�c research can be.



Erklärung

Ich erkläre hiermit, dass ich die von mir vorgelegte Dissertation selbständig angefertigt

und keine anderen als die angegebenen Quellen und Hilfsmittel benutzt sowie die wörtlich

und inhaltich übernommenen Stellen als solche kenntlich gemacht habe.

Ulm, den........................................................................................

Haoyuan Qi


	Introduction
	High-resolution Transmission Electron Microscopy
	HRTEM Image Formation
	Exit-Plane Wave Under Weak-phase Object Approximation
	Phase Contrast Transfer Function 
	Objective aperture
	Lens aberration effects
	Partial temporal and partial spatial coherence
	Point resolution and information limit 
	Limitations of uncorrected TEM

	Aberration-Corrected HRTEM Imaging
	HRTEM Image Simulation
	Scanning Transmission Electron Microscopy

	Material Systems
	Epitaxial-Strained Short-Period RNiO3/RMO3 Superlattices
	Goldschmidt Tolerance Factor and Glazer Notation
	Observation of Octahedral Rotations in [110] Projection

	Experimental Methods
	Cross-Sectional TEM Sample Preparation
	Experimental Conditions for AC-HRTEM and AC-STEM EDX

	Results and Discussion
	Octahedral Rotations in a Tensile-Strained [4 u.c.//4 u.c.] LaNiO3/LaGaO3 Superlattice
	Control of Octahedral Rotations via Interfacial Octahedral Connectivity in a Tensile-Strained [1 u.c.//4 u.c.] LaNiO3/LaGaO3 Superlattice
	Cation Intermixing in the [4 u.c.//4 u.c.] LaNiO3/LaGaO3 Superlattice 
	Planar Defects and Misfit Dislocations in a Compressive-Strained PrNiO3/PrAlO3 Superlattice
	Planar defects 
	Identification of Ruddlesden-Popper faults 
	Formation of RP faults induced by dissociation of perfect dislocations 


	Conclusion and Outlook
	List of publications
	Acknowledgments
	Erklärung

