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1 Introduction and motivation 

1.1 Metallic glasses 

Traditional glasses such as silicates have been produced by mankind for more than 3000 years 

[1]. Glassy products based on minerals and polymers are now industrial products and part of our 

everyday life. Another type of glass, termed “metallic glass” (MG), was first discovered in 1960 at 

the California Institute of Technology [2] and continues since then to fascinate the scientific 

community with regards to basic science and engineering applications. MGs are defined as 

amorphous metallic alloys lacking the long-range atomic order of crystals and exhibit a glass 

transition upon heating manifested by a steep drop of their viscosity and a particular signature of 

their specific heat. This material does not exist in nature since the critical cooling rate in metallic 

alloys is normally too high to prevent crystallisation during cooling from the melt [3] (Figure 1).  

 

Figure 1 Schematic TTT diagram for a metallic glass. The alloy has to be cooled down from the melt (above 

𝑇𝑚 ) to below the glass transition temperature 𝑇𝑔  at a cooling rate high enough to prevent crystallization. 

Critical cooling rate has to be decreased to form bulk metallic glasses in respect to thin films and ribbons, 

termed “conventional metallic glass” on the graph. Republished with permission of Springer, Copyright 

2005, from [3]; permission conveyed through Copyright Clearance Center, Inc..  
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The first reported MGs were indeed limited in thickness to stay above a critical cooling rate of 

106 K.s−1. They consisted of metallic flakes, with composition Au75Si25, only a few micrometres in 

thickness [2]. These flakes were obtained by so-called splat quenching. With this technique, the 

cooling is done on a cold metallic surface. The good contact between the liquid metal and the 

cold surface allows a higher cooling rate than in water or oil, thus preventing crystallisation 

completely. The invention of the melt spinning process in the 1970s, in which a liquid metal is 

dripped into a spinning wheel cooled down internally by water or liquid nitrogen, facilitated the 

formation of MGs in ribbon geometry [4] (Figure 2). With this technique, cooling rates in the range 

of 103 – 106 K.s-1 could be achieved, preventing crystallisation during cooling. It became possible 

to form ribbons with a thickness of around 10-50 µm and a controlled width of several 

centimetres and more.  

 

Figure 2 The melt spinning technique used to produce metallic glass ribbons. Republished with permission 

of Springer, Copyright 2019, from [5]; permission conveyed through Copyright Clearance Center, Inc.. 

At that time, MGs consisted mainly of binary alloys, whose glass-forming ability was very 

dependent on small variations in the composition. It was found that compositions close to the 

eutectic presented the best glass-forming ability [6]. This can be understood from the lower 

melting point temperature of these alloys, which limits the diffusivity of the atoms once in  or 

close to the solid phase. A low melting point can also reduce the time in which the alloy is in the 

supercooled region and thus reduce the temperature range where crystallization could occur 
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(Figure 1). In fact, the best glass formers that are known are materials such as silicate glasses with 

a Tg Tm⁄  ratio typically around 0.6 – 0.7 (Figure 3). 

 

Figure 3 Comparison of the critical cooling rates found in different alloys compared to oxide glasses (for 

example silicates). As a general rule, materials with a higher  𝑇𝑔 𝑇𝑚⁄  ratio present a higher glass forming 

ability. Republished with permission of Elsevier Science & Technology Journals, Copyright 2004, from [7]; 

permission conveyed through Copyright Clearance Center, Inc.. 

The thickness of these binary alloy samples was nevertheless limited to several tens of 

micrometres, since a larger thickness leads to lower cooling rates in the inner part of the sample 

and thus to crystallization. Only ternary alloys based on noble metals such as Pd-Cu-Si and                  

Pd-Ni-P had a glass-forming ability sufficient to form so-called bulk metallic glasses (BMGs), with 

a maximum thickness of typically 1 cm [8–10]. The cost of precious metal elements such as Pd is 

high, and the search began for MGs based on different elements to continue the active 

development of this material. The systematic studies conducted on La, Mg and Zr 

multicomponent systems by Inoue and co-workers at Tohoku University [11,12] and the 

development of Zr-based alloys by Peker and Johnson at Caltech [13] greatly stimulated the 

material science community. These new alloys presented a glass-forming ability comparable to 

those based on precious metal elements. Later on, a number of different scientists discovered 
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other multicomponent systems based on Fe, Ni, Ti and Cu, showing a large glass-forming ability. 

After analysing the glass-forming ability of hundreds of alloys, Inoue introduced a set of empirical 

rules that should be followed to increase the chance of finding good glass-formers [11]. The first 

rule stipulates that the alloy should be a multicomponent of at least 4 elements. This can be 

understood by the “confusion principle”, in which the chance to form a viable crystal structure is 

decreased with a higher number of elements. The second rule concerns the packing density of 

the alloy. A higher packing density can be achieved by selecting atoms of different sizes, in a way 

that the smaller atoms fill the gaps in between the larger ones. This higher packing density 

reduces the diffusivity of the atoms during cooling. Inoue concluded from his results that there 

should be a difference in the atomic size ratio of at least 12% in between the three main 

components of the alloy. The third rule concerns the negative heat of mixing of the elements, 

which prevents short-range segregation and promotes a disordered system. Empirical 

observations indicate that at least three of the main elements in the alloy should have a negative 

heat of mixing together. As mentioned earlier, eutectic compositions are also more likely to be 

good glass formers. However it becomes difficult to obtain precise phase diagrams in the case of 

multicomponent systems having four or more elements. The good understanding of these 

principles allowed the development of fully amorphous MGs with a critical thickness of a few 

centimetres [14] (Figure 4). 
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Figure 4 Critical thickness of different alloys reported as a function of the year of their discovery.  

Republished with permission of Elsevier Science & Technology Journals, Copyright 2003, from [14]; 

permission conveyed through Copyright Clearance Center, Inc.. 

The pioneering studies of MGs focused mainly on the magnetic, electrical, thermodynamic and 

structural properties of the material. The structure of MGs is characterized by its lack of long-

range order and periodic lattice. The atoms of the alloy interact with each other thro ugh 

nondirectional metallic bonds, in opposition to traditional glasses (for example silicates), whose 

atoms interact via ionic/covalent bonds. Some MGs based on Fe, Ni and Co possess good soft 

magnetic properties with a low coercivity. In addition, they have a lower electrical conductivity 

with respect to crystalline metals with similar compositions. The high electrical resistance reduces 

the losses by eddy current when the material is subjected to alternating magnetic fields. The high 

coercivity also contributes to reducing the magnetization losses. These low magnetization losses 

qualify the material for applications such as transformer magnetic cores. This product remains 

the most successful application of MGs until now.  

Thermodynamic studies demonstrated that a rather large supercooled region exists in some MGs. 

This supercooled region is located in between the glass transition temperature 𝑇𝑔  and the 

crystallization temperature 𝑇𝑥 . In this temperature range, the material softens and exhibits a 

viscous flow, as it is the case for other amorphous materials such as thermoplastic polymers. This 

characteristic, unique among metals, offers the possibility to shape the material by thermoplastic 

forming [15] (Figure 5). With this technique, BMGs are compressed under a constant temperature 
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in the supercooled region. The low viscosity of the alloy in this temperature range allows a good 

filling of the mold, to obtain a complex geometry in a one-step process. This technique could be 

used to produce microelectromechanical systems (MEMS) with complex geometry by taking 

advantage of the high cooling rate of small pieces.  

 

Figure 5 (a) Principle of thermoplastic forming of MGs. The material is compressed in between two plates 

while its temperature remains in between 𝑇𝑔  and 𝑇𝑥. It is then brought back to room temperature before 

crystallization has time to occur. (b) The low viscosity of MGs in the supercooled range allows the formation 

of products with a complex geometry, even at very small scales. Adapted with permission of IOP Publishing, 

Ltd, Copyright 2009, from [16]; permission conveyed through Copyright Clearance Center, Inc.. 

Similarly, the watch industry is taking advantage of this unique feature among metals to form 

complex and tiny parts with a very smooth surface and a high amount of precious metals. In 

addition, diamonds can be inserted inside the MG while it is in the supercooled region. From this 

temperature, the MG will not experience much shrinking upon cooling since no phase 

transformation will occur, and the adhesion with the diamonds will remain good even at room 

temperature. The excellent wear, scratching and corrosion resistance of some MGs are also 

additional advantages for this type of application.  

With the increase in glass-forming ability over the years, relatively large samples could be 

produced, up to a few centimeters in thickness. It became thus possible to characterize the 

mechanical properties of MGs. The first mechanical study concerned the tensile deformation of 

Pd-Si ribbons [17]. It was found that the ultimate strength of the material was close to the 

theoretical limit and that the Young’s modulus was lower than in crystalline alloys with a similar 
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composition. In addition, the elastic limit of MGs is also higher than that of their crystalline 

counterparts, allowing more elastic energy to be stored in the material. The higher hardness, 

ultimate strength and elastic limit in MGs can be explained by the absence of dislocations, which 

allow plastic deformation in crystalline metals to happen way below the theoretical limit of 

perfect defect-free crystals. The lower Young’s modulus originates from the lower strength of the 

interatomic bounds in an amorphous system, where atoms have a higher potential. Most of the 

MGs are brittle in tension but some plasticity can be observed in compression. MGs possess 

actually a very good combination of yield strength and fracture toughness, when tested under 

compression and under particular conditions that do not lead to immediate failure once the 

material enters the plastic regime (Figure 6).  

 

Figure 6 Fracture toughness versus yield strength for different groups of material. MGs have a good 

combination of these two properties. Republished with permission of Nature Publishing Group, Copyright 

2011, from [18]; permission conveyed through Copyright Clearance Center, Inc.. 

NASA is currently developing strain wave gears based on MGs for their Mars rovers [19]. The 

operation of these high-precision gearboxes involve the elastic deformation of a thin-walled cup, 

named a flexspline (Figure 7). The low melting points of some MGs allow their production by 

injection molding, similarly to plastics. This is a clear advantage over conventional metals such as 

steel, since the fabrication cost of these gearboxes with complex geometry and precise dimension 
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would be much reduced. The lower Young’s modulus of MGs allow the flexspline to deform 

elastically under lower applied stress. In addition, the high hardness and elastic limit are 

beneficial, since they reduce the risk of plastic deformation or failure by fatigue. Moreover, it has 

been found that MG-based gearboxes can function without lubrication even at temperatures as 

low as 76 K. This is a massive advantage for the exploration of cold planets, where a large amount 

of energy would be required to heat up the lubricants if steel was to be used since crystalline 

metals tend to be very brittle at very low temperatures. Nevertheless, some aspects such as the 

fatigue resistance still need to be optimized for this product to become a reality.  

 

Figure 7 A BMG-based gearbox developed by NASA in function directly after submersion in liquid nitrogen. 

Courtesy NASA/JPL-Caltech [20] 

Despite several interesting mechanical properties, the plastic deformation observed in the 

compression of MGs is most of the time highly localized in several shear bands, only a few tens of 

nanometers in width. This strain localization can be attributed to the lack of strain hardening 

mechanism in MGs. Indeed, in crystalline metals, strain hardening occurs due to the generation 

of new dislocations during deformation, which tend to block each other. In MGs, the portion of 

the material which is first deformed becomes more structurally disordered and is on the contrary 

softened. Plastic deformation is therefore more likely to continue on the same plane (Figure 8).  
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Figure 8 Highly localized plastic deformation in a cuboid MG sample subjected to uniaxial compression. The 

samples which do not fail immediately upon entering the plastic regime generally deform exclusively along 

one main shear plane (the arrow indicates the sliding direction). The arrow indicates the shearing direction. 

This feature is a drawback for most applications, where a more homogeneous plastic deformation is 

preferred.  

A sample size effect was also observed in MGs, in which smaller samples exhibit better plasticity 

and a higher yield strength [21]. The higher yield strength can be understood from the lower 

probability of having structural defects cooperating to form a shear band in a smaller volume. 

This effect is a problem to consider for all applications which require large sample dimension. On 

the other hand, it can be advantageous for applications where the sample dimension s are very 

small. This is particularly interesting for thin film metallic glasses (TFMGs) with reduced thickness. 

The high hardness and the good ductility enhanced by the reduced thickness can be exploited to 

use this material as a protective coating [22]. In addition, the corrosion resistance in smooth 

TFMGs is very high since they do not have weak points such as grain boundaries, where corrosion 

can initiate. TFMGs can be obtained by standard processes such as sputtering without too many 

precautions and additional costs. Indeed, the low diffusivity of the deposited atoms allows the 
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formation of an amorphous phase, for a wide range of compositions. In comparison, the casting 

of larger pieces from the melt is more expensive and difficult, since it requires a high purity of raw 

materials and a special setup to achieve high cooling rates. Thin film deposition techniques can 

reduce the production cost of this material, which remains one of the big hindrances for its 

commercialization. 

1.2  Nanoglass 

Despite several unique and attractive properties, MGs also present certain drawbacks. The 

properties of polycrystalline materials can be tailored by controlling the size and the orientation 

of the grains with respect to each other. In MGs however, the structure is amorphous and 

therefore very homogeneous without preferred directions in 3D.  

The lack of structural heterogeneities is also responsible for the strain localization in a single thin 

shear band, since there is no obstacle for shear band propagation in the sample. Inert gas 

condensation was first presented as a method to obtain MGs with nanoscale heterogeneities [23]. 

In this technique, the elements of the alloy are sputtered or evaporated from a target. They then 

enter a chamber with a low pressure of an inert gas such as He. Due to the numerous collisions 

with the gas atoms, the ejected/evaporated atoms lose their kinetic energy and condensate into 

small particles. These condensed particles are then collected on a cold finger. The particles are 

scraped off from the surface and compacted under high-pressure to form a bulk material. The 

resulting material was described by the theoretical model of the nanoglass, introduced by Gleiter 

[24]. In this model, amorphous clusters with a size in the nanoscale are separated by amorphous 

interfaces of lower densities.  
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Figure 9 Schematic drawing of the nanoglass microstructure. The atoms are indicated by circles. Within the 

dense clusters, the structure is similar to that found in a homogeneous BMG. At the interface in between 

the clusters, there exists a higher structural disordering and a lower density. The interfaces are softer than 

the inner part of the clusters. The whole material is amorphous. Adapted with permission of Elsevier Science 

& Technology Journals, Copyright 2011, from [25]; permission conveyed through Copyright Clearance 

Center, Inc.. 

The mechanical properties of nanoglasses prepared by inert gas condensation with composition 

Sc75Fe25 were compared to that of amorphous ribbons with same composition by performing 

micro-compression experiments [26]. The ribbons had a brittle fracture without plastic 

deformation at a stress of around 1.9 GPa and a maximum strain of 5 %. The nanoglass sample 

however started to yield at around 1.25 GPa. Plastic flow could be observed afterward, and the 

sample fractured only at a stress of around 1.95 GPa and a maximum strain of 10 %. The lower 

yield stress can be understood from the presence of soft interfaces where shear bands can initiate 

easily. Molecular dynamic simulations showed that the plastic deformation in nanoglasses 

involves the sliding of multiple shear bands and is rather delocalized in comparison to 

homogeneous MGs (Figure 10). The soft interfaces offer in fact multiple sites for shear band 

initiation while the harder clusters are obstacles for the sliding of the shear bands, forcing their 

proliferation to continue plastic deformation.  
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Figure 10 Molecular dynamic simulation of the local strain under uniaxial tension in (a) a homogenous BMG 

and (b) a nanoglass, with composition Cu64Zr36. The deformation appears more delocalized on the 

nanoglass sample. Adapted with permission of American Physical Society, Copyright 2011, from [26], doi: 

https://doi.org/10.1103/PhysRevB.83.100202 

Other processes were used to produce nanoglasses. For example, nanoglass in the form of TFMGs 

could be deposited by magnetron sputtering [27]. The severe plastic deformation of BMGs is a 

way of achieving a nanoglass microstructure in a bulk sample [25]. In this case, the numerous 

shear bands introduced in the material during deformation form the interfaces in between the 

amorphous clusters. It is important to mention that nanoglass microstructures obtained via 

different processes certainly have very different properties, since the nature of the interfaces in 

between the amorphous clusters depends on the fabrication process. However all nanoglasses 

have in common the fact that they possess nanoscale heterogeneities of hardness and density in 

a completely amorphous material. As mentioned already, nanoglasses have different mechanical 

properties with respect to BMGs. In a similar way, very interesting magnetic [28] and catalytic 

[29] properties could be obtained in nanoglasses. 

   

https://doi.org/10.1103/PhysRevB.83.100202
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1.3 Research motivation 

The main goal of this research is to introduce nanoscale heterogeneities in MGs in order to 

understand how to toughen nominally brittle materials such as glasses and in particular metallic 

glasses. It is indeed expected that the introduction of controlled structural heterogeneities in the 

glassy structure improves the toughness by forcing shear bands to meander through the sample 

instead of leading to a brittle fracture. This work was performed on BMGs and thin film metallic 

glass (TFMGS) samples. The different goals in these investigations for the bulk and thin film 

samples were respectively as follows: 

 HPT (high pressure torsion) deformation of Pd- and Pt-based BMG samples 

The amorphous structure of precious metal (Pd- and Pt-) based BMGs was modified by 

high-pressure torsion (HPT) with the intention of improving the material ’s ductility. In 

addition, the mechanism of plasticity improvement was linked to the microstructural 

changes initiated in the bulk material.  

 Thin film metallic glass (TFMG) 

The local atomic structure of Zr- and Au-based thin film metallic glasses (TFMGs) was 

tailored by modifying the processing parameters in the magnetron sputtering chamber. 

The goal of this research was to comprehend the nanostructure formation in these thin 

film geometries. The mechanical properties of the Zr-based TFMGs have been evaluated 

and connected to the observed structures. This knowledge would allow us to tailor the 

material property and adjust it for specific applications. 

 Dealloying of TFMGs 

The mechanism of nanoporous gold formation by dealloying Au-based TFMGs with 

different initial microstructure has been a further part of the investigation. The role of the 

precursor microstructure on the catalytic properties of the film after dealloying has been 

investigated. The catalytic properties were optimized by selecting the TFMG with the most 

suited microstructure.  
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1.4 Short overview 

The dissertation is divided into six chapters. Chapter one introduces the material and the 

motivation of the research. Chapter two describes more in detail the state of the art concerning 

the plastic deformation mechanisms in MGs, the mechanical treatments that can be applied to 

this material, the formation of nanostructured thin films by magnetron sputtering and thermal 

evaporation and the dealloying of noble metal-based alloys. 

Chapter 3 describes the technical methods employed to produce and characterize the materials 

presented in this study. Chapter 4 presents the results of the research mentioned above and 

chapter 5 represents a discussion of the results. Chapter 6 includes a summary and an outlook for 

this research.  
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2 State of the art of nanostructured MGs 

2.1 Lack of plasticity in metallic glasses 

2.1.1 Shear transformation zone (STZ) 

In polycrystalline metals, the movement of dislocation constitutes the smallest unit of plastic 

deformation. One may be tempted to find an equivalent indivisible unit for plastic deformation 

in MGs. The amorphous nature of MGs lacks however a periodic structure and does not allow the 

formation of line defects such as dislocations. The model for shear transformation, the smallest 

unit of plastic deformation in MGs, was introduced for the first time by Argon [30]. In this model, 

a group of atoms deforms much more than the surrounding material upon macroscopic elastic 

loading. The region where these atoms are located is termed the shear transformation zone (STZ). 

The displacement of these atoms is inelastic and allows to release some of the stresses  applied 

to the sample during elastic loading. Several studies have attempted to determine the energy 

barrier of a shear transformation and the size of an STZ. STZs in BMGs have never been observed 

experimentally since it is very difficult to track individual motions of atoms of less than an 

interatomic distance in an amorphous structure. Their existence was nevertheless confirmed by 

several computer simulations [31–33]. In particular, the non-affine displacement field could be 

simulated for an athermal quasi-static loading of a 2D model glass, allowing some visualization of 

STZs [34,35] (Figure 11). The non-affine displacement field around each STZ was found to be 

quadrupolar and decreasing sharply in intensity when going away from the STZ centre. It was 

determined that an STZ involves the cooperative motion of a few tens to a few hundred atoms 

[36–41]. The activation energy was about several tenths of eV. However, it must be mentioned 

that the boundaries of an STZ are not very well defined and can only be estimated from the 

displacement field, by choosing an arbitrary threshold for non-affine atomic displacement. STZs 

are more likely to form in regions with lower short-range order since the bonds in between the 

atoms are softer in these regions [37,42]. However, it is impossible to predict precisely where an 

STZ will form. The structural disordering only increases the likelihood of a shear transformation 

event. The structural disorder in an STZ is increased in comparison to the surrounding material. 

However, in opposition to dislocations, isolated STZs remain immobile. As a consequence, a shear 
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transformation event is not sufficient for macroscopic plastic deformation to happen. Plastic 

deformation requires in fact the cooperative motion of multiple STZs along a shear plane.  

 

Figure 11 Non-affine displacement field simulated for athermal quasi-static loading in a 2D model glass. 

The quadrupolar distribution of displacement of the STZ is clearly visible. Adapted with permission of 

Springer, Copyright 2000, from [35]; permission conveyed through Copyright Clearance Center, Inc.. 

2.1.2 Shear band initiation 

The formation of a shear band from multiple STZs has been subjected to multiple investigations. 

Researchers have come to the conclusion that a shear band activation is a two-step process [43]. 

The first step involves structural defects such as nanovoids, always present in the MG after its 

casting. These defects act as stress concentrators and favour the apparition of multiple STZs in 

the neighbouring region (Figure 12a). When a group of activated and adjacent STZs reaches a 

critical length of around 100 nm, a rejuvenated front propagates to reach both ends of the sample 

(Figure 12b). The shear band front velocity reaches values close to the transverse sound velocities 

(≈103 m.s-1). This stage leads to the formation of a whole rejuvenated plane, where the local 

structural disordering is higher than in the rest of the material (Figure 12c). However, at this stage, 

the plastic strain and the temperature increase are very limited [44]. The second stage consists of 

the shearing of the rejuvenated plane (Figure 12d). At this point, the shear band becomes visible 

from its shear offset. The sliding velocity of the shear band is multiple orders of magnitude lower 
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than the shear band front velocity. For macro size samples it typically reaches a few mm.s -1 [45]. 

The plastic work is converted into heats during sliding. As a consequence, the temperature of the 

shear band may increase at this stage. This local temperature increase plays a major role on the 

mechanical properties of the BMG sample. 

 

Figure 12 Scheme representing the two-step process leading to shear band activation and sliding. (a) A 

group of adjacent STZs reaches a critical length (around 100 nm). (b) From these adjacent STZs, a shear 

band front propagates across the whole sample at a speed around 103 m.s-1. (c) This shear band front leads 

to the formation of a rejuvenated plane going through the whole sample. (d) Macroscopic plastic 

deformation finally occurs through the sliding of the rejuvenated plane, which becomes a shear band. These 

macroscopic deformation leads to an increase of temperature in the shear band (from).  Republished with 

permission of Elsevier Science & Technology Journals, Copyright 2013, from [46]; permission conveyed 

through Copyright Clearance Center, Inc.. 

2.1.3 Shear band characterization 

2.1.3.1 Structural changes in shear bands 

As stated previously, the structural disordering in the shear band allows and therefore precedes 

shearing. On the contrary, the temperature increase follows and is a consequence of shearing. 

Studies on the structural modifications in individual shear bands are until now relatively limited. 

Indeed, a precise structural investigation requires the polishing of the sample surface after 

deformation, which removes the shear offset associated to the shear band. The position of the 

shear band is difficult to be determined from the atomic structural changes alone due to the lack 

of resolution. However, there is no doubts that the shear bands have a lower structural order in 
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respect to the rest of the material. This was first highlighted by the work of Pampillo [47]. In his 

study, he etched a Pd-based BMG which previously underwent plastic deformation. The position 

of the shear bands was revealed due to their preferential etching, evidencing at the same time 

the different structural order in the band. This work has been repeated multiple times with 

different alloy compositions [48,49]. To investigate the nature of the structural changes in the 

shear bands, researchers have performed severe plastic deformation so that the material 

contains a high number density of shear bands. This allowed the structural changes to be 

investigated by methods such as diffraction (with X-ray, electron or neutron) and positron-

annihilation spectroscopy, which lacks the spatial resolution to measure the change in a few tens 

of nanometres thick shear bands. The concept of free volume is convenient to describe the 

microstructural changes in the sample. It can be described as the surplus of volume in a glass in 

comparison to the same glass in a fully relaxed state, where the density of the glass is at its 

highest. Most of diffraction measurements show that the free volume increases after severe 

plastic deformation [25,50]. However, in some particular cases, it was also shown that shorter 

atomic bounding were also created upon deformation [51]. The atoms tend in fact to move away 

from their lowest potential position either by being too near or too distant from their nearest 

neighbours. Positron-annihilation spectroscopy measurements revealed the presence of 

nanovoids in severely deformed BMGs [52]. These nanovoids certainly originate from the 

coalescence of free volume. High-resolution transmission electron microscopy (HR-TEM) is so far 

the only method which allowed the investigation of structural changes in individual shear bands. 

These measurements revealed for some samples the presence of nanovoids in shear bands as 

suggested by positron-annihilation spectroscopy measurements [53,54]. However, this was not a 

common feature of all MGs, since shear bands without nanovoids were also observed for different 

alloys [55,56]. The contrast in HR-TEM measurements brought information about the density of 

the shear bands. It was shown that the density of the shear bands varied in respect to that of th e 

surrounding material, with zones of lower but also higher densities succeeding each other [55]. 

This is in good agreement with previous findings obtained by diffraction measurements where 

shorter and longer atomic bounds were formed during deformation [51]. It was suggested that 

the structure in a shear band resembles the one of the supercooled liquid since they share some 

common features such as a higher potential energy and a lower elastic modulus. However, the 
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structural changes in shear bands are anisotropic, and depend on the sense and direction of the 

applied load. This was demonstrated by showing that the strength of the material is different in 

directions parallel or perpendicular to the direction of previous loading [57]. As a consequence, 

the rejuvenated amorphous state obtained in shear bands is different in nature from the 

rejuvenated state obtained by thermal treatment, since a thermal treatment induces isotropic 

structural changes in the material. 

2.1.3.2 Temperature in shear bands 

As previously mentioned, the temperature increase in shear bands is a consequence of shearing 

rather than its cause. Nevertheless, the temperature in a shear band may play an important role 

on the mechanical properties of a sample and be responsible of the transition from stable to 

unstable shear bands. Particularly, if the temperature exceeds the glass transition temperature, 

one expects the material in the shear band to behave more like a viscous liquid. Evidence of this 

phenomenon were provided by the fracture surface of some BMGs, where a vein pattern was 

observed (Figure 13). The vein pattern contains some long curved filaments elongated pointing 

to the direction perpendicular to the fracture surface characteristic of a viscous flow (Figure 13).  

 

Figure 13 SEM image of the fracture surface of a BMG with at. % composition Ti29.44Cu46.72Ni7.88Zr7.6Hf8.4.  

The vein pattern is clearly visible. Republished with permission of Elsevier Science & Technology Journals, 

Copyright 2017, from [58]; permission conveyed through Copyright Clearance Center, Inc.. 

To understand the origin of the temperature increase in shear bands, one needs to recall the 

particular properties of BMGs. BMGs have a large elastic strain limit, typically about twice that of 
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a crystalline counterpart. They also have a lower Young’s modulus, but this decrease generally 

doesn’t exceed 30% in respect to a crystalline counterpart. Altogether it means that MGs can 

store a higher amount of elastic energy before entering the plastic regime. In addition, the stored 

energy will be released mainly in a shear band only a few tens of nanometers thick. Temperature 

increase at shear band activation has been monitored directly by infra-red thermography [59]. 

However, this technique lacks the spatial and temporal resolution to obtain more detailed results. 

Alternatively, an indirect measurement method was proven more informative. In this case, the 

researchers sputtered a thin layer of tin prior to deformation [60]. After deformation and shear 

band formation, it was found that droplets of tin were present near the shear band offset, 

indicating that the temperature there was high enough for tin to melt. As a simplification, one 

can consider that the heat source is a full plane and that the heat is released immediately at shear 

band activation. In this case the temperature increase 𝛥𝑇 at a distance 𝑥 from the plane and a 

time 𝑡 after shear band activation can be given by the following equation: 

𝛥𝑇 =
𝐻

2𝜌𝐶𝑝 √𝜋𝛼

1

√𝑡
exp (

−𝑥2

4𝛼𝑡
)             Eq. 1 

where the material constants are the density 𝜌, the specific heat capacity 𝐶𝑝, and the thermal 

diffusivity 𝛼. 𝐻 is the amount of heat released in the shear bands. The maximum temperature 

reached at a distance 𝑥 from the shear plane is 

𝛥𝑇𝑚𝑎𝑥 =
1

√2𝜋𝑒
(

𝐻

𝜌𝐶
)

1

𝑥
               Eq. 2 

where 𝑒 is the exponential exponent (approximately 2.718). 

With SEM measurement, it is possible to evaluate 𝑥𝑚𝑎𝑥, the maximum distance from the shear 

plane at which tin melted. The melting temperature of tin is known to be 232 °C. Therefore, it 

becomes possible with this technique to estimate 𝐻 which is typically in the range of a few J.m-2. 

Although these measurements are useful to estimate the temperature in the shear band and its 

surrounding, they don’t bring much practical information on how this temperature increase 

affects the velocity and therefore the stability of a shear band.  



21 

2.1.4 Shear band stability 

Under uniaxial compression, some BMG samples can fail immediately after reaching the yield 

stress. In this case, the first shear band is considered unstable since it leads to immediate fracture. 

However, there are plenty of other cases where the shear band initiates, slides and stops sliding 

without sample fracture. These shear bands are considered stable. In uniaxial compression with 

constant elongation rate, the sliding of stable shear bands is associated with a drop in load or a 

stress drop (Figure 14a). These stress drops typically occur over a few milliseconds. A stress drop 

corresponds to the difference between the stress 𝜎𝑦 required to initiate the shear band and the 

stress 𝜎𝑓 required to keep it sliding. During a stress drop, a shear band slides, reducing the sample 

length permanently (in compression). The shear band sliding velocity was measured to be 

typically in the range of the mm.s-1 for mm long samples.  

 

Figure 14 (a) Typical stress versus strain curve for a Zr-based BMG of dimension 1 x 1x 2 mm compressed 

at a constant elongation rate of 0.1 µm.s-1. A zoom is made in the plastic regime so that the stress drops 

are clearly visible. A stress drop is the consequence of the sliding of a shear band. (b) The vertical 

component of the shear offset 𝑥 is indicated. 

The following demonstration is detailed in the literature [45]. BMGs tend to soften at a higher 

temperature and it was found experimentally that 𝜎𝑓 decreases almost linearly with 𝑇 according 

to the following equation: 
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𝜎𝑓(𝑇) = 𝜎𝑓(𝑇𝑅) − 𝐴𝐸
∆𝑇

𝑇𝑔
             Eq. 3 

where 𝑇𝑅 is the room temperature, 𝐴 a dimensionless constant ≈0.0106, 𝐸 the elastic modulus, 

𝑇𝑔  the glass transition temperature and ∆𝑇 the temperature increase in the shear band. During 

shear band sliding, the elastic energy stored in the device is released, leading to an elastic 

unloading both in the sample and in the deformed device. The relationship between the sample 

elastic unloading and the vertical component of the shear offset can be defined by 𝑥𝑠 =
𝐾𝑀𝑥

(𝐾𝑆 +𝐾𝑀)
 

where 𝐾𝑆  and 𝐾𝑀  are respectively the sample and machine stiffness. Therefore, the stress applied 

on a cylindrical sample decreases with the vertical component of the shear offset 𝑥 according to 

the following equation: 

𝜎(𝑥) = 𝜎𝑦 −
𝐸𝑥𝑠

𝐿
= 𝜎𝑦 −

𝐸 𝐾𝑀𝑥

𝐿(𝐾𝑆 +𝐾𝑀)
= 𝜎𝑦 −

𝐸𝑥

𝐿(1+𝑆)
           Eq. 4 

where 𝐿 is the length of the sample, 𝑥𝑠 the sample elastic unloading and 𝑆 =
𝐾𝑆

𝐾𝑀
=

𝜋𝑑2𝐸

4𝐿𝐾𝑀
 where 𝑑 

is the diameter of the sample.  

The heat released in the shear band 𝐻 should be proportional to the work done and therefore 

proportional to the shear offset and the flow stress leading to the equation: 

𝐻 = 𝜎𝑦𝑥𝑠𝑖𝑛(𝜃)               Eq. 5 

where 𝜃 is the shear band angle, most of the time equal to 45 °. Therefore the heat flux dumped 

into the shear band as a function of time should be: 

𝑑𝐻

𝑑𝑡
= 𝐸휀𝑦𝑥′𝑠𝑖𝑛(𝜃)               Eq. 6 

where 𝑥′ is the instantaneous vertical sliding speed of the shear band and 휀𝑦 the strain at yield. If 

one considers the shear band to be a two-dimensional heat source and the surrounding material 

to be a three-dimensional heat conducting medium, the increase in temperature as a function of 

time can be expressed by: 

∆𝑇(𝑡) =
1

2𝜌𝐶𝑝√𝜋𝛼
∫ 𝑓(𝑡 − 𝜏)

𝑑𝜏

√𝜏

𝑡

0
             Eq. 7 

where 𝑓(𝑡) =
𝑑𝐻(𝑡)

𝑑𝑡
 . The governing kinetic equation, for the vertical uniaxial loading direction, is 
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[𝜎(𝑥) − 𝜎𝑓(𝑇)]
𝜋𝑑2

4
= 𝑀𝑥′′              Eq. 8 

where 𝑀 is the effective inertia of the machine-sample system when responding to the stress 

gradient and is an empirical parameter estimated to be between 10 and 100 kg. By injecting 

Equations (3) and (4) into Equation (8) it results that 

𝑀𝑥′′ = (𝜎𝑦 − 𝜎𝑓(𝑇𝑅) −
𝐸𝑥

𝐿(1+𝑆)
+

𝐴𝐸2𝜀𝑦𝑠𝑖𝑛𝜃

2𝜌𝐶𝑝 𝑇𝑔√𝜋𝛼
∫ (𝑥′(𝑡 − 𝜏) √𝜏⁄ ) ⅆ𝜏

𝑡

0
) ∗

𝜋𝑑2

4
       Eq. 9 

The boundary conditions 𝑥(0) = 0 and 𝑥’(0) = 0 allow the equation to be solved numerically. If 

one ignores the temperature rise in the shear band and consider 𝜎𝑓 to be a constant, Equation 9 

simplifies and can be solved analytically. In this case one obtains 

𝑥(𝑡) = (𝜎𝑦 − 𝜎𝑓)
𝐿(1+𝑆)

𝐸
[1 − cos (√

𝐸𝜋𝑑2

4𝑀𝐿(1+𝑆)
𝑡)]              Eq. 10 

and  

𝑥𝑚𝑎𝑥 = 2(𝜎𝑦 − 𝜎𝑓)
𝐿(1+𝑆)

𝐸
              Eq. 11 

By comparing the numerical solution of Equation 9 and the solution directly given in Equation 10, 

the role of the temperature increase in the shear band stability can be understood. The curves 

representing the vertical displacement and sliding velocity of shear bands as a function of time, 

with or without consideration of the temperature increase in the shear band, are represented on 

Figure 15a.b for cylindrical samples of different diameters. The shear bands in the samples with 

diameter 1 and 2 mm are stable in the sense that their velocities passes by a maximum and goes 

back to zero after some time. The temperature in the corresponding shear bands does not 

increase significantly (Figure 15c). In the case of the 1 mm diameter sample, one can see that the 

temperature increase has only a limited influence on the shear band slid ing velocity (Figure 15b). 

However, the effect is already more pronounced with the 2 mm diameter sample. The samples 

with diameter 3 and 4 mm have unstable shear bands, with their velocities always increasing. The 

temperature in these shear bands went up to 𝑇𝑔 . At this temperature, a MG behaves more like a 

viscous liquid and permanent deformation can occur at much lower stresses. Such a shear band 

will for sure evolve into a crack leading to macroscale brittle fracture. Without temperature 
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increase, the shear band would remain stable as it can be shown on Figure 15a.b. This model 

explains well the size effect observed in MGs, where smaller samples of same composition show 

higher plasticity [61–63]. It also explains why the displacement associated to a single shear event 

is increased with a larger sample size, even when shear bands remain stable [64]. Moreover, it 

helps understand the different plasticity observed for similar samples compressed on devices 

with different stiffness [65]. Indeed, a higher 𝐾𝑀  and therefore a lower 𝑆 can also reduce the 

displacement and vertical sliding velocity of a shear band. The transition between stable to 

unstable shear bands can in fact be described as a competition between the stress release and 

the temperature increase. The term 𝐿(1 + 𝑆) has to stay below a critical limit which depends on 

the material properties to keep the shear band stable. The fracture surface of a MG tends to 

confirm this theory. Indeed a vein pattern is typically seen everywhere on the fracture surface 

except at its extremity, where the surface remains smooth (Figure 16) [64]. It confirms that in the 

early stage of shear band sliding, the temperature of the band is still below 𝑇𝑔 . The temperature 

increases however with the shear offset until it eventually reaches 𝑇𝑔  leading to a viscous flow 

and the observed vein pattern in the fracture surface (Figure 13 and Figure 15c). 

 

 

Figure 15  Calculated curves for (a) shear band vertical displacement, (b) vertical sliding speed and (c) 

temperature in a BMG with nominal composition Zr52.5Ti5Cu17.9Ni14.6Al10. The samples were cylinders of 

aspect ratio 2:1. Their diameters are indicated on the figure. The full lines correspond to the solutions taking 

into account the temperature increase in the shear band when the dashed lines are the solutions with 

temperature fixed at room temperature (300 K). The material properties of this commercial alloy (LM105) 

are freely available: 𝐸=92.7 GPa, 휀𝑦 = 0.018, 𝐶𝑝=329 J.kg−1.K−1, 𝑇𝑔=672 K, 𝜌= 6.57 g. Realistic values for 𝛼 

and 𝑀 were chosen with 𝛼= 2*10-6 m2.s-1 and 𝑀=50 kg. The values for 𝑆 were selected from a table [45]. 
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Figure 16 Schematic representation of mechanical failure in BMGs. The vein pattern is present everywhere 

except on the edges. It corresponds to the portion of the shear band where the temperature reached 𝑇𝑔 . 

The presented model is useful to determine the stability of a shear band when the material first 

reaches the yield stress. However, even MGs with initially stable shear bands fail after sufficient 

plastic strain. It can be seen from Figure 14a that the amplitude of the stress drop increases at a 

higher strain. The stress required to activate the shear band decreases as well as deformation 

continues, leading to an apparent strain softening effect. This effect can be explained by the fact 

that the plastic deformation continues through the reactivation of a single shear band [66]. The 

structural disordering and defects increases every time the shear band is reactivated. In the end, 

the accumulation of structural damage will soften the shear band so much that fracture 

eventually occurs, even if the shear band was originally stable.  
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2.2 Strategy for plasticity enhancement 

We have seen previously that the shear bands in MGs can remain stable and allow some local 

plastic deformation under certain conditions such as small sample dimension. However, there is 

a need to increase the plasticity of the material to produce for example larger samples which can 

still deform plastically without immediate brittle failure. Moreover achieving shear band stability 

alone is not enough for most applications if the plastic deformation is concentrated in one single 

shear band. Most applications require a homogeneous plastic deformation throughout the whole 

material to keep the functionality of the piece. This last point is particularly problematic for MGs 

since they lack a strain hardening mechanism promoting plastic delocalization. In fact, they have 

a strain softening behaviour, where the part deformed plastically becomes softer than the rest of 

the material. As a consequence, plastic deformation is more likely to resume in a pre-existing 

shear band than anywhere else. A strategy for plastic delocalization involves the introduction of 

hardness heterogeneities in the material. The idea behind this strategy is to provide multiple sites 

for shear band initiation in the soft regions and obstacles for shear bands sliding in the harder 

regions. Such heterogeneities are rarely present directly after sample casting. On the co ntrary, 

MGs are, without additional treatments, particularly homogeneous since they lack structural 

defects such as vacancies, dislocations and grain boundaries. A possible approach to obtain these 

heterogeneities consists of annealing the sample to a temperature close to 𝑇𝑔  to form crystalline 

dispersions in the amorphous matrix. Several research teams have indeed reported an 

improvement of the toughness after such thermal treatments [67]. However, in the vast majority 

of the cases, the presence of crystalline dispersions is a cause of embrittlement and should be 

avoided as much as possible. A major problem comes from the fact that annealing leads to a more 

relaxed amorphous state, exhibiting most of the times a lower plasticity [68]. On the other hand, 

mechanical treatments induce rejuvenation, the opposite of aging, in the sense that they lead to 

a more disordered structure [51,69]. They can also promote the formation of structural 

heterogeneities, beneficial for a delocalized plastic deformation. 
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2.2.1 Conventional mechanical treatments applied to metallic glasses 

2.2.1.1 Shot-peening 

In shot-peening, small and hard particles bombard the surface of a piece. Dimples typically form 

on the surface following the impact with the particles. In MGs, shot-peening is followed by a local 

decrease in hardness and elastic modulus near the surface when measuring on the cross section 

but by an increase of hardness when measuring directly on the peened surface [70]. The softening 

was attributed to the strain softening behaviour in MGs and to the presence of multiple pre-

activated shear bands in this region. The hardening on the other hand was attributed to the 

presence of directional compressive residual stresses. Samples subjected to shot-peening can 

withstand a plastic deformation twice higher than that of as-cast samples. To explain this 

improvement, it was suggested that the pre-activated shear bands below the peened surface 

offer multiple sites for shear band initiation and that the compressive stresses on the surface 

confine the plastic deformation within the sample. A higher density of shear bands was indeed 

found in the treated sample.  

2.2.1.2 Cold-rolling 

Cold rolling is a process where a plate of metal passes through a pair of rolls to reduce its 

thickness. This technique is widely used since it can be integrated into a production chain. In 

polycrystalline metals, cold-rolling is a mean to strengthen a piece often at the cost of a loss of 

ductility [71]. The effect of cold-rolling on the mechanical properties of MGs is in comparison very 

different. In fact, a remarkable increase of plastic strain in compression up to 15 % was found 

after cold rolling of Zr-based BMG samples, which exhibited in the as-cast state only negligible 

plastic deformation [72]. A limited plastic deformation in tension was also achieved with a relative 

thickness reduction of only 5 % [73,74]. The notch toughness of a Zr-based MG after a thickness 

reduction of up to 70 % tested by Charpy impact improved by about 36 % when the impact 

direction was perpendicular to the rolling direction [75]. However, no improvement could be 

found when the impact direction was parallel to the rolling direction. In fact, the primary shear 

bands formed an angle of 45 ° from the rolling direction when the secondary shear bands were 

parallel to the rolling direction. The anisotropy of the material properties indicates that the pre-

existing shear bands and their orientations play a major role in the mechanical properties of the 
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deformed BMGs. This was also confirmed by the comparison of samples rolled in one direction 

only with samples rolled in two directions, with a rotation of 180 ° in the rolling plane after each 

pass [76]. The shear bands in the sample rolled in one direction only were all al igned in the same 

direction. On the other hand, the rolling in two directions introduced an array of shear bands, 

with multiple intersections. This last sample presented the highest ductility. 

2.2.2 High-pressure torsion 

High-pressure torsion (HPT) is a process for severe plastic deformation. It has been widely used 

on polycrystalline materials due to its ability to produce very small grains with a lower fraction of 

low-angle grain boundaries. In HPT, the sample in form of a thin disk is placed in between two 

anvils. A quasi-hydrostatic compression is then applied on the sample. In addition to this 

compressive force, a torsional deformation is imposed by the rotating anvil, the other anvil 

staying immobile (Figure 17). The deformation is transferred to the sample through friction. The 

quasi-hydrostatic compression plays in fact a major role, since it prevents the formation of cracks 

in the sample. In this way, an otherwise brittle material such as MG can undergo severe plastic 

deformation without failure. According to geometrical considerations, in HPT deformation, the 

strain applied 𝛾 is proportional to the distance from the disk center 𝑟 according to  

𝛾 =
2𝜋𝑁𝑟

ℎ
               Eq. 12 

where 𝑁 is the number of rotation and ℎ the thickness of the sample. In polycrystalline materials 

however, a homogeneous microstructure with a similar grain refinement on the whole sample 

can be obtained after a sufficient number of rotation. This can be attributed in part to the strain 

hardening behaviour of these materials, which tends to delocalize the strain. However, MGs 

present a strain softening behaviour and it is not obvious that the whole material will exhibit the 

same microstructure at the end of HPT deformation. The more pronounced softening reported in 

most cases in the centre of the samples indicates that the structural state may differ in different 

regions of the sample [77–79]. It was shown afterwards that the central region of the sample 

undergoes a lower strain than the one expected from Equation 12 [77]. Moreover, it was revealed 

that the thin layer directly in contact with the anvils experiences much more deformation than in 

the sample volume [51]. For this reason, the top layer needs to be polished to study the change 
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in mechanical properties in the sample volume. The changes in the material structural order have 

been studied by high-energy X-ray diffraction. Researchers noticed modifications in the pair 

distribution function (PDF) opposite to those caused by thermal annealing [25,51]. The PDF curve 

was in fact slightly smoothened, the smallest interatomic distance in between the atoms being 

less well defined. It was demonstrated that both shorter and longer interatomic distance are 

introduced in the material after HPT. It was also seen that the material becomes more 

heterogeneous with amorphous clusters and nanocrystals a few nanometres in size [78,80]. 

Researchers reported an enhancement of the maximum plastic strain in the deformed samples 

but also an ability for shear band delocalization [78,81]. They postulated that the microstructural 

heterogeneities are responsible for these changes, since they offer multiple initiation sites but 

also obstacles for shear bands. After deformation, shear bands were visible from their shear 

offset. The number density of shear bands is generally very high, with a shear band spacing of a 

few micrometres only [82].  When observing the cross section, the shear bands form an array 

with two main directions: one close to the angular and one close to the longitudinal direction.  

 

Figure 17 Schematic representation of the HPT process: the sample is placed in between two anvils and 

subjected to a torsional deformation while being under quasi-hydrostatic compression. Realistic values for 

applied pressure and sample size are also given. 
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2.3 Thin films 

2.3.1 Magnetron sputtering 

Magnetron sputtering is one of the most popular techniques employed to deposit TFMGs. Like all 

sputtering processes, it involves the ejection of atoms from a target onto a substrate (Figure 18). 

DC sputtering is typically used to deposit conductive materials. In this case, a negative potential 

is applied to the target which acts as a cathode. The e- are therefore repelled and accelerated 

away from the target. Some of these e- will collide with the atoms of Ar present in the chamber. 

These collisions lead to the ionization of Ar atoms which become Ar+. Due to their positive charge, 

the Ar+ ions are accelerated towards the target. Following the collision with the target, atoms 

from the target are ejected and have a chance to reach the surface of the substrate. In DC 

magnetron sputtering, magnets are placed below the target. These magnets confine the free e - 

above the target surface and increase the chance to ionize an atom of Ar in this region. As a 

consequence, the sputtering rate in a magnetron sputtering device is increased in comparison to 

a simple sputtering device without magnets. The working pressure required to initiate the plasma 

can also be lowered down, which has several advantages such as limiting the contamination from 

gas species in the film.  

 

Figure 18 Schematic illustrating the working principle of magnetron sputtering 
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2.3.2 Electron beam physical vapor deposition 

In Electron beam physical vapor deposition (EBPVD), an electron beam is directed toward an 

anode target (Figure 19). The e- are emitted from a charged tungsten filament under vacuum. A 

pressure lower than 10-2 Pa is required to deposit with this technique so that the electrons are 

able to reach the target. Therefore, the working pressure will be much lower than in the case of 

magnetron sputtering, where a pressure superior to 10-1 Pascal is required. Once it reaches the 

target material, the kinetic energy of the electrons is transferred to the material in the form of 

thermal energy. This will locally heat up the material, causing it to melt or sublimate. With a low 

enough vacuum and a high enough temperature, vapor will form from the solid and melt. The low 

pressure in the chamber has for consequence that the scattering of the evaporated atoms is very 

limited and their trajectory remains straight. The range of deposition rate achievable with this 

technique is very large: typically from 0.1 to 100 µm.min -1. The evaporated atoms have principally 

thermal energies, which is much lower than the energy of sputtered atoms, typically in the range 

of 10-40 eV.  
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Figure 19 Schematic representation of electron beam evaporation process 

2.3.3 The zone-structure model 

2.3.3.1 Governing principles 

The zone-structure model has proven to be very useful in summarizing the different types of thin 

film microstructure that can be encountered [83,84]. Its strength lies in the fact that it applies to 

diverse deposition techniques such as magnetron sputtering and EBPVD. It doesn’t apply however 

to epitaxial deposition techniques, which are anyway not relevant for TFMGs. This model was first 

developed for crystalline thin films but it is interesting to compare the prediction of this model 

with the actual microstructure of the deposited TFMGs. 

The condensation of an atom from the vapor phase to the substrate follows a series of steps. 

When the contact is first established with the substrate, the incident atom transfers a large part 

of its energy. At this point, the atom is loosely bounded and can stil l diffuse over the surface of 
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the film. This stage ends either with the desorption of the atom which returns to the vapor phase 

or more commonly with the trapping of the atom in a low potential position. Finally, the last stage 

involves the readjusting of the atom position in the volume of the film by bulk diffusion. All these 

steps involve four basic processes: the shadowing effect, the desorption, the surface diffusion 

and the bulk diffusion. The shadowing effect can be described as a geometric interaction between 

the roughness of the film and the incident angle of the deposited atoms. It comes from the fact 

that an incident atom has a higher probability to arrive on the top of a hill than it has to arrive in 

a valley when its incident angle is not perpendicular to the coating surface (Figure 20). To quantify 

the importance of these processes on the final thin film structure, one can consider parameters 

such as the substrate roughness, the sublimation energy and the activation energies for surface 

and bulk diffusion. For many metals, these energies increase with temperature and are 

proportional to the melting point. Therefore, it is expected that different structures fo rm in 

different 𝑇/𝑇𝑚  ranges.   

 

Figure 20 Schematic of the shadowing effect responsible for columnar growth. In this example, the 

shadowing effect is favored by the oblique incident angle in a way that the surface diffusion of the 

deposited atoms is not sufficient to prevent columnar growth. 

2.3.3.2 The four zone-structures 

Originally, the zone-structure model was separated into three zones (Figure 21):   

The zone 1 is located at the lowest  𝑇/𝑇𝑚  values. In this range, the surface and bulk diffusivity are 

weak and the dominant process is the shadowing effect. The thin film consists of tapered crystals 

with domed tops, separated by voided boundaries. The crystals contain many defects and 
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dislocations. These defects can be obstacles for dislocations. Therefore, such thin films are hard 

when tested in the direction perpendicular to the surface. However, their lateral strength is poor 

due to the voided boundaries.  

The zone 2 is located at intermediate 𝑇/𝑇𝑚  values. In this range, the surface diffusivity is the 

dominating process. The microstructure consists of columnar grains separated by dense 

boundaries. In comparison to the zone 1, the top of the column is not anymore domed. The top 

surface is in the contrary very smooth. The mechanical properties of this film are similar to the 

ones of the as-cast metal. 

The zone 3 is located at the highest 𝑇/𝑇𝑚  values. In this range, the bulk diffusivity is the 

dominating factor. The top surface is again smooth and the microstructure consists of large 

equiaxed grains, free of defects. The hardness of this film is lowered down in comparison to the 

previous ones. Its structure and mechanical properties are similar to the one found in the fully 

annealed metal. 

Different groups found different 𝑇/𝑇𝑚  values at which the transition from one growth mode to 

another occurs [85,86]. To understand these variations, another parameter was introduced by 

Thornton: the working pressure of Ar in the chamber (in the case of sputtering) [84]. In fact, a 

transitional region, zone T, was found in between zone 1 and zone 2. In this zone, one observes a 

dense array of poorly defined grains without voided boundaries. The boundaries are sufficiently 

dense to tolerate some plastic deformation. The surface of the film remains smooth. 
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Figure 21 Schematic representation of polycrystalline thin film microstructure evolution as a function of 

substrate temperature and argon pressure. Republished with permission of Annual Reviews, Inc., Copyright 

1977, from [83]; permission conveyed through Copyright Clearance Center, Inc.. 

2.3.3.3 The transition zone 1 / zone T 

The transition from zone 1 to zone T occurs at a lower temperature with a lower working pressure 

(Figure 21). In fact, a higher inert gas pressure favors the formation of voided boundaries in 

between the columns. The exact mechanism responsible for this effect is not fully understood. It 

is believed that the adsorption of the inert gas on the coating surface decreases the surface 

diffusivity of the incident atoms [87]. Moreover, it has been suggested that the higher number of 

Ar atoms in the sputtering chamber leads to multiple collisions with the atoms from the target 

before they can reach the substrate. Every collision leads to a loss of kinetic energy. This will 

reduce the energy of the incident atoms and decrease their surface diffusivity once they reach 

the surface [88]. Alternatively, the incident angles of the atoms can be modified after multiple 

collisions. The shadowing effect is minimum when the atom arrives perpendicularly to the 

surface. With a more randomly distributed incident angle, the shadowing effect would be more 
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pronounced. The zone 1 generally doesn’t extend to  
𝑇

𝑇𝑚
> 0.3  on a smooth surface. At this 

temperature, the surface diffusivity is sufficient to balance the shadowing effect. 

The zone T is only found on very smooth substrates, on which the shadowing effect is minimized. 

In this way, the surface diffusion can be the dominant process, even at low 𝑇/𝑇𝑚 . The zone 

structure model presented in Figure 21 is actually only valid when depositing on a smooth surface 

and the zone 1 can extend to higher 𝑇/𝑇𝑚  if the deposition occurs on a rough surface. In the 

presence of a defect on the substrate surface, originating from a scratch or a dust particle, a local 

transition from zone T to zone 1 takes place over the defect [89].  

2.3.4 Evaporated TFMGs 

The influence of different parameters on the surface structure of evaporated TFMGs has been 

investigated in previous studies. The two measured quantities were the roughness and the 

correlation length, the last one characterizing the horizontal periodicity of the surface profile. It 

was found that the composition of the film plays an important role. In Zr-based TFMGs, an 

increase in Cu content leads to a decrease in roughness and an increase in correlation length [90]. 

This was attributed to the larger surface diffusivity of Cu. The driving force for diffusion in this 

case was the reduction of the chemical potential, which is inversely proportional to the local 

curvature of the film, moving atoms from negative to positive curvatures. Similar results could be 

found by increasing the temperature during deposition. It was found that a longer deposition time 

increases the roughness and also moderately the correlation length of the thin films [90,91]. It 

was suggested that in this case, the driving force for diffusion originates from the different 

adatom density at the surface of the film. The flux of incident atoms is indeed at its high est on 

surfaces parallel to the substrate and at its lowest on surfaces perpendicular to the substrate in 

the case of an incident angle perpendicular to the substrate. Consequently, the atoms will move 

from the top of the mounds and the bottom of valleys to the position of higher slopes, leading to 

coarsening. Different substrates were also tested, such as Si wafer and MGs with nominal 

composition Zr65Al7.5Cu27.5. No difference in roughness and correlation length could be found, 

suggesting that the chemical composition of the substrate does not play a significant role [90].  

The influence of the deposition angle was also tested. It was found that an increase in deposition 

angle leads to a higher roughness [92]. The correlation length was also strongly enhanced in the 



37 

direction perpendicular to the direction of evaporation. This can be explained by the highest 

shadowing effect with an oblique incident angle. The incident angle is also responsible for tilting 

the nanocolumns as shown in Figure 20. 

2.3.5 Sputtered TFMGs 

2.3.5.1 Comparison with evaporated thin films 

The same authors made a comparison of thin films deposited by evaporation and sputtering. In 

their study, TFMGs deposited by magnetron sputtering remained very smooth in comparison to 

the ones deposited by evaporation [92]. The difference in the two deposition techniques concerns 

mainly the angular distributions and the particle deposition energies. Normal incidence is 

dominant in the case of evaporation whereas a broad angular distribution is present in the case 

of sputtering. This broad angular distribution results from the numerous collisions between the 

incident atoms and the gas particles in the sputtering chamber. Oblique deposition angles tend 

to increase the roughness of the film. The roughness should therefore be minimal with normal 

incidence and the angular distribution doesn’t explain the differences in roughness observed with 

the two techniques. The particle energy of the sputtered atoms, in the range of several eV to tens 

of eV, is much higher than the particle energy of thermally evaporated atoms. As a consequence, 

the surface diffusivity of the deposited atoms should be much higher, resulting in a smoother 

surface. The particle energy is thus the main factor explaining the difference in the two deposition 

techniques.  

2.3.5.2 Columnar microstructure 

It was found later that nanostructured TFMGs can also be formed by sputtering. In this case, the 

size of the clusters and the roughness increased as well with the deposition time and temperature 

[29,93]. The composition of the thin films also plays a role, with larger clusters observed with a 

higher Au content in Au-based TFMGs [29]. A columnar structure with voided boundaries was 

found in a Zr-based TFMG deposited on Kapton [94]. The structure shows poor ductility in 

bending, with cracks forming rapidly at the boundaries in between the columns. The structure 

was hierarchical, with at least 3 different unit sizes imbedded in each other. A columnar structure 

in Zr-based TFMGs was also obtained by oblique deposition on a Si wafer covered by 

homogeneously distributed gold nanoparticles [95]. The shadowing effect, enhanced both by the 
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particles and the oblique deposition, promoted the formation of nanocolumns. The size of the Au 

particles could also tailor the thin film microstructure, with larger nanocolumns separated by 

wider nanovoids forming on larger Au particles. A zigzag columnar structure was also obtained by 

varying the incident angle during deposition. A columnar microstructure was also obtained with 

a tilted angle of deposition in magnetron sputtered Ni-based TFMGs [96]. The microstructure was 

once again hierarchical with some pre-formed large cracks in between the largest clusters when 

the film was deposited on Kapton. The interfacial regions in between 2 nanocolumns were less 

dense and richer in Ti in comparison to the inner part of the columns.   

2.3.5.3 Thermal treatments 

SEM images of sputtered Zr-based TFMGs showed that the columnar structure becomes less 

pronounced when deposition occurs at higher temperature [97], suggesting that the voids in 

between the columns tend to vanish at higher temperature. On the other hand, the vein pattern, 

characteristic of the fracture surface of MGs, become more apparent. The density, hardness and 

elastic modulus increased with a higher deposition temperature [93,97]. When the thin film didn’t 

have voided boundaries in between the columns, the size of the dimples in the vein pattern of 

the fracture surface decreased at higher deposition temperature [93]. Previous studies 

demonstrated that smaller dimples are associated to more brittle MGs [98]. A higher deposition 

temperature is therefore similar to annealing, in the sense that it decreases the ductility of the 

thin film but increases its hardness. Au-based TFMGs were subjected to fast heating above 

crystallization temperature [27]. After TEM investigation, it was found that the interfaces were 

still amorphous when the inner part of the columns already crystallized. This suggests a different 

chemical short-range order in interfaces in respect to the inner part of the columns.  

2.3.5.4 Mechanical properties 

The mechanical properties of homogeneous TFMGs are considered very promising since they can 

have a higher toughness than crystalline thin films while keeping a high hardness and elastic 

modulus [99]. Moreover, they have the ability to increase the plasticity of the sample they cover. 

The coating of a 316L stainless steel by a Zr-based TFMG increased by 30 times the fatigue life of 

the sample in a four-point bending experiment [100]. This was attributed to the high strength, 

ductility and adhesion of the film, preventing the fracture of the sample. Similarly, in four-point 
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bending, the coating of the tensile surface of Zr-based BMG samples with a double layer of Ti and 

Zr-based TFMG increased greatly the plasticity of the sample in comparison to a simple layer of 

TFMGs or crystalline thin films [101]. The intermediate Ti layer improved in fact the adhesion with 

the substrate, while the high strength and ductility of the thin film stopped the propagation of 

the shear bands, forcing plastic delocalization in the sample. The reduced dimension of TFMGs is 

in fact an advantage for their mechanical properties since MGs exhibit a higher plasticity and a 

higher yield strength when the sample dimension is reduced [102]. In TFMGs as well, a decrease 

in hardness was found at higher thicknesses [103]. Dense and homogenous TFMGs are in most 

cases interesting for their mechanical properties. Nanostructured TFMGs on the other hand can 

present interesting properties for biological and electrochemical applications [29,104]. The higher 

roughness and specific surface area are believed to increase the affinity with biological  cells and 

the catalytic activity of the film. 
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2.4 Formation mechanism of nanoporous thin films 

Dealloying is defined as the selective dissolution of the less noble elements in an alloy. This 

phenomenon has been observed since more than a century in the field of corrosion. At the 

beginning, dealloying was seen as an effect to be avoided, since it can degrade the properties of 

an alloy, by removing some of its elements. The typical microstructure resulting from the 

dealloying process was revealed for the first time by TEM in the 1970s by Forty [105]. Since then, 

there have been constant efforts to use this technique as a simple route to form nanoporous 

materials with a high surface area. 

2.4.1 Dealloying 

The fundamental model for nanoporosities formation and evolution was introduced 17 years ago 

[106]. The Au-Ag binary alloy was used as an example for the demonstration. In this alloy, Ag is 

dissolved to form nanoporous Au (NPAu). At the very beginning of the process, a Ag atom is 

removed from the surface of the material, leaving an open vacancy. The atoms close to the 

vacancy have a lower coordination number, and are therefore more likely to be dissolved (Figure 

22a). Repeating this procedure multiple time leads to the formation of a surface, where only gold 

atoms are left on the top. Before attacking the next layer below, the Au atoms on the top will 

diffuse on the surface to increase their coordination number (Figure 22b). They will this way form 

Au islands, whose surface is passivated. When the next layer is attacked, it will release more Au 

adatoms on the surface. These Au adatoms will diffuse to the Au islands, leading progressively to 

the formation of mounds, rich in Au at their outer surface. As the process continues, the base of 

these mounds increase in diameter and eventually there is not enough Au to passivate the base 

of the mound. As a result, the mound is undercut, leading to the bifurcation of the pores (Figure 

22c). At this stage, mounds evolve into ligaments, which are rich in Au on their outer layer, but 

which still contain Ag in their volume (Figure 22e). As dealloying continues, residual Ag atoms are 

progressively exposed and dissolved, increasing the Au content in the whole structure (Figure 

22f). The resulting material is a three-dimensional NPAu.  
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Figure 22 Model explaining the formation of a network of ligaments and nanopores by dealloying in the 

case of a Au-Ag alloy. (a) The Ag adatoms with lower coordination number are dissolved in the electrolyte. 

(b) The Au adatoms diffuse on the surface to form passivated islands, progressively evolving into mounds. 

(c) As dealloying continues, there isn’t enough Au to cover the whole surface of the mound. As a result, 

mounds are undercut at their bases, where the Au concentration is the lowest, to form ligaments.  (d) The 

undercutting is followed by the bifurcation of ligaments. (e) The porous structure consists in the initial 

stages of ligaments rich in Au on their surfaces but still containing Ag in their inner parts. (f) As coarsening 

progresses, the residual Ag atoms are dissolved in the solution. Republished with permission of Annual 

Reviews, Inc., Copyright 2016, from [107]; permission conveyed through Copyright Clearance Center, Inc.. 

Several conditions have to be met to observe a dealloying process similar to the one described 

above. In particular, two parameters play an important role: the parting limit 𝑋𝑃 and the critical 

voltage 𝑉𝐶 . 𝑋𝑃 is the lowest fraction of the dissolving species below which dealloying does not 

happen. It is connected to the geometric percolation of the nonnoble atoms. It is suggested that 
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the percolation pathway of nonnoble atoms should be wide enough for dissolution to occur [108]. 

𝑉𝐶  corresponds to the voltage at which the current density passes above a threshold value. Below 

𝑉𝐶 , the surface diffusivity of the Au atoms is high enough to passivate the surface, considering the 

low dealloying rate. 𝑉𝐶  depends also on the sample geometry and dimension. According to the 

Gibbs-Thomson effect, the electrochemical potential decreases linearly with the diameter of the 

particles. The gain of energy associated to the dissolution of an element is in fact proportional to 

the curvature of the surface being etched. Therefore, it is expected that 𝑉𝐶  decreases with a 

smaller particle or ligament dimension. 𝑉𝐶  on Pt particles was indeed reported to be around 600 

mV lower than the bulk reduction potential of this material [109]. This result was understood 

from the change in dissolution process in the case of nanoparticles, with Pt atoms directly electro 

oxidized to Pt2+. In the case of a large planar Pt electrode however, dissolution occurs after the 

formation of an oxide layer, which tends to passivate the surface. Contradictory results were 

nevertheless reported by other researchers, who found a larger 𝑉𝐶  with smaller Ni-Pt and Ag-Au 

alloy nanoparticles [110,111]. These results, at first glance in contradiction with the Gibbs-

Thomson effect, are explained from the enhanced surface diffusivity of the noble elements when 

located on high-curvature surfaces, which tend to passivate the surface rapidly [112]. 

2.4.2 Coarsening 

Nanoporous materials are thermodynamically metastable, due to their large surface areas, and 

the large surface energy reduction that can thus be achieved if diffusion allows it. For this reason, 

the size of the porosities and ligaments tend to increase with time once placed in their application 

environment. This effect limits the lifetime of the material, since a large surface area is required 

for most of its applications. Coarsening is also always occurring during dealloying, with larger 

dealloying time associated with larger pores and ligaments. Coarsening is more pronounced at 

high temperature and the size of the pores and ligaments can be in the order of the micrometre 

at elevated temperature [113]. On the other hand, a porosity size of only 2-3 nm can be obtained 

by dealloying at sub-zero temperatures [114]. A strategy to improve ligaments stability against 

coarsening consists of adding another element with lower surface mobility in the alloy. This 

strategy was employed by adding Pt to Au-Ag alloys, reducing the pore size to less than 4 nm 
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[115–117]. It is suggested that Pt segregates on the step edges during dealloying, making them 

immobile and thus preventing coarsening.   

2.4.3 The case of MGs 

With MG ribbons, the initiation of dealloying is facilitated by the presence of cracks on the 

surface, in which the electrolyte can penetrate [118]. Crystalline mounds are first formed by 

spontaneous germination and surface diffusion of noble elements. Ligaments are latter formed 

when the mounds are undercut. Dealloying progresses through the movement of a front at the 

interface between the crystalline ligaments and the amorphous matrix. This intermediate layer is 

around 50 nm thick and consists of very thin ligaments and voids, with a size of around 10 nm, 

coexisting with a residual amorphous phase. With crystalline precursors, the size of the grains 

after dealloying is the same as originally. As a consequence, the size of the grains generally 

exceeds the size of the ligaments, leading to a smooth ligament surface (Figure 23a). With 

amorphous precursors however, the crystals nucleate progressively during dealloying. In this 

case, ligaments are formed of multiple grains [119]. The ligaments are rougher and contain 

structural defects at the grain boundaries (Figure 23b). These characteristics are attractive for 

catalytic applications, where a high surface area with multiple active sites is  demanded. 

 

Figure 23 SEM images of ligaments and pores obtained from dealloying of a) the Au31Cu41Zn12.8Mn15.2 

crystalline and b) the Au40Cu28Ag7Pd5Si20 amorphous alloy. Republished with permission of Elsevier Science 
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& Technology Journals, Copyright 2015, from [119]; permission conveyed through Copyright Clearance 

Center, Inc.. 

2.4.4 Potential application: catalysis 

Flat bulk Au surfaces are catalytically inert unless oxygen is adsorbed upon them. However, Au 

nanoparticles and nanoporous Au are good catalysts for multiple reactions. They can for example 

catalyze the oxidation of poisonous CO to CO2, which is important to treat the exhaust gases from 

combustion engines [120]. Nanoporous Au has a better catalytic performance than catalyzers 

made of Pt, Pd or Rh. However, the lack of stability of nanoporous Au under working environment 

remains problematic. The microstructure of nanoporous Au clearly plays a role in their activity. It 

was reported for example that the coarsening of the ligaments during catalysis increased their 

size from less than 6 nm to around 20 nm [121]. It was also observed that some pores tend to 

close in some areas. Following this loss in surface area, the activity of the catalyst decreased as 

well. Theoretical works have shown that the coordination number of the atoms at the surface of 

the nanoporous Au plays an important role in the catalytic activity [122]. Less coordinated atoms 

are indeed more likely to interact with their neighboring atoms and form better catalysts. A lower 

particle or ligament size increases the local curvature and promotes the formation of active sites 

for catalysis. The loss of catalytic activity in working environment can also be explained on a 

smaller scale. Indeed, it was shown that adsorbed CO leads to a faceting reconstruction at the 

surface of the ligaments [123]. Unreactive microfacets with {111} orientation are created during 

catalysis (Figure 24a.b). This effect can be hindered by adding a small amount of Ag, which prevent 

the surface reconstruction on the Au surface (Figure 24c.d).  



45 

 

Figure 24 HR-TEM images of ligaments in NPAu with different concentration of Ag, after catalysis of CO 

oxidation. (a-b) Ligaments in nanoporous Au with 1.2 at.% Ag reconstructed into less reactive {111} 

microfacets. (c-d) The surface of ligaments in nanoporous Au with 20 at.% Ag did not reconstruct and 

retained a significant catalytic activity. Republished with permission of Nature Publishing Group, Copyright 

2012, from [123]; permission conveyed through Copyright Clearance Center, Inc.. 
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3 Experimental methods 

3.1 Material preparation 

3.1.1 BMG samples preparation 

BMG samples with nominal composition Pt57.5Cu14.7Ni5.3P22.5 and Pd43Cu27Ni10P20 were cast in a 

copper mold by induction casting in PX Services, La Chaux-de-Fonds, Switzerland. The material for 

the casting was provided by PX Services and placed in a quartz crucible inside the furnace. 

Afterward, a vacuum of around 5.10-2 mbar was reached in the furnace. Then, the temperature 

inside the crucible was kept at around 1150 K during 6 min by induction. This temperature is 

above the melting point of the two alloys (Tm=795 K for Pt-based alloy [124] and Tm= 802 K for Pd-

based alloy [125]). In this way, the metallic elements in the crucible became a homogeneous melt. 

Ar was then introduced into the furnace to reach a pressure of 400 mbar. The temperature was 

increased to around 1350 K and kept constant for 2 min. Finally, the melt was cast in the copper 

mold. After cooling, the samples were in the form of a cylinder of 8 mm diameter and 10 mm 

length. These two alloys were selected for their high critical diameter, i.e. the maximum diameter 

at which the alloy can be cast fully amorphous, which was reported to be 16 mm for 

Pt57.5Cu14.7Ni5.3P22.5 and 72 mm for Pd43Cu27Ni10P20 [124,126]. The samples were cut into thin 

cylinders and their thickness was adjusted to 0.6 mm by grinding, to obtain the sample dimension 

required for HPT deformation.  

3.1.2 HPT deformation 

Prior to the HPT deformation, the surface of the anvils was roughened by sandblasting to increase 

the friction coefficient with the sample and transfer more of the torsional deformation to the 

sample. The sample was then placed in between the two anvils, which were precisely aligned. A 

compressive pressure of 4 GPa was then applied to the sample. At this moment, the sample was 

under quasi-hydrostatic compression, the two anvils almost touching each other. In addition to 

the compressive pressure, a torsional deformation was applied to the sample, at a rotation speed 

of 0.2 rpm. The number of rotation applied to the sample was comprised between 1 and 20 

rotations. At the end of the mechanical treatment, the samples were ground by sandpapers of 
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grain size going down to 8.4 µm. Grinding was followed by chemical polishing to mirror finish with 

an OP-S solution from the company Struers. Grinding and polishing were necessary to investigate 

the structural and mechanical changes in the inner part of the samples. 

3.1.3 TFMG deposition 

TFMGs were prepared by DC magnetron sputtering. Two thin films with different target nominal 

compositions were sputtered: Zr52.5Ti5Cu17.9Ni14.6Al10 and Au40Cu28Pd5Ag7Si20. The target of the Zr-

based alloy was provided by the company LiquidMetal. It is in fact a MG with commercial name 

LM105. This alloy is already commercialized in its bulk form for its excellent mechanical 

properties: a high hardness of 563 HV, a high elastic strain of 1.8% and a high fracture toughness 

of 40 MPa.m1/2. The material exhibits also a high corrosion resistance and a good biocompatibility. 

Therefore, coatings with this composition are interesting for multiple applications where good 

mechanical properties are required. The glass forming ability of this alloy is also high, with a 

critical cooling rate below 10 K.s-1, which should prevent crystallization during deposition [127]. 

The target had a diameter of 5.08 cm and a thickness of 2 mm.  

The target for the Au-based alloy was provided by PX Services and was cast in a copper mold by 

induction casting. Its composition was selected for its high glass forming ability with a critical 

diameter up to 6 mm [128]. This alloy is interesting for the fact that it contains several noble 

elements and presents therefore some potential in catalytic applications. The crystalline target 

had a diameter of 5.08 cm and a thickness of 3 mm. 

Prior to deposition, a background pressure below 10-3 Pa had to be reached to prevent the 

oxidation of the incident atoms before they reach the substrate. Afterward, an Ar flow of 20 sccm 

was introduced into the sputtering chamber. The working pressure of Ar was adjusted by 

controlling the opening of a valve at the entrance of the pump. In this study, the working pressure 

of Ar varied between 0.2 Pa and 10 Pa depending on the samples. The power applied was 30 W 

for the Au-based target and 70 W for the Zr-based target. Different substrates were used such as 

cover glasses or Si wafers. The working distance between the targets and the substrate was fixed 

at 4.5 cm. 
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3.1.4 Dealloying 

The Au-based thin films were dealloyed by free corrosion in a HNO3 solution, with a concentration 

of 2 M, at 70°C, during different time, to compare their ability to form a three-dimensional 

nanoporous material, with a high surface area. These nanoporous materials are interesting for 

multiple applications such as catalysis or surface-enhanced Raman spectroscopy. Cover glasses 

were chosen as a substrate, due to their high corrosion resistance. It was observed that the thin 

film delaminates quickly in the absence of an adhesive layer during deal loying. To solve this 

problem, an intermediate adhesive layer of Cr, around 20 nm thick, was directly deposited on the 

substrate. A Au layer, around 100 nm thick, was then deposited on the top of the Cr layer, to 

prevent the corrosion of Cr during dealloying. Finally, the TFMG was deposited on the top of the 

Au layer. All the depositions were performed in the same sputtering chamber, where up to 5 

targets can be installed simultaneously.  

3.2 Characterization techniques 

3.2.1 Structural characterization 

3.2.1.1 X-Ray diffraction 

X-ray diffraction (XRD; Siemens D5005) measurements with Cu Kα radiation at 40 kV were 

performed to verify the amorphous state of the BMG specimens and TFMGs. An amorphous state 

is associated to a broad diffraction peak, since the interatomic distances in amorphous materials 

can take a whole range of values. 

For the thin films deposited on an intermediate layer of gold, it was necessary to use glazing angle 

X-ray diffraction, to decrease the penetration depth of the incident X-rays. In this way, no peaks 

from the underneath Au layer could be observed.  

3.2.1.2 TEM measurements 

High-resolution transmission electron microscopy (HR-TEM) and selected area electron 

diffraction (SAED) have been employed to investigate the microstructure evolution of the Pd -

based BMG after HPT deformation with an image corrected LIBRA 200MC UHR-TEM (Carl Zeiss 
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Microscopy GmbH). The samples for HR-TEM investigations were obtained by focused ion beam 

(FIB) technique for thin TEM lamella preparation [129]. 

Transmission electron microscopy (TEM) measurements were performed on Au-based TFMGs, by 

using an image corrected FEI Titan 80-300. In this case, thin films with a thickness of around 20 

nm were directly deposited on Cu grids, to perform the TEM measurements without further 

manipulation. In addition, films with a thickness of around 4.5 µm and deposited at 10 Pa were 

prepared for TEM by focused ion beam (FIB) using a FEI Strata 400S DualBeam with 2 kV and 8 pA 

beam current for final polishing. 

For the purpose of Transmission Electron Microscope (TEM) only, nanocolumnar thin films were 

deposited on a glass substrates without Au and Cr intermediate layers at a working pressure of 

10 Pa, and then were dealloyed for 10 min and 1 h in a 2 M HNO3 solution at 70 °C. These samples 

were easily removed from the glass substrate during dealloying and used for TEM observation. 

The samples were placed on a Cu grid without any thinning and examined using a JEOL JEM3010 

High-Resolution TEM at 300 kV accelerating voltage employing a LaB6 electron gun source. An 

Oxford EDX equipment was used for chemical analyses. 

3.2.2 Thermal analysis 

3.2.2.1 Differential scanning calorimetry 

To double check the amorphous state and to observe the evolution of free volume in the BMG 

samples during mechanical or thermal treatment, differential scanning calorimetry (DSC) 

measurements were performed on a Perkin Elmer Pyris 1 device. The samples were heated twice 

above their crystallization temperature at a heating rate of 20°C.min -1 under a nitrogen 

atmosphere. The heat flow from the second heating was subtracted to the heat flow from the 

first heating. The area under the subtracted curve below Tg gives the enthalpy of relaxation. The 

enthalpy of relaxation is considered proportional to the amount of free volume, which itself 

characterizes the degree of disorder in the material microstructure [130]. 

To perform DSC measurements on free standing thin films, a commercial resist named AZ 5214 E 

from the company MicroChemicals was first deposited on Si<100> substrates.  The resist was spin 

coated at a rotation speed of 4000 rpm for 1 min. It was then baked for 90 s at 120 °C to make it 
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solidified. The thin films were sputtered directly on the photoresist at a working pressure of 0.4  

and 2 Pa for a total of 15 min. Sputtering was stopped every 90 s for a duration of 90 s to prevent 

the photoresist from burning due to high temperature and exposure to UV light. After deposition, 

the films and substrates were immersed in acetone to dissolve the photoresist and detach the 

films from the substrates. The free standing films were later measured in the DSC. 

3.2.3 Mechanical characterization 

3.2.3.1 Vickers indentation 

The Vickers hardness of the BMG samples was measured in a Buehler™ Micrometer 5104. In 

Vickers indentation, the indenter is a square-based pyramid, with a face-to-face angle of 136°, 

coated with diamond. In our case, a load of 9.8 N was applied to the sample during 15 s. After 

applying the pressure, the length of the indenter imprint diagonals is measured under 

microscope. The hardness is then calculated by the device according to the equation 𝐻𝑉 =

1.8544 ∗ F 𝑑2⁄ , where 𝐹 is the applied force in kgf and 𝑑 is the average length of the diagonals in 

mm. 

3.2.3.2 Nanoindentation 

Nanoindentation measurements were conducted on a NANO Indenter XP testing system from the 

company MTS. In nanoindentation, the load vs displacement curves are recorded during loading. 

From these curves, the mechanical properties such as the hardness and Young’s modulus of the 

samples can be evaluated. Different indenters were used, with Berkovitch (three-sided pyramid) 

or spherical geometry. With a Berkovitch indenter, due to the low contact area under the sharp 

edge of the indenter, the deformed material enters almost immediately in the plastic regime. In 

this way, material properties such as the hardness can be determined at low penetration depth. 

In nanoindentation, the maximum penetration depth should not exceed 10 % of the thickness of 

the sample, to avoid the influence of the substrate. Berkovitch indenters are therefore preferred 

in the case of thin films, which have a reduced thickness of only several micrometers. In practice, 

a minimum penetration depth of 200 nm is nevertheless necessary to avoid the effect of the 

sample roughness on the measurement.  
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In nanoindentation, the hardness is calculated from the ratio of the maximum applied load Fmax 

to the projected contact area 𝐴𝑝 at this applied load: 

𝐻 = F𝑚𝑎𝑥/A𝑝             Eq. 13 

To calculate 𝐴𝑝, one first needs to calculate ℎ𝑐 , the contact depth. In a Berkovitch indenter, the 

contact depth at maximum load is defined by  

ℎ𝑐 = ℎ𝑚𝑎𝑥 − 𝛿 ∗
𝐹𝑚𝑎𝑥

𝑆
            Eq. 14 

where ℎ𝑚𝑎𝑥  is the maximum penetration depth, 𝛿 a tip geometry factor equal to 0.75 in 

Berkovitch indenter, 𝐹𝑚𝑎𝑥  the maximum load applied on the sample and 𝑆 the contact stiffness 

which can be determined from the slope at the beginning of the unloading curve [131](Figure 25): 

𝑆 = (
𝑑𝐹

𝑑ℎ
)

ℎ=ℎ𝑚𝑎𝑥
            Eq. 15 

 

Figure 25 Typical load vs displacement curve obtained during Berkovitch indentation. 𝑆 can be calculated 

from the initial slope of the unloading curve. 

In practice, the relationship between ℎ𝑐  and A𝑝  is determined by an empirical equation 

A𝑝 = 24.56 ∗ ℎ𝑐
2 + ∑ 𝑃𝑖 ∗ ℎ𝑐

(
1

2
)𝑖7

𝑖=0           Eq. 16 

where P0, P1, …, P7 are empirical coefficients determined by fitting a loading curve on a standard 

sample [131]. 

The reduced modulus 𝐸𝑟  of the system is calculated from the following equation 
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𝐸𝑟 =
𝑆

2𝛽𝑐
√

𝜋

𝐴𝑝
             Eq. 17 

where 𝛽𝑐 is a corrective factor determined from a standard sample with known Young’s modulus 

[131]. 

From 𝐸𝑟 , the Young’s modulus 𝐸𝑠 of the sample can be calculated with the expression: 

 
1

𝐸𝑟
= 

1−𝜈𝑖
2

𝐸𝑖
+

1−𝜈𝑠
2

𝐸𝑠
            Eq. 18 

Where 𝐸𝑖  is the Young’s modulus of the indenter; 𝜈𝑖  and 𝜈𝑠 are respectively the Poisson’s ratio of 

the indenter and sample [131]. For most of the samples, due to the hard diamond coating on the 

indenter, 𝐸𝑖 ≫ 𝐸𝑠 and the equation can be simplified. From this equation, one can also notice 

that both the Young’s modulus and the Poisson’s ratio cannot be determined in the same 

nanoindentation measurement. One of these two material properties has to be known or 

estimated to calculate the other one. 

In a spherical indenter, the contact area is larger, and some elastic deformation can happen 

before entering the plastic regime. Previous researchers have demonstrated that it is possible to 

calculate the mean pressure applied 𝑃𝑚  by 

𝑃𝑚 =
𝐹

𝜋𝑎2             Eq. 19 

where 𝐹 is the applied load and 𝑎 the contact radius [132]. In the case of a spherical indenter, the 

contact radius is defined as follows: 

𝑎 = √2ℎ𝑐𝑅 − ℎ𝑐
2             Eq. 20 

where ℎ𝑐  is the contact depth and R the radius of the indenter (Figure 26a).  ℎ𝑐  can be determined 

from the Oliver-Pharr model giving ℎc = ℎ𝑡 − 0.75 𝐹 𝑆⁄ , where ℎ𝑡  is the penetration depth 

measured by the nanoindenter. In the continuous stiffness measurements (CSM) mode, an 

oscillatory displacement with high frequency is applied on the indenter, and the slope of the 

unloading segments can be used to calculate 𝑆 at every point based on the method presented on 

Figure 25. Knowing  𝑆, it becomes possible to calculate 𝑃𝑚  on the whole curve. This is particularly 

useful to estimate 𝑃𝑦 , the yield mean pressure at which the sample enters the plastic regime. The 



54 

displacement and load at which the sample enters the plastic regime can be identified from the 

first discontinuity of the loading curve, corresponding to the activation of a first shear ba nd in 

MGs (Figure 26b).  

 

Figure 26 (a) Representation of spherical indentation when the material is still in the elastic regime. In this 

particular case: ℎ𝑐 = 0.5 ℎ𝑡  [133]. (b) Load vs displacement curve with first discontinuity indicating the 

yield point: the transition from elastic to plastic deformation. 

3.2.4 Topographical characterization 

3.2.4.1 Atomic force microscopy 

AFM measurements were performed to characterize the topography of the deposited TFMGs 

with a Dimension 3100 AFM from Brucker in tapping mode. In this study, 𝑅𝑎, the arithmetic 

average of the roughness profile, was selected to quantify the roughness of our samples with 

𝑅𝑎 =
1

𝑛
∑ |𝑦𝑖 |𝑛

𝑖=1             Eq. 21 

where n is the number of data points along a trace and 𝑦𝑖  the vertical distance from the mean 

height of the surface to the ith data point. 

The autocorrelation length was also determined from the one-dimensional height-height 

correlation function 𝐻𝑥(𝜏𝑥) defined as 
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𝐻𝑥(𝜏𝑥) =
1

𝑁(𝑀−𝑚)
∑ ∑ (𝑧𝑛+𝑚,𝑙 − 𝑧𝑛,𝑙 )2𝑀−𝑚

𝑛=1
𝑁
𝑙=1         Eq. 22 

Where N is the number of scanned lines, M the number of data points per scanned lines, 𝑧𝑛,𝑙 the 

height of the surface at the 𝑛𝑡ℎ  data point on the 𝑙𝑡ℎ scanned line and 𝜏𝑥 = 𝑚. ∆𝑥, where ∆𝑥 is 

the distance between two adjacent data points in the scanning direction  and 𝑚 is an integer.  

This function can be fitted by a Gaussian function of the form 

𝐻𝑥(𝜏𝑥) = 2𝜎2 [1 − exp (−
𝜏𝑥

2

𝑇2)]          Eq. 23 

where 𝜎 is the root mean square deviation of the heights and 𝑇 the autocorrelation length. The 

estimation of the autocorrelation length was performed on the software Gwyddion.  

The autocorrelation length is proportional to the width of the bumps on a surface. When no 

bumps are clearly visible, it can also give information about the periodicity of the profile in the 

horizontal direction.   

3.2.5 Compositional characterization 

3.2.5.1 X-ray photoelectron spectroscopy 

To know the composition at the top surface of the Au-based TFMGs, XPS measurements were 

performed using Mg Kα (1253.6 eV) radiation (PHI 5800 MultiTechnique ESCA System, Physical 

Electronics), with a detection angle of 45°, using pass energies at the analyser of 29.35 and 93.9 

eV for detail and survey scans, respectively. 

3.2.6 Electrochemical characterization 

The electrochemical behaviour of the thin films was studied with electrochemical polarization 

curves using a typical three-electrode electrochemical cell. A three-electrode electrochemical cell 

consists of a working electrode, a reference electrode and a counter electrode, all placed in an 

electrolyte solution. The working electrode is the electrode that is investigated, where the 

reaction of interest is occurring. The reference electrode has a constant and well -known 

potential. It is used to measure and control the potential of the working electrode. No current 

flows in between the working electrode and the reference electrode. The current flows and is 

measured in between the counter electrode and the working electrode. In the past, the counter 
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electrode was used at the same time as a reference electrode. However, the presence of a flowing 

current tends to modify the potential of the electrode. Therefore, a separated reference 

electrode is nowadays preferred and was used in this study. 

 

Figure 27 Schematic illustration of a 3 electrodes setup 

Sputtered thin films were used as the working electrode, while a Ag/AgCl and a platinum sheet 

were used as reference and counter electrode, respectively. The measurements were performed 

in a 2 M HNO3 solution at 70 °C. The potentiodynamic polarization curves were recorded at a 

linear scan rate of 5 mV.s-1 from -150 to 500 mV vs. Ag/AgCl versus the open circuit potential. The 

electrocatalytic activity of the dealloyed samples for the methanol (MeOH) electro-oxidation 

reaction was tested at room temperature. Before testing, the working electrodes were scanned 

for up to 15 cycles until they stabilized at a sweeping rate of 20 mV.s -1 in a 0.5 M KOH solution 

from -0.1 V to 0.5 V vs Ag/AgCl and the active electrochemical surface area was calculated for 

every working electrode. Cyclic voltammetry was performed for 300 cycles in the same potential 

range for all the samples in a solution of 0.5 M KOH and 5 M CH3OH at room temperature with 

the same scan rate of 20 mV.s-1. All current densities were normalized with respect to the 

electrochemically active surface area of the electrodes. The active electrochemical surface area 

was calculated for every working electrode from the area of the reduction peak of the Au ox ide 

species [134]. 
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4 Experimental results 

4.1 Deformation by high-pressure torsion 

4.1.1 Pt-based BMG samples 

4.1.1.1 Structural changes after HPT deformation 

The effect of HPT deformation on the properties of BMG samples with nominal composition 

Pt57.5Cu14.7Ni5.3P22.5 was the subject of this study. The compressive pressure applied to the 

deformed samples was 4 GPa, the rotation speed 0.2 rot.min -1 and the number of rotations 20. 

Another sample was annealed at 200°C during 5 h. The structural changes occurring during the 

mechanical/thermal treatments were observed by DSC and XRD measurements. From the DSC 

measurements (Figure 28a), one can see that the glass transition temperature 𝑇𝑔  was not 

significantly altered and stayed at a value close to 235°C for all the samples. However, a 

pronounced 𝑇𝑔  endothermic overshoot could be observed on the annealed sample, characteristic 

of a relaxed glassy state [135]. The onset of crystallization decreased from 292°C to 279 °C after 

HPT deformation and increased to 294°C after annealing. The enthalpy of relaxation 

corresponding to the area of the exothermic event below 𝑇𝑔  was equal to 139.5 J.mol-1 in the as-

cast sample. It increased to 247.4 J.mol-1 at the center of the HPT deformed sample (r< 2mm) and 

to 255.3 J.mol-1 at the extremity of the sample (r>2 mm). No exothermic event below 𝑇𝑔  could be 

observed in the annealed sample. It has been demonstrated in previous studies that the enthalpy 

of relaxation is proportional to the amount of free volume, which itself characterizes the degree 

of disorder in the material microstructure [130]. Therefore, one can deduce that HPT deformation 

induces a higher degree of disorder whereas annealing leads to a more relaxed state. From the 

XRD measurement (Figure 28b), we distinguish a broad diffraction peak for the as-cast, annealed 

and HPT deformed samples. This broad spectrum confirms the fact that our sample remains 

amorphous during the thermal and mechanical treatments. 
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Figure 28(a) DSC and (b) XRD measurements on as-cast, annealed and HPT deformed Pt-based BMG (r>2 

mm) sample after 20 rotations. The inset shows the DSC measurements below crystallization temperature . 

Republished with permission of Elsevier Science & Technology Journals, Copyright 2017, from [136]; 

permission conveyed through Copyright Clearance Center, Inc.. 

4.1.1.2 Vickers indentation 

To have a first understanding of the effect of HPT and annealing on the mechanical properties, 

Vickers indentation measurements were performed at different distance from the centre of the 

cylindrical samples. In Figure 29, the hardness profiles of the as-cast, annealed and HPT deformed 

(1 and 20 rotations) samples were plotted. For the samples deformed by 20 rotations, the 

hardness was also measured along its cross-section. Each point represented in Figure 29 is an 

average of 4 measurements at the same distance from the center of the sample, positioned by a 

rotational increment of 90° around the sample center. The error bars are equal to the deviation 

between these 4 measurements. The hardness of the as-cast sample was constant at all radius 

with an average value of 487 HV. For the annealed sample, the hardness increased at all positions 

to reach a constant of 517 HV. For the HPT deformed samples (1 and 20 rotations), the hardness 

decreased significantly at the center of the samples, but less at higher radius. At its extremity, the 

hardness of the HPT deformed sample was still close to the hardness of the as-cast sample. The 

hardness profile of the HPT deformed samples after 1 and 20 rotations look very similar, 

suggesting that the changes in hardness occur rapidly after the beginning of the HPT deformation. 

It is interesting to notice that the hardness profile of the cross-section of the HPT deformed 

sample after 20 rotations is very different from the hardness profile of the top surface. In this last 
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case, the hardness increases moderately at all radii, without apparent softening at the center of 

the sample.  

 

Figure 29 Hardness profiles of as-cast, annealed and HPT deformed Pt-based BMG samples after 1 and 20 

rotations as a function of distance from disk center. For the sample deformed by 20 rotations under HPT, 

the hardness profile of the cross-section is also plotted. Republished with permission of Elsevier Science & 

Technology Journals, Copyright 2017, from [136]; permission conveyed through Copyright Clearance 

Center, Inc.. 

To understand the mechanical behavior of the material deformed by Vickers indentation, optical 

pictures of the indentation marks were recorded (Figure 30a.b.c.d). Profile measurements were 

also conducted on the region surrounding the imprints (Figure 30e). All the measurements were 

reproduced at least five times to confirm the reproducibility. On the as-cast and annealed 

samples, one can observe multiple shear bands with large shear offsets around the imprint (Figure 

30a.b). However, at the center of the HPT deformed sample (20 rotations), no shear bands with 

large shear offset could be observed (Figure 30c). At higher radius on the same sample, shear 

bands with large shear offset were once again observable around the indenter imprint  (Figure 

30d). This observation is confirmed by the profile measurements, where some shear offsets on 

the as-cast and annealed samples and at the extremity (r>2mm) of the HPT deformed sample 

could be seen. However, no shear offset could be observed at the center of the HPT deformed 

sample (r<1mm). From the profile measurement, one can see that the size of the pile-up is 
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approximately the same in the as-cast and annealed samples. However, it increased in the HPT 

deformed sample at high radius and decreased for the same sample at low radius.  

 

Figure 30 Optical microscopy images of indentations imprints performed on (a) as-cast sample, (b) 

annealed sample, (c) the center of HPT deformed sample, (d) the extremity of HPT deformed sample. (e) 

Surface profile measurements of regions surrounding indenter imprints on the Pt-based BMG samples. 

Republished with permission of Elsevier Science & Technology Journals, Copyright 2017, from [136]; 

permission conveyed through Copyright Clearance Center, Inc.. 

4.1.1.3 Nanoindentation 

To understand more deeply the mechanical properties of the different samples during 

indentation, a series of 30 nanoindentation measurements were performed on each sample. The 

HPT deformed samples were indented 30 times at a region close to the centre (r<1 mm) and 30 

times at higher radius (2<r<3 mm). The measurements were all performed at a constant loading 

rate of 3.75 mN.min-1 to reach a maximum load of 50 mN in a way that discontinuities of the 

loading curve, so-called pop-ins, were still clearly visible. It has been indeed reported in previous 

studies that the pop-ins are only visible if the loading rate is kept below a critical value [137]. On 

Figure 31, typical load vs displacement curves are plotted for the as-cast, annealed and HPT 

deformed samples (1 and 20 rotations). One can clearly see pop-ins or discontinuities on these 

curves for all the tested samples. However, the associated velocity curves differ greatly in 

between the samples. Indeed, for the as-cast and annealed samples, the peaks of velocity 

associated to the pop-ins could reach values as high as 80 nm.s-1 (Figure 31a.b). For the HPT 

deformed samples after 1 or 20 rotations, the velocity of the pop-ins decreased consequently and 

the maximum value of the velocity peaks did not exceed 20 nm.s -1 (Figure 31c.d). However, a 
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more quantitative analysis is required to compare the deformation behavior of the as-cast and 

annealed sample. In the same way, additional analyses are necessary to distinguish the HPT 

deformed samples after 1 or 20 rotations. 

 

Figure 31 Typical loading curves and associated indenter velocity curves recorded during nanoindentation 

measurements for (a) as-cast, (b) annealed, (c) HPT deformed by 1 revolution (r<2mm) and (d) HPT 

deformed by 20 rotations Pt-based BMG samples (r<2mm). Republished with permission of Elsevier Science 

& Technology Journals, Copyright 2017, from [136]; permission conveyed through Copyright Clearance 

Center, Inc.. 

To quantify more precisely how HPT deformation or annealing affects the flow behaviour of the 

material during nanoindentation, a quantity named 𝑣̅𝑑 was introduced. This quantity was 

associated to the degree of the serrated behavior of the flow (Figure 32). The first step of this 

calculation consists of approximating the velocity of the indenter before the activation of the first 

pop-in. This first step requires a spherical indenter in a way that the material stays long enough 

in the elastic regime. Indeed, the first pop-ins appear once the material enters the plastic regime. 

Moreover, the velocity at very low indentation depth should not be taken into account in this 

calculation. Indeed, the contact between the material and the indenter is not really well 

established at this stage, and some parameters like the roughness of the sample might disturb 
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the measurement. In this study, the portion of the velocity curve between 100 and 200 nm 

penetration depth was considered. The constant 𝐶 is equal to the average velocity in this range. 

Then, the constant velocity curve 𝑣(𝑧) = 𝐶 representing the velocity of the indenter without any 

visible pop-ins and associated velocity peaks was defined. Afterward, the area in between the 

measured velocity curve and the constant velocity curve was calculated. Finally, this area was 

divided by the maximum penetration length to obtain 𝑣̅𝑑. 𝑣̅𝑑 is a quantity in nm.s-1 and 

corresponds to the mean difference between the constant velocity curve and the measured 

velocity curve over the measured range. This value can be used to get an estimation of the 

serrated behavior of the flow, a higher 𝑣̅𝑑 corresponding to a more serrated flow. 

 

Figure 32 Example of �̅�𝑑 calculation: the area (dashed blue) between the experimental velocity (in blue) 

and the constant velocity (in red) curves is divided by D, the length of integration, to obtain �̅�𝑑. �̅�𝑑 is equal 

to the mean value of the difference between the two curves. Republished with permission of Elsevier 

Science & Technology Journals, Copyright 2017, from [136]; permission conveyed through Copyright 

Clearance Center, Inc.. 

𝑣̅𝑑 was calculated for the 30 nanoindentation measurements on each sample, and at different 

regions for the HPT deformed samples. In Figure 33a, the cumulative distribution of 𝑣̅𝑑 

corresponding to the 30 nanoindentation measurements was plotted. One can clearly see that, 

as expected, 𝑣̅𝑑 decreases in the sample deformed by HPT deformation. On the contrary, 𝑣̅𝑑 

increased after annealing. Figure 33b represents the cumulative distribution of 𝑣̅𝑑 for samples 

deformed by HPT (1 and 20 rotations), on regions near the center of the sample (r<1 mm) and 
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regions away from the center (2<r<3 mm). One can see that 𝑣̅𝑑 is statistically lower after 20 

rotations than it is after 1 rotation. Moreover, after 1 rotation, 𝑣̅𝑑 is higher at the center of the 

sample than it is at higher radii. However, after 20 rotations, the cumulative distribution of 𝑣̅𝑑 

tends to be similar on the whole sample. 

 

 

Figure 33 (a) Cumulative distribution of �̅�𝑑 for as-cast, annealed and HPT deformed Pt-based BMG samples. 

(b) Cumulative distribution of �̅�𝑑 for samples subjected to 1 and 20 rotations under HPT, at a region near 

the center of the sample or at a higher radius. Republished with permission of Elsevier Science & Technology 

Journals, Copyright 2017, from [136]; permission conveyed through Copyright Clearance Center, Inc..  

To investigate the effect of temperature during HPT deformation on the flow behavior observed 

in nanoindentation measurements, the cumulative distribution of 𝑣̅𝑑 for the 30 nanoindentation 

measurements on samples deformed after 20 rotations at 200 °C or -190 °C was plotted (Figure 

34). It could be observed that 𝑣̅𝑑 decreased much less after HPT deformation at 200 °C than it did 

at room temperature. 𝑣̅𝑑 was also lower than after annealing at 200 °C, without HPT deformation 

(Figure 34a). Similar to the samples deformed at room temperature, 𝑣̅𝑑 was found statistically 

higher at a region near the center of the sample (r<1 mm) than at higher radius (2<r<3 mm). On 

the other hand, the sample deformed at -190 °C exhibited a lower 𝑣̅𝑑 in comparison to the 

deformed sample at room temperature, after 20 rotations (Figure 34b).  
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Figure 34 (a) Cumulative distribution of �̅�𝑑 for as-cast, annealed, HPT deformed at room temperature and 

HPT deformed at 200 °C (at different radius) Pt-based BMG samples. (b) Cumulative distribution of �̅�𝑑 for 

HPT deformed at -190°C and at room temperature Pt-based BMG samples (r<1 mm, 20 rotations). 
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4.1.2 Pd-based BMG samples 

4.1.2.1 Structural changes after HPT 

Pd-based BMG samples with nominal composition Pd43Cu27Ni10P20 were deformed by HPT with 

20 rotations under a hydrostatic pressure of 4 GPa and a rotation speed of 0.2 rot.min -1. The 

amorphous state of the samples before and after HPT deformation was controlled by XRD 

measurements (Figure 35). For the two samples, the XRD measurements reveal the presence of 

a single broad diffraction peak, characteristic of an amorphous phase. No crystalline peaks could 

be observed, on all the tested samples. 

 

 

Figure 35 XRD measurements performed on samples with nominal composition Pd43Cu27Ni10P20 before and 

after HPT deformation (20 rotations). From [138] with permission, © Carl Hanser Verlag GmbH & Co.KG, 

Muenchen. 

To further confirm the amorphous nature of the Pd-based samples, HR-TEM measurements were 

performed on samples before and after HPT deformation (Figure 36). On the BF-TEM images, one 

can see nanoscale heterogeneities on the HPT deformed sample (Figure 36b), which are not 

visible on the as-cast sample (Figure 36a). The insert electron diffraction patterns, showing diffuse 

rings for the two samples, confirms that the two specimens are amorphous and free of 

nanocrystals. This information is further confirmed with the DF-TEM images, where only very 

small bright spots of maximum 0.4 nm in diameter can be found in the two samples (Figure 36c.d). 

These bright spots are much smaller than the mechanically induced nanocrystals reported in the 
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literature which have a diameter above 2 nm [139–141]. Therefore, the nanoscale 

heterogeneities observed in BF-TEM after HPT are more likely to originate from chemical short-

range segregation within the amorphous phase, as it is sometimes reported after severe plastic 

deformation [78,80]. 

 

Figure 36 Bright-field TEM images with an insert diffraction pattern of (a) as-cast and (b) HPT deformed 

sample after 20 rotations. Dark-field TEM images of (c) as-cast and (d) HPT deformed sample. Adapted 

from [138] with permission, © Carl Hanser Verlag GmbH & Co.KG, Muenchen. 

DSC measurements were conducted on the as-cast and HPT deformed samples to investigate the structural 

changes occurring during the mechanical treatment (Figure 37). It was found that the onset of 
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crystallization decreased from 400°C in the as-cast sample to 378°C in the HPT-deformed sample. The 

temperature at the crystallization peak decreased also from 425°C to 412°C after HPT. Two crystallization 

peaks could be observed in the HPT deformed sample when only one could be seen for the as-cast. The 

glass transition, however, remained constant in the two samples. The enthalpy of relaxation, 

corresponding to the area of the peak below the glass transition temperature went from 67 J.mol–1 in the 

as-cast sample to 577 J.mol–1 after HPT deformation. The increase in enthalpy of relaxation is considered 

directly proportional to the amount of free volume in the material, before the temperature scan [130]. A 

higher free volume is typically associated to a higher disordering. 

 

Figure 37 DSC measurements on as-cast sample and HPT deformed sample after 20 rotations at high radius 

(r>2 mm). The inset reveals the evolution of the heat flow below the glass transition temperature. From 

[138] with permission, © Carl Hanser Verlag GmbH & Co.KG, Muenchen. 

The shear bands could not be observed by TEM measurements after HPT deformation of the 

sample (Figure 36). However, several studies have demonstrated that the preferential etching of 

the shear bands can be used to reveal their position [47,142,143]. Following this approach, our 

samples were placed in a 15.4 M HNO3 solution during 4 min. SEM measurements were 

performed on the samples afterward. On the HPT deformed sample, some bright curvy lines could 
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be found everywhere on the sample (Figure 38). These lines were not visible on the as-cast and 

only compressed samples. It was therefore concluded that they must be the shear bands formed 

during HPT deformation. The shear bands width was estimated to be in the range of a few tens 

of nanometers and the average shear band spacing to be about 1 µm. These results are coherent 

with most of the work done on shear bands produced by severe plastic deformation. An average 

shear band spacing of 7 µm was indeed found on a Zr-based BMG subjected to HPT deformation 

after a rotation of 36 ° [82]. The typical shear band width reported in the literature is in the range 

of 6 to 20 nm [55,144,145]. The shear bands in the observed area possess mainly two different 

orientations, forming an array of shear bands visible on the surface, similarly to previous studies 

[25,82]. The directions of the shear bands were close to the radial and circumferential directions. 

 

 

Figure 38 (a) SEM image after etching of a Pd-based BMG deformed by HPT. (b) Schematic indicating the 

position of most visible shear bands on the left picture in (a). From [138] with permission, © Carl Hanser 

Verlag GmbH & Co.KG, Muenchen. 

4.1.2.2   Mechanical properties 

Nanoindentation measurements were performed with spherical indenters of radius 1, 5 and 8 μm 

to evaluate the effect of the mechanical treatment on the mechanical properties of the samples 

(Figure 39). With the 1- and 5-μm indenters, loading was at a constant loading rate of 3 mN.min–

1 to a maximum depth of 500 and 1000 nm respectively. With the 8-μm indenter, the 

corresponding values were 0.1 mN.min–1 and 600 nm. The lower rate was required to increase 

the visibility of the serrations, which are less pronounced with a larger tip radius [137,146]. With 
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the 1 μm radius indenter, it was found that the mechanical response was very similar in the two 

samples (Figure 39a). The flow was very serrated, with multiple pop-in events on the loading 

curve. The length of the pop-ins was found to increase with the penetration depth. With the 5 

μm radius indenter, the flow seemed to be a bit less serrated after HPT deformation (Figure 39b). 

This information will be confirmed by a statistical analysis (Figure 40). With the 8 μm radius 

indenter, the serrations almost disappeared completely in the HPT deformed sample, when they 

were still clearly visible in the as-cast sample (Figure 39c).  

 

Figure 39 Typical loading curves on as-cast and HPT deformed samples with indenter radius of (a) 1 μm, (b) 

5 μm and (c) 8 μm. From [138] with permission, © Carl Hanser Verlag GmbH & Co.KG, Muenchen. 

A statistical analysis of multiple indentation measurements was required to confirm the 

observation made visually on load versus displacement curves. To confirm the reproducibility of 

the results, each sample was indented 60 times with the 1-μm indenter and 40 times with the 5-

μm indenter. With a spherical indenter, the mean pressure is given by  𝑃m = 𝐹 π𝑎2⁄ , where 𝐹 is 

the applied load, and 𝑎 the contact radius equal to √2𝑅ℎc − ℎc
2  where 𝑅 is the radius of the 

indenter tip and ℎc the contact depth. ℎc was determined from the Oliver-Pharr model giving 

ℎc = ℎ − 0.75 𝐹 𝑆⁄ , where ℎ is the indenter displacement and 𝑆 the elastic contact stiffness. With 

the CSM technique, 𝑆 can be determined at every point, allowing the calculation of 𝑃m on the 

whole curve. The statistical analysis was done on the portion of the curves in between 200 and 

500 nm penetration depth for the 1 μm-indenter and from 400 to 900 nm for the 5 μm-indenter, 

as shown on Figure 40a.d. In this way, the analysis was restricted to the portions of the curve 

located in the plastic regime. With a constant loading rate, the force applied by the indenter 

during a pop-in event is kept constant. The displacement of the indenter, on the other hand, 

increases rapidly. Therefore a pop-in is accompanied by a drop in 𝑃m or a stress drop Δσ. On Figure 
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40a.d, one can see that the mean pressure decreases suddenly after a pop-in, to increase again 

afterward. The minimum and maximum values of 𝑃m seem to stay in the same range, 

independently of the penetration length. This is similar to the mechanical response observed in 

MGs under uniaxial compression, at the beginning of the plastic regime [147,148]. 𝑃m in the 

plastic regime is also equal to the hardness calculated by the nanoindenter. Therefore, our results 

also show that there is no visible strain hardening in our samples, as it should be the case with 

MGs. On Figure 40b.c, all the stress drops Δσ of all the indentation curves are plotted as a function 

of the indenter displacement at which the corresponding pop-in event initiated. The lower limit 

for detection of a stress drop was fixed at 0.1 GPa. For the two indenters and the two samples, 

no clear correlation between the magnitude of the stress drop and the displacement at which the 

pop-ins initiated could be seen. Therefore, Δσ appears as a better parameter than the pop-in 

length to evaluate the mechanical changes induced by HPT, since the pop-in length also depends 

on the penetration depth (Figure 39). On Figure 40c.f, the cumulative distribution of the stress 

drops, observed on all the curves, for as-cast and HPT deformed samples was plotted. With the 1 

μm-indenter, the cumulative distribution of Δσ is almost identical for the two samp les (Figure 

40c). However, with the 5-μm indenter, the curve is clearly shifted to lower values of Δσ (Figure 

40f). This shift can be visualized on Figure 40e.f, where around 40% of the Δσ exceeds 0.3 GPa in 

the as-cast sample when less than 5% of the Δσ exceed this value in the HPT-deformed sample. 
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Figure 40 Statistical analysis of the stress drops measured during nanoindentation measurements with 

indenter radius of (a-c) 1 and (d-f) 5 μm. (a,d) Typical stress vs displacement curves in the plastic regime. 

(b,e) Stress drops and displacement at the onset of the associated pop-ins in all the loading curves. (c,f) 

Cumulative distribution of the stress drops. Adapted from [138] with permission, © Carl Hanser Verlag 

GmbH & Co.KG, Muenchen. 
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4.2 Thin film metallic glasses 

4.2.1 Zr-based TFMGs 

4.2.1.1 Influence of working pressure 

TFMGs were deposited by DC magnetron sputtering from a target with nominal composition 

Zr52.5Ti5Cu17.9Ni14.6Al10. The working pressure varied from 0.4 to 10 Pa. On Figure 41, one can see 

the resulting microstructure of the thin films deposited for 1 h on a Si<100> substrate at different 

working pressures of Ar. From the top view images, we can see that the thin film deposited at 0.4 

Pa has a very smooth and homogeneous surface (Figure 41a). At a higher working pressure of 1.5 

Pa, we observe the formation of mesoscopic hills on the top surface (Figure 41b). For these two 

samples, the cross-section SEM images show a vein pattern with multiple dimples, characteristic 

of a MG fracture surface (Figure 41d.e). On the top view of the thin film deposited at 10 Pa, we 

distinguish a hierarchical microstructure with small clusters being part of larger clusters (Figure 

41c). Some large cracks are also visible at the interface in between the large clusters. From the 

cross-section view, we see that the large clusters are in fact the domed top of nanocolumns 

(Figure 41f). The nanocolumns are separated from each other by voided boundaries, where 

fracture occurs during cleaving, making them easily recognizable.  
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Figure 41  Top view and cross-section images of Zr-based TFMGs, deposited for 1 h, under 70 W, at different 

working pressures of Ar 

The composition of the three Zr-based TFMGs deposited for 1 h was investigated by EDX 

measurements (Table 1). It can be seen that the composition of the thin films is not exactly the 

same as in the target. However, this variation in the chemical composition is relatively limited and 

should still allow a good glass forming ability in the alloys. 
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LM105 

(Target) 
0.4 Pa 1.5 Pa 10 Pa 

Zr 53.9 55 ± 1.1 55 ± 1.7 55 ± 4.5 

Cu 17.4 15 ± 1.4 16 ± 1.3 17 ± 2.6 

Ni 13.9 16  ± 1.4 15 ± 2 14 ± 2 

Al 8.8 9 ± 1.3 9 ± 1.9 10 ± 1.2 

Ti 5.2 5 ± 1.1 5 ± 1.4 5 ± 1.1 

 

Table 1 Composition of three Zr-based thin films in at. % determined by EDX measurements. The 

composition of the films deposited at 0.4, 1.5 and 10 Pa is compared to that of the Zr-based target. 

XRD measurements were performed on the thin films to control their amorphous state. For the 

three thin films, deposited at 0.4, 1.5 and 10 Pa for 1 h, only a broad diffraction peak characteristic 

of an amorphous phase could be found. The position of the peak was a bit shifted for the 10 Pa 

TFMG which can be explained by its higher content in Cu and lower content in Ni in comparison 

to the other TFMGs (Table 1). 

 

Figure 42 XRD measurements performed on the three Zr-based TFMGs, deposited at a working pressure of 

0.4, 1.5 and 10 Pa for 1 h. 
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DSC measurements were performed to further confirm the amorphous nature of the thin films. 

For the two thin films, one could identify an endothermic event associated with a glass transition 

followed by an exothermic event associated with crystallization. These two thermal events 

confirm the presence of an amorphous state in the as-sputtered thin films. For the thin film 

deposited at 0.4 Pa, the glass transition temperature 𝑇𝑔  was measured at 443 °C and 𝑇𝑥 , the 

temperature at the crystallization peak was 512°C. For the thin film deposited at 2 Pa, the glass 

transition temperature was 458 °C. Two distinct crystallization peaks could be observed for this 

alloy, with local minimums at 496 and 517 °C. The difference in crystallization behaviour can be 

attributed to the small changes in composition in between the thin films, as revealed by EDX 

measurements (Table 1). The difference in thin film microstructure, visible from the top surface 

(Figure 41), could also modify the atomic short-range order of the thin films and therefore their 

crystallization behaviour. At higher working pressure, the film is nanocolumnar and falls into tiny 

pieces after being detached from the substrate, making DSC measurement impossible.  

 

Figure 43 DSC measurements performed on thin films deposited for 15 min at a working pressure of Ar of 

0.4 and 2 Pa. 

The mechanical properties of the thin films after 1 h deposition were investigated by 

nanoindentation. The thin films were indented by a Berkovich indenter to a maximum depth of 

250 nm, at a constant displacement rate of 2 nm.s-1. The total penetration depth was kept below 

a tenth of the thin film thickness, estimated to be at least 3 µm on the whole surface. In this way, 

the influence of the Si substrate on the measured mechanical properties could be neglected. 
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Figure 44 presents a typical load vs displacement curve for the three indented thin films. This 

measurement was repeated 30 times for each sample. The mean values of hardness and Young’s 

modulus are summarized in Table 2. The error ranges are calculated from the standard deviation 

of the 30 measurements. It can be seen that the thin film hardness and Young’s modulus 

decreases with an increase of working pressure. This is particularly true for the thin film deposited 

at 10 Pa working pressure. However, in this case, the material is composed of nanocolumns 

separated by voided boundaries, where cracks can easily form, reducing the measured hardness 

and Young’s modulus. 

 

Figure 44 Nanoindentation measurements on Zr-based TFMGs deposited at 0.4, 1.5 and 10 Pa working 

pressure of Ar for 1 h. 

 
0.4 Pa 1.5 Pa 10 Pa 

Hardness (GPa) 7.3 ± 0.5 6 ± 0.25 3.1 ± 0.1 

Young’s modulus 

(GPa) 

117 ± 8 112 ± 9 89 ± 9 
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Table 2 Mean hardness and Young’s modulus of the three Zr-based TFMGs deposited at different working 

pressures. Both hardness and Young modulus are the averages of 30 measurements performed on each 

film. The margins of errors are calculated from the standard deviation of the 30 measurements. 

The shear band propagation in the TFMGs was investigated after performing a Vickers indentation 

at the surface of the film. The imprint was not used to calculate the hardness of the film but rather 

to observe the interaction of the shear bands, located around the imprint, with the microstructure 

of the film. For the thin film deposited at 0.4 Pa (Figure 45a), the shear band propagation is akin 

to what could be found in a BMG. The microstructure is dense and homogeneous so that no 

special interaction between the shear bands and the microstructure could be observed. For the 

thin film deposited at 1.5 Pa (Figure 45b), the shear bands remain only at the interface between 

the mesoscopic hills. Therefore, the shear bands are forced to adapt their trajectory as a function 

of the mesoscopic hills position and geometry. The shear band propagation is tailored differently 

in this material in respect to a BMG. For the thin film deposited at 10 Pa (Figure 45c), the 

deformation occurred through the propagation of large cracks at the interface between the 

nanocolumns. No real shear bands could be observed in the SEM image. It suggest that the 

nanocolumnar thin film is actually very brittle. 

 

Figure 45 SEM images on thin films deposited at 0.4 (a), 1.5 (b) and 10 Pa (c) working pressure of Ar 

highlighting the shear band propagation in these thin films. Shear bands were found around indentation 

imprints performed by a Vickers indenter with a load of 9.8 N. 

The roughness of the thin films, deposited for 5 min at a sputtering power of 70 W was measured 

by AFM, on a surface of 1 X 1 µm. The roughness of the samples as a function of the working 

pressure is plotted on Figure 46. Each point on this figure is the average of three AFM 

measurements performed at 50 µm one from another. The error bars correspond to the standard 

deviation of these three measurements. One can see that between 0.4 and 1.5 Pa, the roughness 
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of the sample is kept below 0.2 nm. At 2 Pa, we observe a sharp increase in roughness which 

exceeds 0.4 nm. Above 4 Pa, the roughness is relatively constant at a value above 0.7 nm. The 

roughness does not increase linearly with the working pressure. The jump of roughness occurs 

indeed over a small interval of working pressure. 

 

Figure 46 Roughness of Zr-based TFMGs as a function of the working pressure during deposition. Each point 

is the average of three AFM measurements on the same thin films, separated by 50 µm each. The error 

bars correspond to the standard deviation of the three measurements. A guide for the eyes has been added 

to distinguish the three zones: low and relatively constant roughness (zone I), roughness increasing rapidly 

over a small range of working pressure (zone II) and high and relatively constant roughness (zone III).   

4.2.1.2 Influence of deposition time 

The roughness of the samples was also investigated as a function of the deposition time, with thin 

films deposited at 1.5 Pa (Figure 47). One can see that the increase in roughness is in this case 

progressive and almost linear with the increase of deposition time. On Figure 48 and Figure 49, 

the top surface of the films is compared to SEM measurements. After 5 min deposition, the thin 

film appears completely smooth and homogeneous (Figure 48a, Figure 49a). The roughness of 

this film was indeed measured to be below 0.2 nm (Figure 47). After 30 min deposition, the thin 

film surface was not smooth anymore. However, the mesoscopic hills were not completely 

formed at this point and their boundaries could not be clearly identified (Figure 48b, Figure 49b). 

The roughness of the film was about 0.5 nm at this stage (Figure 47). After 1 h deposition, the top 
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of the film was formed of well visible mesoscopic hills (Figure 48c, Figure 49c). At this point, the 

roughness of the film exceeded 1 nm (Figure 47). 

 

Figure 47 Roughness of Zr-based metallic glass thin films deposited at 1.5 Pa working pressure for different 

times. The roughness of each thin film is the mean of three AFM measurements on the same thin films, 

separated by 50 µm each. The error bars correspond to the standard deviation of the three measurements.  

A guide for the eyes highlights the linear behaviour. 

 

 

Figure 48 SEM measurements presenting top views of Zr-based TFMGs deposited at 1.5 Pa working 

pressure with a deposition time of 5 min (a), 30 min (b) and 1 h (c) 
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Figure 49 AFM measurements performed on the top surface of Zr-based TFMGs deposited at 1.5 Pa working 

pressure with a deposition time of 5 min (a), 30 min (b) and 1 h (c) 

The horizontal correlation length 𝑇 (Equation 21), proportional to the lateral dimension of the 

bumps on a surface, was also plotted as a function of the deposition time on the same samples 

and from the same AFM measurements (Figure 50). Similarly to the roughness, 𝑇 increases almost 

linearly with the deposition time.  
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Figure 50 Horizontal correlation length of Zr-based thin films deposited at 1.5 Pa as a function of their 

deposition times. 
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4.2.2 Au-based TFMGs 

Au-based TFMGs with nominal composition Au40Cu28Ag7Pd5Si20 were deposited on Si <100> 

wafers for 5 min at a discharge power of 30 W under different working pressures of Ar, which 

varied from 0.4 to 10 Pa. GAXRD measurements were performed on the samples deposited at 

different working pressures (Figure 51). For all the thin films, no sharp diffraction peaks could be 

observed. Only a broad halo, characteristic of an amorphous state was identified. Thus it can be 

concluded that all the deposited thin films were amorphous.  

 

Figure 51 XRD measurements on Au-based thin films deposited at different working pressure of Ar. 

Republished with permission of Elsevier Science & Technology Journals, Copyright 2018, from [149]; 

permission conveyed through Copyright Clearance Center, Inc.. 

The composition of the Au-based TFMGs was controlled by EDX measurements (Table 3). We 

found small differences in the composition of the films. However, these difference in 

concentration could be well explained by the relatively large error ranges. These error ranges 

originate from the difficulty of measuring precisely the composition of thin films containing a large 

number of elements. 
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 Target 0.4 Pa 4 Pa 10 Pa 

Au 40 43 ± 2.1 40 ± 1.2 41 ± 1.1 

Cu 28 30 ± 1.1  28 ± 1.1 26 ± 1.2 

Pd 5 6 ± 1.2 5 ± 1 5 ± 1 

Ag 7 6 ± 1.3 7 ± 1.2 7 ± 1 

Si 20 15 ± 1.8 20 ± 1 21 ± 1.3 

Table 3 Composition in at. % of the target and thin films sputtered at different working pressures measured 

by EDX 

DSC measurements were conducted on the Au-based thin films deposited at 0.4, 4 and 10 Pa 

during 30 min. It was found that the thin films presented different glass transition temperature 

𝑇𝑔 : 168°C, 174°C and 151°C for the sample deposited at 0.4, 4 and 10 Pa respectively. The onset 

of crystallization also differed in between the samples: 179°C, 189°C and 164°C for the thin film 

deposited at respectively 0.4, 4 and 10 Pa respectively. In addition, a higher number of 

crystallization peaks at higher working pressures was observed. The thin film deposited at 0.4 Pa 

possessed two peaks, when three and four could be identified for the thin films deposited at 4 Pa 

and 10 Pa respectively. 
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Figure 52 DSC measurements performed on thin films deposited at different working pressure of Ar. 

Republished with permission of Elsevier Science & Technology Journals, Copyright 2018, from [149]; 

permission conveyed through Copyright Clearance Center, Inc.. 

To study the influence of the substrate roughness, nanoparticles of diamond were deposited on 

the top of a Si <100> substrate. SEM measurements could confirm that the nanoparticles were 

homogeneously dispersed on the surface (Figure 53a). The distribution of the particles diameter 

is presented in Figure 53b. The average particle diameter was calculated to be 16 nm. The 

roughness of the substrate increased from 0.1 nm on a clean substrate to 3.1 nm after particle 

deposition. However, one should not forget that the surface in between the particles is still locally 

very smooth.  
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Figure 53 (a) SEM image showing the dispersion of the diamond particles on the surface of a Si wafer and 

(b) distribution of the particle diameter. Republished with permission of Elsevier Science & Technology 

Journals, Copyright 2018, from [149]; permission conveyed through Copyright Clearance Center, Inc.. 

The top view SEM images of the thin films deposited at 0.4, 4 and 10 Pa on Si wafers with or 

without diamond nanoparticles on the top is represented in Figure 54. The thin films deposited 

on clean Si wafer present different morphologies. At 0.4 Pa, the thin film surface is smooth and 

homogeneous (Figure 54a). At 4 Pa however, the surface becomes nanostructured, with 

mesoscopic hills with an average diameter of 22 nm (Figure 54b). At 10 Pa, the hills are still 

present, but their average diameter decreased to 15 nm (Figure 54c). Some open porosities were 

also visible at the interface in between the hills. The thin films deposited on diamond 

nanoparticles present different morphologies. At 0.4 Pa, the film is not as smooth as on the clean 

Si wafer (Figure 54d). However, hills boundaries are still not well defined. At 4 Pa, hills with an 

average diameter of 34 nm could be identified (Figure 54e). The hills diameter varied significantly 

on this sample, with small hills still present at the interface between larger ones. At 10 Pa, the 

thin film microstructure became hierarchical, with small hills included in bigger ones (Figure 54f). 

The average diameter of the small hills was 15 nm, close to the value reported for thin films 

deposited on clean Si wafer, at the same working pressure. Contrarily to the thin film deposited 

at 4 Pa, there was not a large dispersion in the hills diameter. 
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Figure 54 SEM images (top view) of the Au-based TFMGs deposited at different working pressure of Ar (0.4, 

4 and 10 Pa) and on different substrates (Si<100>, with or without diamond particles). Republished with 

permission of Elsevier Science & Technology Journals, Copyright 2018, from [149]; permission conveyed 

through Copyright Clearance Center, Inc.. 

The cross-section of the different Au-based TFMGs was observed under SEM after cleaving. For 

the thin films deposited at 0.4 and 4 Pa on a clean Si wafer, a vein pattern characteristic of the 

MG fracture surface was observed (Figure 55a.b). At 10 Pa however, the nanocolumnar 

microstructure of the film was revealed, the fracture progressing at the interface in between the 

columns (Figure 55c). For the film deposited on diamond nanoparticles, at 0.4 Pa, the fracture 

surface of the film still presented a vein pattern (Figure 55d). At 4 Pa, however, a superposition 

of a vein pattern with a columnar microstructure could be seen (Figure 55e). This suggests that 

the boundaries in between the nanocolumns are not completely voided in this thin film and that 

they can support some plastic deformation. At 10 Pa, columns were visible on the cross-section, 

without the presence of a vein pattern (Figure 55f). It can be noticed that these nanocolumns 

have a larger diameter than the ones present on the film sputtered on a clean Si wafer at the 

same working pressure (Figure 55c). 
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Figure 55 Cross-section after cleaving of Au-based TFMGs deposited at different pressures of Ar (0.4. 4 and 

10 Pa) and on different substrates (Si<100>, with or without diamond particles). Republished with 

permission of Elsevier Science & Technology Journals, Copyright 2018, from [149]; permission conveyed 

through Copyright Clearance Center, Inc.. 

The tilted views of the thin films sputtered on Si<100> with nanoparticles are shown in Figure 56. 

For the thin film deposited at 0.4 Pa, we see some mounds on the surface (Figure 56a). However, 

as seen in the cross-section, there are no hills with well-defined boundaries. At 4 Pa, we 

distinguish some large hills (Figure 56b). Smaller hills could be found only at the interfaces in 

between the large ones. At 10 Pa, large hills were still visible on the surface, but all of them were 

divided into smaller hills. 

 

Figure 56 SEM images (tilted view) of the Au-based TFMGs deposited under different working pressures of 

Ar on the Si<100> wafer with diamond particles. Republished with permission of Elsevier Science & 

Technology Journals, Copyright 2018, from [149]; permission conveyed through Copyright Clearance 

Center, Inc.. 
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The apparent hills diameter as a function of the working pressure of Ar on the two different 

substrates is plotted on Figure 57. For the films deposited on clean Si wafer, no hills could be 

observed below 4 Pa. Above 4 Pa, the hills diameter gradually decreased until it reached a 

minimum of around 14 nm at 8 Pa. For the films deposited on Si wafer with nanoparticles of 

diamond, mesoscopic hills could be observed until 2 Pa. Below this working pressure, the hills 

boundaries could not be well identified. Above 2 Pa, the hills size decreased with an increase of 

working pressure. At 4 Pa working pressure, the size of the apparent hills was much larger on the 

Si wafer with nanoparticles than it was on the clean Si wafer. However, at 10 Pa working pressure, 

the size of the hills was independent of the substrate initial roughness. 

 

 

Figure 57 Average diameter of visible hills from top view as a function of working pressure for thin films 

deposited on Si<100> substrate, with or without diamond particles on the top. Republished with permission 

of Elsevier Science & Technology Journals, Copyright 2018, from [149]; permission conveyed through 

Copyright Clearance Center, Inc.. 

AFM measurements were performed on all the deposited thin films to evaluate their roughness. 

For the thin films deposited on clean Si wafer, a jump in roughness from around 0.1 nm to 0.8 nm 

and occurring at 4 Pa was observed (Figure 58a). This pressure corresponds to the lower working 

pressure at which the hills are visible on SEM measurement (Figure 57). Before and below 4 Pa, 

the roughness is relatively constant. The roughness of the thin films deposited on nanoparticles 

was higher than the ones deposited on clean Si wafer for all working pressures. For the thin films 
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deposited on nanoparticles, a jump in roughness from around 1 nm to 4 nm occurred at 2 Pa 

(Figure 58b). Once again, it corresponds to the minimum pressure at which the hills can be clearly 

identified on SEM measurement (Figure 57). 

 

 

Figure 58 Roughness determined by AFM measurements as a function of working pressure for the thin films 

deposited on Si<100> wafer (a) with or (b) without diamond particles on the top. The error bars are equal 

to the standard deviation of 3 AFM scans on the same thin film. The zones I and II correspond to the range 

of working pressures in which the thin films have respectively low and high roughness. Adapted with 

permission of Elsevier Science & Technology Journals, Copyright 2018, from [149]; permission conveyed 

through Copyright Clearance Center, Inc.. 

The XRD and DSC measurements have already revealed that a large part of the films is amorphous. 

However, these measurement techniques are not sufficient to prove that there is no nanocrystals 

imbedded in the amorphous matrix. To investigate whether the observed structures could exist 

at the early stage of thin film growth without the presence of nanocrystals, it was decided to 

perform TEM measurements of Au-based TFMGs with a thickness of around 20 nm, directly 

deposited on a Cu grid at a working pressure of 0.4, 4 and 10 Pa. The thin films deposited at 0.4 

Pa and 4 Pa looked very homogeneous (Figure 59a.b). Their associated SAD displayed only an 

amorphous ring, suggesting that the whole films are amorphous. The film deposited at 10 Pa had 

a heterogeneous structure, with denser clusters separated by less dense interfaces appearing 

brighter on the TEM image (Figure 59c.d). The dark regions correspond in fact to the inner part of 

the columns, separated from each other by less dense interfaces. The associated SAD shows once 
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again an amorphous halo, synonym of an amorphous phase. However, it was possible to observe 

some small crystallites on some locations at the interfaces in between the columns (Figure 59d). 

The lower density at the interfaces certainly increases the local diffusivity of the atoms, which 

facilitates crystallization in this region. The cross section image of a 4.5-μm thick thin film 

deposited at 10 Pa can be seen on Figure 59e.f. The columnar structure of the film is clearly visible. 

A higher content of nanocrystals was found on this thin film, as attested by the SAD pattern. It is 

however possible that these crystals originate from the sample preparation by FIB, considering 

the low crystallization temperature of this alloy. A large part of the film was nevertheless 

amorphous, as attested by the amorphous ring still clearly visible in the SAD. 
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Figure 59 TEM measurements performed on 20 nm-thick Au-based TFMGs deposited at (a) 0.4 Pa, (b) 4 Pa 

and (c)-(d) 10 Pa on Cu grid. The arrows on (d) indicate the location of small crystallites. (e), (f) TEM images 

of the cross section of a 4.5 nm-thick film deposited at 10 Pa after sample preparation by FIB. The insets on 

(a), (b), (d) and (f) correspond to the associated SAD patterns. Adapted with permission of Elsevier Science 

& Technology Journals, Copyright 2018, from [149]; permission conveyed through Copyright Clearance 

Center, Inc.. 



92 

4.3 Dealloying of Au-based TFMGs 

4.3.1 Microstructure and composition of the precursors 

In order to produce NPAu, we prepared Au-based TFMGs by DC magnetron sputtering from a 

target with nominal composition Au40Cu28Pd5Ag7Si20. Cover glasses were used as substrates, due 

to their high corrosion resistance. A Cr layer of around 5 nm thick was first deposited on the cover 

glass, to enhance the adhesion with the substrate. A Au layer around 50 nm thick was sputtered 

on its top, to prevent the dissolution of Cr during dealloying. Finally, the thin films were deposited 

on the Au layer, under a working pressure of 0.4 Pa (sample A), 4 Pa (sample B) and 10 Pa (sample 

C). The composition of the different as-sputtered thin films was measured by EDX (Table 3). We 

found some small variations in the thin films composition with respect to the composition of the 

target. These variations can however be explained in part by the reduced thickness of the films, 

which can lead to some measurement errors, especially if a part of the signal originates from the 

underneath gold layer. From Table 3, we can nevertheless estimate that the change in 

composition between the 3 different thin films remained relatively limited. 

To determine the thin films microstructure, SEM measurements were performed on the top and 

cross-section (after cleaving) of the thin films (Figure 60). We found that sample A had a smooth 

surface, without visible heterogeneities (Figure 60a). On the other hand, sample B was 

nanostructured on its top with hills of 18 nm diameter in average (Figure 60b). The cross-section 

of the two corresponding samples presented a vein pattern, characteristic of MG fracture surface 

(Figure 60d.e). Sample C was also nanostructured on its top, with hills of 14 nm in diameter (Figure 

60c). Some voids were also visible at the interface in between the hills. The cross-section of this 

sample reveals the nanocolumnar structure of the film, with the fracture during cleaving 

progressing at the boundaries in between the columns (Figure 60f). The voids observed on the 

top views represent in fact the voided boundaries in between the nanocolumns. The hills are 

associated to the domed top of the columns. 
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Figure 60 SEM images of top views and cross-section views of Au-based TFMGs deposited under different 

working pressures of Ar. Sample A was deposited under 0.4 Pa, sample B under 4 Pa and sample C under 

10 Pa. Republished with permission of Cambridge University Press, Copyright 2018, from [150]; permission 

conveyed through Copyright Clearance Center, Inc.. 

The composition at the top surface of the thin film was evaluated by XPS measurements. It was 

found that the composition at the top surface of the films deviated from the nominal composition 

of the thin film measured by EDX, with a lower Au concentration and a higher Si concentration. 

These results are coherent with previous studies revealing the presence of SiO2 patches at the 

top of Au-based MG ribbons with same composition [118]. The concentration of Au and Ag silver 

was approximatively the same in all the samples. However a higher Cu concentration and a lower 

Si concentration could be found in sample C with respect to the other two samples. The 

concentration of Pd could not be determined, due to the overlapping of the main Pd peaks by Au 

and O peaks of higher intensity [151]. 
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 Atomic percentage 

Sample Si Cu Pd Ag Au 

A 37.7 ± 3 25.4 ± 2 --- 7.9 ± 1 28.9 ± 2 

B 36.7 ± 3 26.9 ± 2 --- 7.7 ± 1 28.7 ± 2 

C 29.7 ± 3 37.6 ± 3 --- 5.7 ± 1 27 ± 2 

 

Table 4 Atomic concentration determined by XPS measurements of the elements present at the surface of 

the thin films excluding C and O. The concentration of Pd could not be evaluated properly since its main 

peaks are weak and overlapped by O and Au peaks of higher intensity. An accuracy of 10% for each element 

concentration is typically reasonable for this type of measurement (after excluding Pd). 

4.3.2 Dealloying products 

GAXRD measurements were performed to control the amorphous state of the thin films (Figure 

61). For all of them, broad halos were visible, characteristic of an amorphous state. However, 

small reflection peaks were also found overlapped by the broad halos, indicating the presence of 

crystals embedded in the amorphous phase (Figure 61a). The crystals grew with the preferential 

orientation (200), similarly to the crystals present in the underneath Au layer. These crystalline 

peaks could not be observed after direct deposition on cover glasses or Si<100> wafers. 

Therefore, it is suggested that the underneath Au layer favors the growth of these crystals.  

 

Figure 61 Glancing angle XRD patterns of sample A, B and C (a) before and (b) after dealloying for 1 h in a 

2 M HNO3 solution at 70 °C. On (a) the glancing angle XRD pattern of the Au intermediate layer is also 
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shown. The position of the reflections of Au in a face-centred cubic lattice is also indicated. Republished 

with permission of Cambridge University Press, Copyright 2018, from [150]; permission conveyed through 

Copyright Clearance Center, Inc.. 

The thin films microstructure after dealloying 10 min and 1 h was investigated by SEM 

measurements (Figure 62). For sample A, after 10 min dealloying the top surface consisted of 

crystalline islands of around 50 nm in diameter separated from each other by interconnected 

voids (Figure 62a). After 1 h, the islands evolved in ligaments with an average width of 35 nm at 

their neck (Figure 62d). For sample B, fine ligaments of 35 nm in width formed immediately after 

10 min dealloying time (Figure 62b). After 1 h, the ligament neck width increased to 70 nm and 

the pore size to 20 nm diameter by coarsening (Figure 62e). For sample C, small isolated islands 

of 20 nm in width evolved into ligaments after 10 min dealloying time (Figure 62c). The ligaments 

became interconnected and reached a width of 30 nm after 1 h dealloying time (Figure 62f). At 

the difference with the other samples, the pores in between the ligaments formed an 

interconnected network, both after 10 min and 1 h dealloying time. 

The cross-section of sample A after 1 h dealloying reveals the presence of large pores on the top 

part of the film (Figure 62g). Deeper in the film, the material fractured with a vein pattern, 

suggesting that it was still partially amorphous and that dealloying was not complete in this 

sample. A broad halo could still be identified on the GAXRD measurement for this sample, 

confirming this affirmation (Figure 61b). For sample B after 1 h, small pores could be observed on 

the whole thickness of the film, suggesting that dealloying already initiated on the whole film 

(Figure 62h). The pores were larger at the top of the film than at its bottom. For sample C after 1 

h, the cross-section shows the presence of ligaments elongated in the vertical direction, vestige 

of the initial nanocolumnar microstructure (Figure 62i). The size of the pores and ligaments was 

constant in the whole thin film. For samples B and C after 1 h dealloying, only diffraction peaks 

corresponding to Au in a face-centered cubic lattice could be observed, confirming the effective 

dealloying of the two samples (Figure 61b). 
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Figure 62 SEM images (top and cross-section views) of samples A, B and C after dealloying 10 min and 1 h 

in a 2 M HNO3 solution at 70 °C. Republished with permission of Cambridge University Press, Copyright 

2018, from [150]; permission conveyed through Copyright Clearance Center, Inc.. 

The composition of the samples after 1 h dealloying in 2 M HNO3 at 70 °C was obtained by EDX 

measurements (Table 5). The absolute errors are equal to the standard deviation of three 

measurements performed on the same sample at different locations. The percentage of Cu was 

at its highest in sample A (17.6 at. %). This is consistent with the fact that only the top part of the 

sample has been dealloyed, as confirmed by XRD and SEM measurements (Figure 61, Figure 62). 

Cu was nevertheless present in relatively large quantities in sample B (11.6 at. %), proving that 

this sample was not fully dealloyed. The lowest Cu percentage was found in sample C, where only 

negligible amount of Cu could be measured. The percentage of Pd and Ag was also lower in 

sample C with respect to the other two samples. However, the concentration of Si was high in all 

the three tested samples. The presence of SiO2 patches on the top surface of dealloyed Au-Si 

based metallic glass ribbons has been reported in other studies [152]. They originate from Si 
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oxidation and remain in between the ligaments before being released into the electrolyte. They 

do not appear to hinder the electrolyte from penetrating into the pores of the material. The 

concentration of Au was the highest in sample C, confirming that the dealloying of this sample is 

more complete in comparison to the other samples. 

 Sample A Sample B Sample C 

Au 60.6 ± 10.7 63.9 ± 0.7 72.9 ± 0.3 

Cu 17.6 ± 5.3 11.6 ± 1.1 0.2 ± 0.1 

Pd 4 ± 1.6 3.9 ± 0.1 1.7 ± 0.2 

Ag 3.6 ± 1.9 2.5 ± 0.1 --- 

Si 14.2 ± 2.2 18.1 ± 0.3 25.2 ± 0.5 

 

Table 5 Concentration in at. % measured by EDX in samples A, B and C dealloyed in 2 M HNO3 at 70 °C for 

1 h. The concentration of Ag in sample C was too low to be detected. 

4.3.3 Dealloying rate 

To understand the differences observed among the dealloying products, the potentiodynamic 

polarization curves were measured for the three as-sputtered samples, in a 2 M HNO3 solution, 

at 70°C (Figure 63). The potentiodynamic polarization curves were recorded at a linear scan rate 

of 5 mV/s from -150 to 500 mV vs. Ag/AgCl versus the open circuit potential. These curves were 

used to obtain the corrosion current density 𝑗𝑐𝑜𝑟𝑟  and the corrosion potential 𝐸𝑐𝑜𝑟𝑟  of the thin 

films. The results are summarized in Table 4. It can be seen that the lowest 𝑗𝑐𝑜𝑟𝑟   and the highest 

𝐸𝑐𝑜𝑟𝑟  are measured in sample A. The highest 𝑗𝑐𝑜𝑟𝑟   and lowest 𝐸𝑐𝑜𝑟𝑟  are measured in sample C. 

The 15 times increase in 𝑗𝑐𝑜𝑟𝑟   in sample C in comparison to sample A suggests a higher corrosion 

rate in this sample. 
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Figure 63 Potentiodynamic polarization curves for samples A, B and C obtained with a scan rate of 5 mV/s 

in a 2 M HNO3 aqueous solution at 70 °C. The corrosion potential (𝐸𝑐𝑜𝑟𝑟 ) equal to the open circuit potential 

under free corrosion conditions, and the corrosion current density (𝑗
𝑐𝑜𝑟𝑟

) were calculated using the Tafel 

extrapolation method. The samples A, B and C were dealloyed in 2 M HNO3 at 70 °C for 1 h. Republished 

with permission of Cambridge University Press, Copyright 2018, from [150]; permission conveyed through 

Copyright Clearance Center, Inc.. 

 

 Sample A Sample B Sample C 

𝑗𝑐𝑜𝑟𝑟  (A.cm-2) 1.7×10-5 9.9×10-5 2.6×10-4 

𝐸𝑐𝑜𝑟𝑟  (V) 0.73 0.65 0.55 

Table 6 Summary of 𝑗
𝑐𝑜𝑟𝑟

 and 𝐸𝑐𝑜𝑟𝑟  values obtained for sample A, B and C based on the potentiodynamic 

polarization curves presented in Figure 63. 

4.3.4 TEM measurements 

Columnar thin films were also deposited by DC magnetron sputtering but without intermediate 

layers of Cr and Au. In this way, the film delaminated during dealloying and could be observed by 

TEM without further preparations. TEM measurements after 1 h dealloying in 2 M HNO3 at 70 °C 

revealed that each ligament is formed of several crystalline domains, only a few nanometers in 

size (Figure 64). The presence of kinks and necks could be confirmed, particularly at grain 

boundaries (Figure 64b.d). Necks originate from the meeting of two ligaments during coarsening. 
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These structural defects contribute to enhancing the roughness of the ligaments. Amorphous 

materials could be observed around the ligaments. These were identified to silica patches by EDS 

measurements. Silica patches are frequently observed after dealloying Au-Si based MGs [152].  

 

Figure 64 TEM images of sample C after dealloying 10 min (a, b) and 1 h (c, d) in a 2 M HNO3 solution at 70 

°C. Samples were deposited employing the same sputtering parameters as for other samples of type C but 

without the Cr and Au adhesion layers in order to detach them easily from the glass substrate after 

dealloying and observe them in TEM without cutting or thinning. In bright field images (a, c) ligament size 

and shape are consistent with SEM observations. On HRTEM images, arrows evidence a twin boundary (b) 

and a grain boundary (d). Republished with permission of Cambridge University Press, Copyright 2018, from 

[150]; permission conveyed through Copyright Clearance Center, Inc.. 

4.3.5 Electrochemical status 

To study the electrochemical surface status of the three samples after dealloying, cyclic 

voltammetry (CV) scans in 0.5 M KOH were performed (Figure 65). The measurements were done 

at a sweeping rate of 20 mV/s from -0.1 V to 0.5 V vs Ag/AgCl. The peak associated to the oxidation 

of Au, typically observed at around 0.25 V vs Ag/AgCl, was apparent only in the case of sample C. 

For sample A and B, this peak was overlapped by a continuous increase in current density in this 
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range. From the literature, it is known that Cu [153,154], Ag [155,156] and Pd [157,158] oxidize 

from -0.1 V to 0.5 V vs Ag/AgCl . It seems therefore, that the current contribution originating from 

the oxidation of the remaining less noble elements overlap the current contribution of Au 

oxidation in sample B and C. Sample A shows the largest current density in this range, suggesting 

a larger presence of less noble elements in this sample. The presence of large amount of residual 

Cu was indeed confirmed for sample A and B (Table 5). A negative peak was also observed at -

0.05 V. This peak is typically associated with the reduction of the Au oxide. However, the current 

density was lower in sample A and B than in sample C. It has been reported that the reduction of 

Ag and Pd also contributes to the negative current in this range [153,154,159,160]. Therefore, it 

appears that in the case of sample A and B, the reduction of less noble elements also contributes 

to the signal. The current response of sample C is closer to the pure NPAu state.  

 

Figure 65 Cyclic voltammetry (CV) cycles in 0.5 M KOH solution with a scan rate of 20 mV/s for samples A, 

B and C de-alloyed in 2 M HNO3 at 70 °C for 1 h. Republished with permission of Cambridge University Press, 

Copyright 2018, from [150]; permission conveyed through Copyright Clearance Center, Inc.. 

4.3.6 Catalytic performance 

To study the possibility of using the dealloyed thin films as catalyzers, CV scans were performed 

in a 0.5 M KOH + 5 M CH3OH solution in the presence of the three dealloyed samples (Figure 66). 

The potentiodynamic polarization curves were recorded at a linear scan rate of 5 mV/s from -150 

to 500 mV vs. Ag/AgCl versus the open circuit potential. The electrocatalytic activity of the 

dealloyed samples for the methanol (MeOH) electro-oxidation reaction was tested at room 
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temperature. The highest current density peak in the first cycle of sample C reached 0.9 mA/cm2 

at 0.27 V, which is consistent with the MeOH electro-oxidation to formate ions reported in 

previous studies (Figure 66c) [159–161]. The small increase in current observed above 0.45 V can 

also be associated with the electro-oxidation of MeOH to carbonate [159,160]. With the scan 

performed backward, a current peak was observed from -0.1 to 0.25 V. This peak is typically 

assigned to the resume of the MeOH electro-oxidation, following the reduction of Au oxides, Au 

being once again able to catalyze this reaction once reduced. In contact with sample A and B, the 

highest peak contribution was broader (Figure 66a.b). This can be interpreted by the current 

contribution of other elements, such as Cu, Ag and Pd, which oxidize in this range [162]. The 

increase in current above 0.4 V was much more pronounced than in sample C. An explanation 

could come from the MeOH electro-oxidation catalyzed by Au oxides [159,160] but also by Cu 

oxides [153,154]. This suggests again that dealloying was the most effective in sample C, as the 

electrochemical response of the sample is closer to a pure NPAu. 

To study the stability of the three dealloyed thin films as catalyzers, the intensity of the first peak 

observed in the upward scan was compared as a function of the number of cycles (Figure 66d). 

This intensity was normalized with respect to the intensity of the peak in the first CV cycle. One 

can see that the normalized current density decreases rapidly in sample B and C to reach  values 

below 0.1 after 300 cycles. This suggests the progressive coverage of the Au active sites by less 

noble elements oxidized species, like Cu, formed during the upward scan [162]. For sample C 

however, the normalized current density was maintained at 0.48 after 300 cycles. A sample C 

dealloyed for only 10 min was tested to evaluate the performance of this material after very short 

dealloying time. The normalized current density of this thin film was still 0.42 after 300 cycles. 

This sample presents therefore a good stability, even after short dealloying time. In addition, the 

size and morphology of the ligaments after 10 min and 1 h dealloying were found identical before 

and after 300 CV cycles (Figure 67).  

 



102 

 

Figure 66  The electrocatalytic performance of dealloyed samples (a) A, (b) B and (c) C for 1 h in 2 M HNO3 

at 70 °C. The samples were tested for 300 cycles with a scan rate of 20 mV/s in 0.5 M KOH+5 M CH3OH. (d) 

The maximum current density in the selected CV scans is normalized with respect to the maximum value of 

the first scan and reported as a function of the number of cycles. Republished with permission of Cambridge 

University Press, Copyright 2018, from [150]; permission conveyed through Copyright Clearance Center, 

Inc.. 
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Figure 67 SEM images of samples C, de-alloyed for 10 min ((a) and (b)) and 1 h ((c) and (d)) in 2 M HNO3 at 

70 °C, before((a) and (c)) and after ((b) and (d)) methanol electro-catalysis experiments. The size and 

morphology of the ligaments remain constant for the two tested samples. Republished with permission of 

Cambridge University Press, Copyright 2018, from [150]; permission conveyed through Copyright Clearance 

Center, Inc.. 
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5 Discussion 

5.1 Effect of high-pressure torsion on BMGs 

5.1.1 Structural changes in HPT deformed BMG samples 

The XRD, DSC and TEM measurements performed on Pt- and Pd-based BMG samples before and 

after HPT deformation revealed that the samples are still amorphous after the deformation they 

underwent. However, structural changes occurred during the deformation, as confirmed by the 

changes observed in the DSC measurements of the Pt- and Pd-based BMGs after HPT deformation 

(Figure 28b, Figure 37). Indeed, for the two samples, an increase in the enthalpy of relaxation was 

reported after HPT deformation. In MGs, the enthalpy of relaxation is considered proportional to 

the amount of free volume and is associated with a higher level of disordering [130]. Annealing 

the sample at high temperatures, as it was done on the Pt-based sample, reduces the amount of 

free volume to achieve a denser and more relaxed amorphous state [163,164]. HPT deformation 

leads to the opposite effect, termed rejuvenation, in opposition to the aging occurr ing during 

annealing [51,165]. In theory, the strain induced by HPT deformation in a sample is not uniform 

but proportional to the distance from the centre at every location on the sample (Equation 12). 

In polycrystalline metals, the deformation is nevertheless uniform due to the strain hardening 

mechanism, delocalizing the deformation. MGs do not have a strain hardening mechanism, due 

to their lack of dislocations. Therefore one can expect a larger strain and a higher disordering at 

the extremity of the sample than at its centre. However, it was found that after 20 rotations, the 

enthalpy of relaxation was almost the same everywhere on the BMG samples. This can be 

explained by the fact that there is a maximum amount of free volume that can be introduced in 

a MG at a given temperature [69,166]. Increasing the free volume reduces in fact the strength of 

the interatomic bounds since it moves the atoms away from their lowest potential positions. As 

a consequence, the diffusivity of the atoms increases with an increase in free volume. This 

increased diffusivity acts as a motor for relaxation, which counterbalances the additional 

disordering originating from the plastic deformation until the amount of free volume reaches a 

maximum. Structural changes were visible in the Pd-based BMG samples after HPT, where short-

range chemical segregation was observed on BF HR-TEM images (Figure 36b). DF HR-TEM did not 
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reveal the presence of nanocrystals, confirming that the structural segregation occurs within the 

amorphous state (Figure 36d). 

5.1.2 Crystallization behaviour 

Also some differences in the crystallisation behaviour of the samples are observed before and 

after HPT deformation. In the Pt-based samples, a decrease in the onset of crystallisation 

temperature was observed (Figure 28b). This decrease in crystallisation offset was even more 

pronounced in the Pd-based BMG sample where a second crystallisation peak could be identified 

for a region at the extremity of the HPT deformed sample (Figure 37). It is in fact well-known from 

previous studies that HPT deformed BMG samples possess a high number density of shear bands 

[25]. This was confirmed in the Pd-based samples, where the position of shear bands was revealed 

by preferential etching (Figure 38). The short-range order and material density in the shear bands 

differ from that of the bulk, with the shear bands having a higher amount of free volume [53]. 

These shear bands may keep some structural changes up to the crystallisation temperature, 

which favour the nucleation of crystals during heating, and therefore decrease the onset of 

crystallisation. On the other hand, the glass transition remained unaffected by the structural 

modifications during deformation. This suggests that most of the disordering or additional free 

volume introduced during HPT is annealed out during the upward temperature scan below 𝑇𝑔  and 

that most of the glassy material arrive in the same structural state at 𝑇𝑔 , independently of its 

original structure. 

5.1.3 Residual stresses 

A softening was observed at the centre of the Pt-based BMG samples (Figure 29). The softening 

of BMGs after free volume enhancement is generally expected since MGs exhibit a strain 

softening character, at the opposite of polycrystalline metals [165,167]. However, in our case, this 

softening, occurring exclusively at the centre of the HPT deformed samples, can hardly be 

explained by the increase in free volume observed in the DSC measurements. Indeed, we would 

expect a higher free volume at higher radii on the sample, where the strain is more important. 

Moreover, we have seen that the free volume tends to saturate to a maximum value on the whole 

sample after 20 rotations. If the free volume was responsible for the softening, it would decrease 

the hardness on the whole sample, and not only on its centre. Moreover, the hardness profile of 
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the cross-section of the HPT deformed Pt-based BMG does not show a softening in its centre. The 

free volume is a non-directional property. It cannot therefore be responsible for the softening at 

the centre of the deformed samples. Severe plastic deformation introduces also residual stresses 

in the material, which is a directional property. Tensional residual stresses in MGs are well-known 

to introduce softening, whereas compressive residual stresses introduce a limited hardening 

[168]. Our Vickers indentation measurements suggest therefore the presence of tensional 

residual stresses after HPT deformation in the centre area of the sample. On the microscopic 

images of indenter imprints of the as-cast Pt-based BMG sample, one can see shear bands with 

large shear offset all around the imprint (Figure 30a). Large shear offsets are also present around 

the imprints located on the annealed sample and at the extremity of the HPT deformed sample 

(Figure 30b.d). However, no large shear offset could be observed at the centre of the HPT 

deformed sample (Figure 30c). The profilometer measurements confirm these visual observations 

(Figure 30e). They also allow the comparison of the pile-up size around the indenter imprints. The 

pile-ups are the highest at the extremity of the HPT deformed sample and lowest at the centre of 

this same sample. Intermediate values are reached on the as-cast and annealed samples. It was 

reported in previous studies that residual tensional stresses increase the size of the deformed 

plastic zone beneath the indenter whereas compressive stresses reduce the size of the plastic 

zone [168]. As a result, more shear bands are activated in zones under residual tensional stresses, 

and the shear offset of each shear band is reduced, making them less visible under the 

microscope. The plastic deformation can also occur deeper in the volume, away from the surface, 

which decreases the size of the pile-ups around the indenter (Figure 68a). On the contrary, 

compressive residual stresses lead to higher pile-ups and larger shear offsets due to the reduction 

of the plastic zone size (Figure 68b). The profilometer measurements tend to confirm the 

presence of tensional residual stresses at the centre of the HPT deformed sample. It also suggests 

the presence of compressive stresses, at higher radii on the same sample. 



108 

 

Figure 68 Schematic illustration of the role of residual stresses on the shear offset and pile-up size. (a) Under 

tensional stresses, the plastic zone is larger leading to smaller shear offsets and pile-up size. The material 

appears softer. (b) Under compressive stresses, the plastic zone is reduced, leading to larger shear offsets 

and higher pile-ups. The material appears harder.  

The fact that the softening in the centre of the sample is already present after only one rotation 

and does not progress further after 20 rotations suggest that the residual stresses are introduced 

very rapidly after the beginning of the torsional deformation. An empirical observation can 

explain the repartition of the residual stresses in the material. During HPT deformation, it has 

been observed that some material flows out of the anvils when the torsional deformation 

progresses. However, the central area of the HPT deformed sample undergoes much less 

deformation than the rest. Therefore, this central region will tend to resist the radial elongation. 

This part of the sample will be under tensile stresses. At higher radii, where the material wants to 

elongate radially but is kept in position by the less mobile centre, there will be residual 

compressive stresses [77]. 

5.1.4 Shear band sliding velocity 

Discontinuities on the loading curve during uniaxial compression test are typically associated in a 

MG sample to the initiation and sliding of shear bands [66,169,170]. In nanoindentation, pop-ins 

are also assumed to be caused by the sliding of shear bands formed below the indenter [171]. It 

should be mentioned that this velocity refers to the velocity of a shear-offset growth and not to 

the velocity of a shear band front, which can reach a value as high as 0.9Ct, with Ct the velocity of 

a transverse sound wave [172]. With the Pt-based BMG samples, an important decrease in shear 

band sliding velocity could be seen after HPT deformation (Figure 31). The decrease in shear band 

sliding velocity occurred rapidly after the initiation of torsional deformation. A statistical analysis 
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revealed that, after one rotation, the flow was still a bit more serrated at the centre of the sample 

than at its extremity (Figure 33b). After 20 rotations, the serrations were further smoothened on 

the whole sample. At this stage, the serrated behaviour of the flow was approximately the same 

on the whole sample. All these results seem to indicate that a higher free volume, or a more 

rejuvenated state, leads to a more pronounced decrease in shear band sliding velocity. The 

sample deformed under 20 rotations at liquid nitrogen temperature exhibited an even lower 

shear band sliding velocity, with almost no pop-ins visible on the loading curve (Figure 34a). On 

the contrary, the shear band sliding velocity in the sample deformed at 200 °C was higher than 

the one deformed at room temperature (Figure 34b). It is generally accepted that a higher level 

of free volume and disordering can be introduced at lower temperature, where the diffusivity of 

the atoms is decreased. At low temperature, the relaxation of the atoms is more difficult and one 

can reach an even more rejuvenated state. To understand the origin of this decrease in shear 

band sliding velocity, one needs to recall the condition of a shear band initiation. A shear band is 

initiated when the stress along a complete shear plane exceeds a critical value [44]. A shear band 

initiation requires, in fact, the cooperative assembly of multiple shear transformation zones (STZs) 

along a shear plane [173]. HPT deformed samples contain a high number density of pre-activated 

shear bands [25]. These shear bands have a different structural order in comparison to the rest 

of the material, as it was confirmed firstly by their preferential etching [47,49]. They also have a 

different density with respect to the surrounding material [55]. These local variations of density 

and structural order form heterogeneities in the MG. These heterogeneities can favour the 

activation of STZs which will cooperate to form a new shear band during indentation. This will 

tend to decrease the stress required to initiate the sliding of a shear band. As a consequence, the 

stress drop, corresponding to the difference between the stress required to initiate the sliding of 

the shear band and the stress required to keep the shear band sliding, will decrease as well. With 

a larger stress drop, it becomes easier for the indenter to penetrate in the sample and the 

indenter needs to increase its speed to keep a constant loading rate. The governing kinetic 

equation of a shear band sliding velocity in the case of a uniaxial compressive test was presented 

(Equation 10). On Figure 69, the solutions of this equation for a Zr-based BMG with different initial 

stress drops Δσ (or 𝜎𝑦 − 𝜎𝑓) are presented. It can be seen that the sliding velocity of the shear 

band remains in fact always proportional to Δσ, at any given time after shear band activation.  
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The deformed plastic zone below the indenter does not have the same geometry as in a cylindrical 

sample subjected to uniaxial compression, but it can be assumed that the velocity of the shear 

bands depends on the stress drop in a similar way, with a higher shear band sliding velocity 

reached for a higher stress drop. 

 

Figure 69 Vertical sliding velocity in the shear band as a function of time for different stress drops ∆𝜎 during 

compression of a cylindrical BMG sample with nominal composition Zr52.5Ti5Cu17.9Ni14.6Al10. The material 

properties of this commercial alloy are freely available: 𝐸=92.7 GPa, 휀𝑦 = 0.018, 𝐶𝑝=329 J.kg−1.K−1, 𝑇𝑔=672 

K, 𝜌= 6.57 g.cm-3. The sample is a cylinder of dimension 𝑑=2 mm and 𝐿=4 mm. Realistic values for 𝛼, 𝑀 and 

𝑆 were chosen with 𝛼= 2*10-6 m2.s-1, 𝑀=50 kg and 𝑆= 2.55. Republished with permission of Elsevier Science 

& Technology Journals, Copyright 2017, from [136]; permission conveyed through Copyright Clearance 

Center, Inc.. 

Our results with the Pt-based BMG samples suggests that annealing, which induces aging, the 

opposite of rejuvenation, increases the shear band sliding velocity. However, this result cannot 

be generalized to all the MGs, since contradictory results have been reported in the literature, 

where annealing induces in fact a less serrated flow during nanoindentation loading [174,175]. 

Annealing increases in fact the yield stress of BMGs but it also leads to some structural changes 

such as nanocrystallisation, phase segregation or change in short-range order, which can have an 

influence on the stress required to keep the shear band sliding [176]. Therefore, the influence of 

annealing on the stress drop is not trivial and can lead to contradictory observations.  
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It was also reported that the presence of residual stresses has an impact on the serrated 

behaviour of the flow during loading [168]. However, our results demonstrate that the 

contribution of the residual stresses on the shear band sliding velocity is in our case negligible 

since we observe a strong decrease of shear band sliding velocity everywhere on the sample after 

HPT deformation, despite having tensional stresses in its centre and compressive stresses at 

higher radii. The structural disordering or enhanced free volume, confirmed by the DSC 

measurement, is definitely the property which is the most associated with the decrease in shear 

band sliding velocity. Decreasing the shear band sliding velocity is a good strategy to increase the 

BMG sample plasticity, since it can limit the temperature of a shear band, which become unstable 

and lead to brittle failure once it reaches 𝑇𝑔  [45]. It can therefore, at least partially, explain the 

plasticity enhancement observed in MGs subjected to severe plastic deformation. 

5.1.5 Effect of indenter size 

The changes in serrated flow behaviour after HPT in the Pd-based BMGs were not exactly the 

same as the one reported in the Pt-based BMGs. With the 1-µm indenter, the flow was still 

serrated after HPT deformation, in the same way it was with the as-cast sample (Figure 39a). 

However, with the 8-μm indenter, the serrations completely disappeared from the loading curve, 

when they were still visible on the as-cast sample (Figure 39c). With the 5-µm indenter, 

intermediate results were obtained: the flow was less serrated than on the as-cast sample, but 

still with well visible pop-ins (Figure 39b). A statistical analysis confirmed that the stress drops 

associated with a pop-in decreased in intensity after HPT deformation with the 5-µm indenter but 

not with the 1-µm indenter (Figure 40). In nanoindentation, the plastic zone size 𝑧𝑦𝑠 below a 

spherical indenter can be calculated from 

𝑧𝑦 = 𝑎𝑠 [
1

0.635
(

2𝐸

3𝜎𝑦
)

1

3
− 1,217]            Eq. 24 

where E is the Young’s modulus, 𝜎𝑦 the yield stress of the material and 𝑎𝑠 = √2𝑅ℎ𝑐 − ℎ𝑐
2, where 

𝑎𝑠 is the contact radius, 𝑅 the radius of the indenter and ℎ𝑐  the contact depth [177]. For the Pd-

based BMG, 𝐸 = 97 𝐺𝑃𝑎 [178] and 𝜎𝑦 = 1.9 𝐺𝑃𝑎 (deduced from 𝜎𝑦 ≈ 𝐻/2.57 in solids without 
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strain hardening [177]). Therefore 
1

0.635
(

2𝐸

3𝜎𝑦
)

1

3
≈ 5 and 𝑧𝑦 increases linearly with the contact 

radius. Based on Eq.24, 𝑧y was estimated to be between 2 to 3 µm with the 1-µm indenter and 

between 6.4 to 9.8 µm with the 5-µm indenter in the ranges of the statistical analysis. The shear 

band spacing in this sample was in the order of the micrometre (Figure 38). It has been 

demonstrated in previous studies that pre-activated shear bands can interact with newly 

activated shear bands during indentation [179]. Pre-existing shear bands can modify the 

trajectory of newly formed shear bands since they offer a plane with higher structural disordering, 

where deformation is easier. Also, they can reduce the stress required to activate a new shear 

band, as mentioned earlier. Considering the shear band spacing observed in our sample, there is 

a much higher likelihood of interaction with pre-existing shear bands while indenting with a the 

5-µm indenter. The size effect of the indenter after HPT deformation proves that the pre-existing 

shear bands are indeed the main responsible for the less serrated plastic flow. The structural 

heterogeneities, observed by TEM (Figure 36b) and also reported elsewhere [25], should not be 

the main factor since they would not lead to the observed indenter size effect.  

  



113 

5.2 Structure and properties of TFMGs 

5.2.1 Influence of working pressure of Ar 

The Au-based and Zr-based thin films remained amorphous in the whole range of working 

pressure of Ar tested in this study as attested by the XRD (Figure 42 and Figure 51) and DSC (Figure 

43 and Figure 52) measurements. The vein pattern, seen on the fracture surface of the TFMGs, is 

also an indirect proof of the amorphous nature of the films (Figure 41d.e and Figure 55a.b). The 

thin film microstructure was nevertheless very different depending on the working pressure of 

Ar. For the two tested compositions, one could see a smooth and homogeneous thin film at low 

working pressure, a thin film with mesoscopic hills on its top at intermediate working pressure 

and a columnar thin film with voided boundaries at the highest working pressure (Figure 41 and 

Figure 54). The similar thin film structural evolutions in the two alloys suggest that such transitions 

are taking place in all TFMGs and are not restricted to those presented in this work. From the SEM 

measurements, it was observed that mesoscopic hills are not visible below a given working 

pressure. This observation is confirmed by AFM measurements, where a jump in roughness 

occurs over a close range of working pressure, which corresponds to the minimum working 

pressure at which clusters can be observed on the top of the films by SEM (Figure 46 and Figure 

58a). Below and above this working pressure, the roughness of the thin films is approximately 

constant. All these results indicate that the TFMGs possess two distinct growth modes and that 

the transition from one growth mode to another is not progressive but sudden. A similar growth 

mode transition was actually reported for crystalline thin films, at low 𝑇/𝑇𝑚 , with 𝑇𝑚 the melting 

temperature of the alloy, where densely packed and poorly defined fibrous grains (Zone T) are 

replaced by columnar grains separated by voided boundaries (Zone 1) with an increase of the 

working pressure (Figure 21) [83,84]. In this later case, the columnar grains possess domed tops, 

which form mesoscopic hills on the top of the film. The mechanism responsible for this transition 

involves a competition of surface diffusivity and shadowing effect. The shadowing effect is always 

present and characterize the higher probability for an incident atom to arrive on the top of a hill 

than it has to arrive in a valley in between two hills (Figure 20). Indeed, in the case of magnetron 

sputtering where the deposition is non-directional, an incident atom can arrive on the top of a 

mesoscopic hill from multiple incident angles. On the contrary, to arrive in a valley located in 
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between two mesoscopic hills, the incident atom has to arrive perpendicularly to the surface of 

the substrate. A similar mechanism was proposed to explain the formation of mesoscopic hills in 

vapour deposited Zr-based thin film [92]. At that time, it was believed that the high kinetic energy 

of the sputtered atoms in comparison to the one thermally evaporated atoms would prevent the 

formation of hills since it would lead to a high surface diffusivity at the surface of the film [92,180]. 

The surface diffusivity can be influenced by different parameters such as the temperature of the 

substrate or the kinetic energy of the incident atoms. The incident atoms, ejected from the target, 

can enter in collision with the atoms of Ar inside the working chamber before they reach the 

substrate. Every collision will be followed by a loss of kinetic energy [88]. By increasing the 

working pressure of Ar, we increase the likelihood of these collisions. Therefore, the surface 

diffusivity of the incident atoms on the thin film surface will be reduced. The transition from a 

smooth to a nanostructured thin film occurs when the surface diffusivity becomes too low to 

counterbalance the shadowing effect. In the nanostructured growth mode, the diameter of the 

mesoscopic hills decreases with an increase in working pressure (Figure 57). This is consistent 

with the fact that the surface diffusivity decreases with an increase in working pressure, limiting 

the coalescence of the mesoscopic hills. At an intermediate working pressure of 4 Pa, it was seen 

that the fracture surface of the Au-based TFMG still consisted of a vein pattern without voided 

boundaries in between the columns, despite the presence of mesoscopic hills on the top of the 

film (Figure 55b). It suggests that the surface diffusivity at this working pressure is sufficient to 

allow the atoms to diffuse in between two mesoscopic hills to prevent the formation of voided 

boundaries in between columns. However, it is still not enough to prevent completely the 

formation of mesoscopic hills on the top of the film.  

5.2.2 Influence of substrate roughness 

The Au-based TFMGs sputtered on Si wafers with diamond nanoparticles on their top were 

rougher than the ones sputtered on clean Si wafer (Figure 58). More importantly, the jump in 

roughness, observed on AFM measurements, was lowered to a working pressure of 2 Pa instead 

of 4 Pa when deposited on clean Si substrate. This effect can be understood from the increase in 

shadowing effect associated with a rougher substrate. Indeed, an incident atom would have to 

diffusive over a longer distance to go from the top of a hill to a valley, if the hill is higher. A higher 



115 

surface diffusivity is therefore required to counterbalance the shadowing effect. Similar 

observations have been made on crystalline thin films, where a local transition from zone T to 

zone 1 was observed on the top of a surface defect, increasing locally the roughness of the sample 

[89]. At 10 Pa, the microstructure of the film is hierarchical, with small clusters imbedded in bigger 

ones (Figure 54f). The small clusters were already present on the thin film sputtered on clean Si 

wafer, with approximatively the same diameter (Figure 54c). One can therefore deduce that they 

originate from a self-shadowing effect, and that their size is independent of the substrate initial 

roughness. The larger clusters formed only on the rough surface. We deduce therefore that they 

originate from the shadowing effect caused by the larger clusters. At a working pressure of 4 Pa, 

the large clusters are not divided anymore into smaller clusters (Figure 54e and Figure 56b). Small 

clusters are only visible in some locations in between the large clusters. This can be explained by 

a mechanism of curvature-enhanced surface diffusion. It has indeed been revealed in previous 

studies that the atoms tend to diffuse from locations of negative curvature to positions of positive 

curvatures [91]. The domed top of the large clusters increases the local curvature of the film, and 

therefore the diffusivity of the atoms on its top. This local increase in diffusivity can prevent the 

formation of the small clusters inside the bigger ones. They can still form, however, in between 

the clusters, where the local curvature is similar to the one obtained on the clean Si wafer. 

5.2.3 Influence of deposition time 

The influence of the deposition time on the thin film microstructure was studied with the Zr-based 

TFMGs. From the AFM measurements, it was shown that the roughness and the correlation length 

of the films deposited at 1.5 Pa increased almost linearly with the deposition time (Figure 47 and 

Figure 50). Both from SEM and AFM measurements, it was observed that the thin film 

microstructure evolves from a smooth surface at 5 min deposition time to a rougher surface 

without well-defined hills at 30 min deposition time (Figure 48b and Figure 49b). The roughness 

keeps increasing with a longer deposition time and well-defined mesoscopic hills can be found 

after 1 h (Figure 48c and Figure 49c). This transition from a smooth thin film to a rougher thin film 

with well-defined hills can be explained by a self-enhanced shadowing effect. Indeed, the 

shadowing effect progressively roughens up the surface of the film if the surface diffusivity is not 

high enough to completely smoothen it. In addition, as seen previously, a rougher surface leads 
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to a higher shadowing effect. This higher shadowing effect will contribute to increasing the 

roughness of the film. At some point, the roughness of the film is sufficient to promote the 

formation of well-defined mesoscopic hills. In addition, the correlation length increases certainly 

due to the coalescence of the mesoscopic hills occurring after prolonged deposition.  

5.2.4 Crystallization of the thin films 

Both the Au- and Zr-based TFMGs presented different crystallization behaviours when sputtered 

at different working pressures of Ar (Figure 43 and Figure 52). The glass transition and onset of 

crystallization varied with a change in working pressure. This can be attributed, at least partially, 

to the minor changes in composition among the films, revealed by EDX measurements (Table 1 

and Table 3). In addition, regions of lower densities, for example at the interfaces in between 

clusters, can favour the nucleation of new crystals, since the atoms in these regions are less 

strongly bounded. In the two compositions, a higher number of crystallization peaks could be 

observed in the films sputtered at higher working pressures. The presence of three or four distinct 

crystallization peaks is rather uncommon in BMGs. Therefore, it is  safe to assume that the 

interfaces of lower densities, only present in thin films, play a significant role in the crystallisation 

steps of the sample. The presence of voided boundaries in between the columns may also play a 

significant role in the sense that they increase the specific surface area of the film. The atoms at 

the surface of the film have a lower covalency than in the volume. Therefore their diffusivity may 

be higher and they would be more likely to rearrange and form crystals. A larger specific surface 

area suggests also that a larger part of the sample may have oxidized before reaching the 

crystallization temperature since the outer surface is exposed to ambient air. The presence of 

large quantities of oxides may also modify the crystallization temperature of a large part of the 

film. Finally, the small crystallites found at the interface in between the columns (Figure 59d) 

could also act as seeds for the nucleation of larger crystals, thus lowering locally the crystallization 

temperature.  

5.2.5 Mechanical properties 

As seen previously, that the hardness and Young’s modulus decrease in the Zr-based TFMGs with 

an increase in working pressure (Table 2). The reduction in surface diffusivity with an increase in 

working pressure certainly leads to a less dense microstructure, where defects as nanovoids can 
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form, especially in between the nanoclusters. These defects can reduce the hardness and Young’s 

modulus of the film since they form weak points, where the material deforms more easily. With 

the nanocolumnar thin film, the voided boundaries act as pre-formed cracks, which easily develop 

into large cracks once the pressure is applied. For this reason, the hardness and Young’s modulus 

of a single nanocolumn are certainly higher than the ones measured experimentally for the whole 

film. With the nanocluster thin film, the shear bands around the indenter mark remained at the 

interface between the clusters only (Figure 45b). It suggests that the interface in between the 

clusters form indeed soft spots with structural defects, where shear bands initiate earlier than in 

the rest of the material. Using this approach, the propagation of the shear bands in the material 

can be tailored. It can also represent a strategy for shear band proliferation, since the hard 

clusters represent obstacles for dislocations, forcing them to change their direction. Shear band 

proliferation is of high interest since it is one condition to reach plastic delocalization, uncommon 

in MGs, but required for most applications. In the nanocolumnar thin film however, large cracks 

formed rapidly from the voided boundaries of the nanocolumns (Figure 45c). Therefore, the 

mechanical properties of this film are rather poor and this film cannot be used as a protective 

coating. 
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5.3 Dealloying 

5.3.1 Dealloying dense homogeneous thin film 

The dealloying mechanism of the Au-based homogeneous amorphous thin film (sample A) was 

akin to the one observed in Au-based MG ribbons with same composition [118]. At first, isolated 

islands formed by the dealloying of the material at weak points (Figure 62a). The first ligaments 

formed later by the undercutting of the crystalline islands (Figure 62d). The dealloying rate of this 

sample, measured by potentiodynamic polarization, was the lowest among the three tested 

samples (Figure 63 and Table 6). From the cross-section view, it could be seen that only the upper 

part of the film has been dealloyed. The Au concentration in this sample was also the lowest 

among the three tested samples (Figure 62g). From the XRD measurements, it was found that 

dealloying was incomplete after 1 h, with an amorphous phase still present (Figure 61b). All the 

as-sputtered thin films contained a few crystals embedded in the amorphous matrix, revealed by 

XRD measurements (Figure 61a). In sample A, the presence of these embedded crystals modified 

the dealloying product of the film. Indeed, the diffraction peak corresponding to the (220) 

orientation had the highest intensity (Figure 61b) while it should be (111) in a polycrystalline gold 

sample without preferential orientations. The main orientation of the crystals present in the thin 

film before dealloying was also (220). It is therefore reasonable to think that dealloying proceeded 

in this case through the growth of the already present crystals, and that nucleation of new crystals 

from the amorphous phase was rather limited. Indeed, embedded crystals contain structural 

defects, such as grain boundaries or dislocations, from where dealloying can initiate [181]. On the 

other hand, the very smooth, dense, and defect-free amorphous phase does not offer a lot of 

sites for dealloying to initiate. The presence of embedded crystals has therefore a strong influence 

on the dealloying product in this sample, which limits the reproducibility of the process.   

 

5.3.2 Dealloying of thin film with mesoscopic hills 

The dealloying rate of this Au-based TFMG (sample B) was about six times higher than the one of 

the homogeneous thin film (Figure 63 and Table 6). After 10 min dealloying small ligaments and 

pores formed on the whole surface of the film (Figure 62b). The thickness of the pores and 
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ligaments increased after 1 h dealloying, due to their coalescence, driven by the diffusion of the 

Au atoms at the surface of the ligaments (Figure 62e) [182]. This time, the main orientation of the 

crystals after dealloying was (111), as it should be in the absence of preferential orientations 

(Figure 61b). It can be assumed therefore that in this case, most of the crystals observed after 

dealloying nucleated from the amorphous phase. The interfaces in between the mesoscopic hills 

can provide the defects required for the initiation of dealloying. From the cross-section of this 

sample, after 1 h dealloying, it could be seen that dealloying progressed through the whole 

thickness of the film (Figure 62h). However, the pores on the top of the film were larger than 

those at the bottom. This can be understood by the fact that dealloying occurred during a larger 

amount of time at the top of the film than at its bottom, leaving more time for coalescence to 

happen at the top of the film. This thin film still contained a relatively large amount of less noble 

elements such as Cu, Ag and Pd after 1 h dealloying (Table 5). These elements are more likely to 

be located deeper in the film, where dealloying occurred during a lower amount of time.  

5.3.3 Dealloying of nanocolumnar thin film 

The dealloying rate of this thin film (sample C) was about 15 times the one of the homogeneous 

thin film (Figure 63 and Table 6). From the cross-section image after 1 h dealloying, it could be 

seen that the size of the pores and ligaments was constant on the whole thickness of the film 

(Figure 62i). This suggests that dealloying occurred during the same amount of time in the whole 

film. In this case, it is natural to think that the electrolyte percolated in between the columns from 

the early stage of dealloying. Dealloying occurs in this case not only from the top to the bottom 

of the film but also laterally from the voided boundaries to the inner part of the columns. 

Moreover, the surface of this thin film before dealloying was richer in Cu and poorer in Si with 

respect to the other films, as revealed by XPS measurements (Table 4). This may have facilitated 

the initiation of dealloying since the dissolution of Cu is easier than the dissolution of Si, which 

tends to form stable SiO2 patches on the surface. The percolation of the HNO3 in between the 

columns and the Cu surface enrichment favour therefore the initiation of corrosion from multiple 

points, leading to the large dealloying rate. After 10 min dealloying time, one could already 

observe small crystalline islands evolving into ligaments, separated by interconnected nanopores 

(Figure 62c). After 1 h dealloying time, the ligaments and pores width increased due to 
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coalescence (Figure 62f). However, the coalescence of the pores and ligaments was relatively 

limited in this film in comparison to the other ones. It is reasonable to think that the columnar 

structure of the film is responsible for this limited coalescence. Every nanocolumn is separated 

from another by some voided boundaries. These voided boundaries prevent the diffusion of Au 

atoms in between the columns in the early stage of dealloying. Indeed, after 10 min dealloying, 

one could see that the columns have evolved into isolated crystalline islands. The Au diffusion, 

from one island to another, is at this time difficult. The presence of embedded crystals before 

dealloying did not affect too much the dealloying product microstructure since most of the 

crystals nucleated from the amorphous phase, as attested by the highest intensi ty diffraction 

peak with (111) orientation (Figure 61b). The dealloying of this film was the most complete among 

the tested ones, as attested by the highest gold concentration measured by EDX in this sample 

after dealloying (Table 5). 

5.3.4 Catalysis of methanol electro-reduction 

EDX measurements highlighted the fact that less residual elements such as Cu, Pd and Ag are still 

present in the thin films A and B after dealloying (Table 5). Some of these less residual elements 

must also be present on the surface of the ligaments since they alter the current response in cyclic 

voltammetry measurements performed in 0.5 M KOH solution (Figure 65). These less residual 

elements have a negative impact on the stability of the dealloyed films when used as catalyzer 

for methanol electro-oxidation (Figure 66). Indeed, the intensity of the current peak 

corresponding to the oxidation of methanol decreased rapidly after several cycles in these films, 

suggesting the progressive coverage of the Au active sites by less noble elements oxidized species, 

like Cu, formed during the upward scan (Figure 66a.b) [162]. On the opposite, the current 

response of sample C was that of a typical NPAu catalyzing methanol electro-oxidation (Figure 

66c) [159,160]. The current density of the main peak did not decrease as much as in the other 

samples with the number of cycles (Figure 66d). A sample C, dealloyed only 10 min, already 

showed a stability close to the same sample dealloyed 1 h. At this time, the ligaments are only 20 

nm width and are separated by interconnected nanopores. Each ligament is composed of multiple 

grains, with different orientations (Figure 64). Structural defects such as necks and kinks could be 

confirmed in the ligaments, especially at the grain boundaries. All these features tend to increase 
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the specific surface area and improve the catalytic performance of the NPAu film. The morphology 

of samples C, dealloyed 10 min and 1 h, remained unchanged after 300 CV cycles in 0.5 M KOH + 

5 M CH3OH solution, suggesting that coalescence of voids and ligaments did not take place during 

catalysis (Figure 67). The specific surface area of the NPAu remains therefore constant during 

catalysis in this material. All our results show that the dealloyed nanocolumnar thin film 

constitutes the best catalyzer in term of performance and stability. It must be noted that SiO2 

patches could still be observed at the surface of the ligaments in this sample by TEM 

measurement (Figure 64). The dissolution of Si was not completely successful, even in the 

nanocolumnar thin film. As a consequence, some of the Au active sites might be covered, 

decreasing the specific surface area of the ligaments. 
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6  Summary and conclusions 

6.1 HPT deformation 

In this study, we characterized the change in microstructure and mechanical properties on Pd- 

and Pt-based BMGs after HPT. We found evidence for structural disordering from the DSC curves, 

where the enthalpy of relaxation increased significantly after deformation for the two alloys. A 

higher enthalpy of relaxation can be associated with a more disordered state and a higher amount 

of free volume. The onset of crystallization was also reduced, particularly for the Pd-based BMG, 

proving that the kinetics of crystallization were modified by the mechanical treatment, probably 

due to structural heterogeneities acting as seeds for the nucleation of new crystals. On the other 

hand, the glass transition temperature was not modified, showing that most of the structural 

defects are annealed out before reaching this temperature. Direct observation of structural 

disordering was provided from HR-TEM measurements on Pd-based BMGs, where short-range 

segregation could be observed on BF HR-TEM images after HPT. No mechanically induced 

nanocrystals could be observed on DF HR-TEM images, proving that the structural changes 

occurred within the amorphous phase only. The presence of a large number of thin shear bands 

was confirmed by preferential etching of the Pd-based alloy. The fact that these shear bands 

etched preferentially in the HNO3 solution is a strong proof that the structural disordering is much 

more pronounced in the bands than in the rest of the material and that the atoms located in these 

shear bands are less strongly bound. 

The presence of residual stresses after HPT deformation was confirmed by Vickers indentation 

measurements on Pt-based BMGs. The samples were softened after HPT, but only in their central 

regions, while they kept the same hardness at their extremity. In addition, the softening could 

only be observed when measuring on the top surface of the sample, and not on its cross-section. 

SEM images and profilometer measurements of the indenter imprints were also conducted to 

investigate the nature of the residual stresses. Shear bands with large shear offsets could be 

observed on the as-cast sample and at the extremity of the HPT deformed sample. However, 

shear bands became less apparent at the center of the HPT deformed sample, and their 
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associated shear offsets decreased. In addition, the size of the pile-ups increased at higher radii 

on the HPT deformed sample but decreased at its center, in comparison to the as-cast sample. All 

these observations indicate the presence of tensional residual stresses at the center of the sample 

and compressive stresses at the extremity, the direction of the stresses being parallel to the 

sample surface. Mechanical treatments always introduce residual stresses and those will have 

their own effects on the mechanical properties, independently of the structural disordering and 

the additional free volume introduced during deformation. 

The effect of HPT on the mechanical properties was characterized by nanoindentation 

measurements. With the Pt-based BMG we found that serrations were visible on all the loading 

curves for all the samples. However the peaks of velocity associated to discontinuities or pop -ins 

reached a much lower amplitude after HPT deformation in comparison to the ones in the as-cast 

sample. With a statistical analysis, we could see that the flow was more serrated after 1 rotation 

than after 20. Additionally, the flow was still more serrated at the center of the sample than at its 

extremity after 1 rotation, whereas it appeared to be similar on the whole sample after 20 

rotations. All these observations indicate that a less serrated flow is well correlated with a more 

disordered structural state or a more enhanced free volume. Indeed, a larger free volume is 

expected after a larger number of rotation. The central region of the sample experiences also less 

deformation than the extremity of the sample. However, there is a maximum amount of free 

volume that can be introduced in a BMG sample at a given temperature. Our results show that 

this maximum is certainly reached on the whole sample after 20 rotations. As expected, 

deformation at 200°C did not reduce so much the serrated behavior of the flow. At the opposite, 

deformation at -190°C reduced even further the amplitude of the velocity peaks, to the point that 

the loading curve appeared completely smooth. The influence of the temperature is coherent 

with a free volume-induced less serrated flow, since the diffusivity of the atoms increases with 

the temperature. As a consequence, the maximum amount of free volume which can be 

introduced in the BMG is higher at lower temperature. 

With the Pd-based BMGs, we observed an indenter size effect in the mechanical response of the 

samples. Indeed a clear difference between the serrated behavior before and after HPT could 

only be seen with an indenter of radius 8 µm. A statistical analysis of the stress drops associated 
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to pop-ins revealed that the stress drops were of higher amplitude in the as-cast sample with the 

5 µm-indenter but that their amplitude was similar with the 1 µm-indenter. We explained this 

indenter size effect by the larger plastic zone below a larger indenter, increasing the probability 

of interaction between the newly activated and the pre-existing shear bands. The nanoscale 

structural heterogeneities observed on BF HR-TEM images are probably not the main responsible 

of the mechanical changes observed with nanoindentation since their scale is too small to lead to 

the indenter size effect reported in this study. On the other hand, the pre-existing shear bands, 

with a spacing in the range of the micrometer can well explain the indenter size effect. The 

decrease in stress drop after HPT deformation can be understood from the presence of 

pronounced structural defects located in the shear bands, which lower the stress required to 

initiate a new shear band. This mechanism could explain the better plasticity reported in BMGs 

after mechanical treatments, since a slower shear band is also more stable.  

6.2 Sputtered TFMGs 

Au- and Zr-based TFMGs were sputtered by DC magnetron sputtering. Very distinct 

microstructures could be obtained by varying the parameters such as the working pressure of Ar 

in the sputtering chamber, the roughness of the substrate and the deposition time. The evolution 

of the structure with the working pressure was similar for the two compositions although the 

transitional pressure varies depending on the composition. At a low working pressure of Ar, the 

film appeared dense and smooth. Its fracture surface with a visible vein pattern is similar to the 

one found in BMGs. At intermediate pressures, the film present some nanoclusters or bumps on 

its top surface. The fracture surface still shows a vein pattern, signifying that the density is still 

high enough in the whole film to allow plastic deformation. At the highest working pressure, 

clusters were still visible on the top surface but their size was reduced. The nanocolumnar 

structure of the films was revealed from the SEM images of the cross-section. AFM measurements 

showed that the transition from a smooth growth mode to a nanostructured growth mode is not 

progressive, but occurrs over a short range of working pressure. This result indicates that we are 

in the presence of two distinct growth modes. Within the nanostructured growth mode, it was 

found that the size of the clusters decreased with the working pressure, until it reaches a 

minimum. With the Au-based TFMGs, an increase in the substrate roughness lead to an increase 
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in the film roughness. More importantly, AFM measurements showed that a higher substrate 

roughness shifted the transition from smooth growth mode to nanostructured growth mode to 

lower pressures. In addition, at intermediate pressure, the size of the clusters was much larger 

than those found on smooth substrate. At high pressure, the microstructure was hierarchical, 

with small clusters imbedded into larger ones. With the Zr-based TFMGs, we tested the influence 

of the deposition time with a working pressure of 15 µm. We found an increase in the sa mple 

roughness with the deposition time. Nanoclusters or bumps on the surface were not visible at 

low deposition time but became clearly apparent after 1 h deposition time. In all cases, we 

explained the growth mode transition from a competition in between two mechanisms: the 

surface diffusivity and the shadowing effect. The shadowing effect originates from the higher 

likelihood that an atom deposits on the top of a mound than in between two mounds. This 

mechanism tends to roughen the film and promotes the nanostructured growth mode. A rough 

substrate increases the shadowing effect and therefore reduces the working pressure at which 

the growth mode transition occurs. The surface diffusivity allows the adatoms to diffuse on the 

surface, from the top of a mound to the interface in between two mounds, to increase their 

covalency. This mechanism tends to smoothen the film and leads to a smooth growth mode when 

dominant. With a higher working pressure, the incident atoms lose some of their kinetic energy 

before they reach the substrate, because of multiple collisions with Ar atoms. As a consequence, 

once deposited, their surface diffusivity will be reduced. This phenomenon is responsible for the 

transition to nanostructure growth mode at higher pressure. Also it limits the coalescence of the 

bumps on the top surface, since the diffusivity for coalescence is reduced. Bumps coalescence 

and the self-shadowing effect can explain the higher roughness measured after longer deposition 

time. The crystallization behavior of the films was compared by performing DSC measurements. 

All the films presented a glass transition and a crystallization peak, confirming that the films are 

amorphous. The small variations in composition may be responsible for the different 𝑇𝑔  observed 

in the films. At high working pressure, a higher number of crystallization peaks could be observed. 

These probably originate from the different crystallization kinetics at the interfaces of the clusters 

or at the free surfaces of the columns. Concerning the mechanical properties of the Zr-based 

TFMGs, both the hardness and Young’s modulus decreased with a higher working pressure. This 

can be understood from the large amount of introduced interfaces with lower density or voided 
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boundaries in between the columns, favoring plastic deformation. Interestingly, at intermediate 

working pressure, the trajectory of the shear bands around indenter imprints was modified to 

remain at the interface in between the clusters. This is potentially an interesting mechanism to 

tailor shear band propagation and enhance their proliferation in the thin film. However, at higher 

working pressure, large cracks form rapidly at the interface in between the larger clusters. This 

type of microstructure is to be avoided if the TFMGs is to be used as a protective coating. 

6.3 Dealloying 

As written above, the mechanical properties of nanocolumnar TFMGs are not really satisfying. 

We found therefore another application, where the particular properties of this film can be 

exploited. We used the Au-based TFMGs as precursors to form nanoporous Au. The dealloying 

products of three TFMGs with same initial composition but distinct microstructure was compared. 

The precursors were a smooth and dense thin film, a nanoglass thin film without voided 

boundaries and a columnar thin film with voided boundaries. The dealloying rate was the highest 

in the nanocolumnar thin film, and the film was dealloyed on its whole thickness after 1 h. After 

1 h dealloying, the thin film consisted of a network of thin ligaments separated by interconnected 

nanopores. In comparison to the other thin films, the coalescence of the ligaments and porosities 

was very limited. The Au concentration after dealloying was also the highest among the three 

tested alloys. TEM images revealed that the ligaments are formed of multiple grains, with multiple 

structural defects at their boundaries. The more successful dealloying in the nanocolumnar thin 

film can be explained from the high number of interfaces and voided boundaries, allowing 

dealloying to initiate simultaneously in multiple locations. All these features are interesting for 

use of this nanoporous thin film as a catalyst, since a high specific surface area with multiple active 

sites is demanded for this application. The electrochemical response of the dealloyed samples 

was tested by potentiodynamic measurement. It was found that the electrochemical response of 

the dealloyed nanocolumnar thin film corresponded best to that of NPAu, already reported in the 

literature. Moreover, the catalytic performance of the film for methanol oxidation was tested. 

We found indeed that the dealloyed nanocolumnar thin film presented the best catalytic 

properties. In particular, this film also exhibited the best catalytic stability.  
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In this thesis, we show that introducing structural heterogeneities in MGs is possible by HPT on 

bulk samples by selecting the right parameters in DC magnetron sputtering for thin films. The 

origin of the changes in mechanical properties after HPT could be explained. An original 

application for nanostructured TFMGs was presented. It was found that they can be well deployed 

as precursors to form NPAu. In the future, the dealloying process may be further enhanced by 

optimizing the dealloying conditions, to remove the SiO2 patches remaining on the ligaments. 

New applications for nanoporous Au, such as surface-enhanced Raman spectroscopy may also be 

developed. Furthermore it would be interesting to generate a method for severe plastic 

deformation compatible with metallic glasses and that allows for a more flexible sample 

geometry. 
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