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Abstract

Since the Stone Age, the development of new materials with enhanced properties has driven
technological advancements and continually expanded the limits of human endeavor. Over
the last century, improvements in the experimental characterization of materials have also
revealed how decisively the microstructure—the structure of a material on the microscopic
level—affects material properties. A modern engineer can control the temperature, pres-
sure and time of various processing steps to set the desired microstructure of a material
during production. At the same time, computer simulation has become an important tool
for predicting the effect that these processing parameters will have on microstructural
evolution, and although the physical phenomena underlying microstructural evolution are
three-dimensional (3D) in nature, conventional metallographic characterization techniques
only provide two-dimensional snapshots of a material’s microstructure. In order to bet-
ter optimize and verify computer simulations, which, thanks to exponential increases in
computing power, can easily be performed in 3D, time-resolved 3D experimental data are
required. Filling in this fundamental gap in our experimental knowledge of microstructural
evolution was the motivation behind this doctoral thesis.

The advent of three-dimensional x-ray (3DXRD) microscopy created exciting new possi-
bilities for the characterization of materials, and its inherently nondestructive nature allows
for time-resolved studies of microstructure in 3D. Microstructural coarsening caused by heat
treatments was studied in two aluminum alloys. The first was a single-phase Al-1wt% Mg
alloy, which coarsens by grain growth, and the second was a semisolid Al-5wt% Cu alloy,
for which Ostwald ripening is commonly assumed to be the dominant coarsening mecha-
nism. Experiments were performed at the synchrotron radiation facility SPring-8 in Sayō,
Japan. A box-beam implementation and optimized use of far-field and near-field x-ray
detectors allowed for the rapid collection and reconstruction of 3DXRD data for a large
sample volume, initially containing upwards of 1000 grains.

Reconstructions of the Al-Mg specimen revealed the presence of crystallographic texture,
the preferred orientation of grains, with a distinct Cube component. Grains with similar
crystallographic orientations were not found randomly distributed throughout the specimen
but rather in clusters. This resulted in a nonrandom distribution of low and high-angle
grain boundaries. The latter migrated on average about twice as fast as their low-angle
counterparts. Although the mean grain size increased approximately linearly with the
square root of the annealing time (as predicted by isotropic grain growth models), wide
variations were measured in the growth rate of individual grains, and abnormally growing
grains were observed at the boundaries between grain clusters. In the semisolid Al-Cu
samples, the rigid-body rotation of grains was found to occur in parallel to coarsening by
Ostwald ripening. Both the coarsening and rotation rates increased with increasing fraction
of liquid phase. Two types of rotations were observed: (1) random rotations, associated
with Brownian motion and the redistribution of the liquid phase during annealing, and (2)
directed grain rotations, caused by the steep gradient in interfacial energy for low-angle
grain boundaries. The non-standard coarsening mechanisms observed in both aluminum
alloys demonstrate the necessity of studying microstructural evolution in 3D.
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1
Introduction

Although many of the solid objects that we encounter on a daily basis appear to be sin-
gular, massive entities, inspection at the microscopic level often reveals the presence of a
fine, cellular substructure. Notable examples include common technical materials, such as
metals, ceramics and even some polymers, as well as many natural materials, such as rocks,
glaciers and wood. The importance of this underlying cellular substructure—aptly termed
microstructure—on material properties was pieced together around the dawn of the 20th
century [1] and gave rise to the modern field of materials science. This thesis is concerned
with the experimental investigation of microstructural coarsening in three dimensions and
the implications of such measurements for the accurate modeling and simulation of growth
phenomena.

1.1 Definition and importance of microstructure

In most solids the lowest-energy state is characterized by a periodic arrangement of atoms
[2]. Such an atomic configuration is referred to as crystalline, and the average position of
atoms in a crystal can be described by a three-dimensional point lattice. In a single crystal
the regular ordering of atoms is uninterrupted throughout the entire volume. Perfect single
crystals are, however, rarely found in nature (leading to their historic high valuation as
gemstones) and must be produced with great care for industrial applications, e.g., large
silicon ingots. It is much more common to find polycrystalline materials composed of
many smaller crystalline domains [3]. The atomic ordering in each domain is still periodic
but differs in orientation (lattice rotation) from neighboring domains, as illustrated in
Fig. 1.1. Individual domains are referred to as crystallites or grains, and the interfaces
separating two grains are commonly called grain boundaries. In multi-component materials
similar boundaries may also exist between phases of different crystal structure or chemical
composition. Both of these interfacial boundaries are planar defects and represent the most
dominant feature of the microstructure in a polycrystalline material.

Point defects (vacancies and interstitial atoms) and linear defects (dislocations) are also
components of the overall microstructure, but it is the network of planar defects that defines
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1 Introduction

Grain 2

Grain 1

Figure 1.1: A planar section through a hypothetical polycrystal. Inside each crystallite, atoms are
arranged periodically with identical spacing. While the spacing remains the same, the orientation
with which atoms are arranged varies from grain to grain, as indicated by the green and blue
coordinate systems. Grain boundaries—highlighted by red lines—exist wherever crystallites of
differing orientation meet.

the cellular substructure and most decisively influences material properties [4]. Perhaps the
foremost example is the effect of grain size on mechanical strength. In the 1950s Hall [5] and
Petch [6] addressed the experimentally observed inverse relation between yield strength and
the square root of grain size. The glide of dislocations—the phenomenon responsible for
plastic flow in crystalline materials—is hindered at grain boundaries, and because the total
grain boundary area increases as the average crystallite size decreases, a higher external
stress must be applied to deform a material consisting of finer grains. Similarly, a high
number of internal interfaces increases a material’s electrical resistivity [7]. On the other
hand, grain boundaries provide pathways of greater diffusivity for atoms moving along
these planar defects [8]. Additional properties that depend on the size and distribution
of grains in a polycrystalline bulk material include magnetic coercivity, optical scattering,
and corrosion resistance [9, 10]. For these reasons the precise control of microstructure is
highly desirable.

1.2 Basics of microstructural coarsening

The disruption in atomic ordering that occurs at grain boundaries results in an excess
energy associated with these internal interfaces. To reduce a material’s average grain size,
which necessarily increases the total boundary area, work must therefore be expended. In
the case of metals, this is most often achieved through deformation, such as a blacksmith
hammering a piece of iron or the rolling of a thick steel slab into a thin sheet. The reduction
of boundary area, on the other hand, is a spontaneous process, the kinetics of which are
governed by an Arrhenius-type relation [11]. Given adequate thermal energy, the atoms
of a polycrystal diffuse across grain boundaries such that the latter migrate toward their
centers of curvature, and the average crystallite size increases. In a single-phase material,
this coarsening phenomenon is referred to as grain growth, an example of which is given in
Fig. 1.2. Here, an Al-Mg alloy was annealed at 350℃ for various time intervals, and after
each step the sample was polished and etched to expose the internal microstructure [12].
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1.2 Basics of microstructural coarsening

0 h 1 h 2 h 4 h

200 µm

Figure 1.2: Optical micrographs illustrating grain growth in an Al-1wt% Mg alloy. The samples
were annealed at 350℃ for the indicated times, after which each specimen was ground, polished and
etched to reveal its underlying microstructure. Owing to the destructive nature of this conventional
method of microstructural examination, it is not possible to follow the growth and shrinkage of
individual grains. Image adapted from Ref. [12] with kind permission by Anne-Catherine Probst.

0 1 2 3 4
annealing time (h)

0

1000

2000

3000

4000

hR
i2

0 1 2 3
R/hRi

0

0.2

0.4

0.6

0.8

1
fre

q.
0 h
1 h
2 h
4 h

a)
4

3

2

1

0

×103

R/hRi

b)
fre
qu
en
cy

hR
i2

(μ
m

2 )

Figure 1.3: Characteristics of normal grain growth. Evolution of (a) the mean grain radius and
(b) the grain size distribution in an Al-1wt% Mg sample. Data from Ref. [12].

Through the application of stereographic identities [13], approximate grain sizes can
be extracted from planar micrographs. This has been carried out for the polished cross
sections of Fig. 1.2, and the results are displayed in the graphs of Fig. 1.3. The evolution of
the mean grain radius is plotted next to the normalized grain size distribution of each time
step. Two key features of grain growth have been identified in the literature [11, 14–16]:
(1) a parabolic growth relation for the mean grain size (〈R〉2 ∝ t), and (2) a self-similar
grain size distribution, which is most often best fit by a lognormal function. When a
sample undergoing coarsening displays both of these characteristics, it is said to be growing
normally.

In 1965 the Swedish scientist Mats Hillert developed an analytical model for normal
grain growth [16]. In this seminal paper, Hillert was able to predict both characteristic
features described above, although the exact shape of his distribution function differed
from the commonly observed lognormal distribution. To this day Hillert’s mean-field model
represents the most commonly cited theoretical description of grain growth; nevertheless,
the model has several drawbacks that prevent its widespread application. First, because
the model places all grains in the same average environment, it neglects the geometric and
topological constraints imposed on a space-filling network of grains [14, 17]. Furthermore,
variations in a grain’s local neighborhood, which can facilitate the growth of smaller-than-
average-sized grains or vice versa, are, by definition, not allowed. Finally, uniform values
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are assumed for all boundary properties, i.e., grain boundary energy and mobility. These
quantities, however, are known to vary in real polycrystalline specimens [18], and such
variations can induce abnormal grain growth, a phenomenon that is characterized by the
accelerated growth (and shrinkage) of a subpopulation of grains [11].

Over the last several decades computer-aided numerical modeling has become an im-
portant, if not the primary method for investigating microstructural evolution. Although
early grain growth simulations were time consuming and practically feasible only for two-
dimensional microstructures [19–22], the exponential increase in computational power in
recent years now allows for the simulation of large, three-dimensional data sets containing
tens of thousands to even millions of grains [23–28]. Various approaches have proliferated
in the literature, including Monte Carlo Potts models [19, 29], phase-field models [23],
front-tracking (or vertex) models [25] and cellular automata [30]. Each implementation
has its strengths and weaknesses [31], but when performed correctly all models give nearly
identical results, at least in the case of normal grain growth, as summarized by Krill and
Chen [23]. The grain size distributions from simulated microstructures match experimental
observations a good deal better than Hillert’s analytical distribution, which should not be
a surprise since the connectivity of space-filling grains is naturally captured in simulations.

With numerical models it is not only possible to simulate the idealized case of normal
grain growth but also more complicated situations involving anisotropic boundary prop-
erties [22, 32, 33], solute drag [34] and Zener pinning [35]. The ability to easily tune
simulation parameters, which are either directly or indirectly related to physical properties
(stress, stored energy, boundary energy, etc.), has made computer simulation a power-
ful tool for investigating the physical phenomena behind microstructural coarsening. It
promises to aid in the design of new materials and in the determination of their reliability
under different operating conditions. However, as illustrated schematically in Fig. 1.4, the
lack of time-resolved 3D experimental data prevents the validation and, consequently, more
widespread application of computer simulations.

1.3 Experimental characterization of microstructure in 3D

Capturing the 3D shape of grains in a polycrystal is a very tedious endeavor, which is
one reason why limited data exist in the literature. Historically, soap foams were used
to model the microstructure of opaque crystalline materials [14]. Aqueous foams, which
can be directly imaged with a light microscope, have space-filling configurations that are
dictated by the balancing of surface tensions. Despite this topological similarity, several
key differences exist with respect to polycrystalline solids. The first is the uniform pressure
and, therefore, curvature of foam boundaries (made possible by the rapid motion of gas
molecules), and the second is the isotropic nature of foam interfaces [36]. Both of these
features are not shared by crystalline interfaces. Consequently, the coarsening kinetics
observed in foams cannot be directly related to those in polycrystals.

Several destructive methods for determining 3D grain shapes have been developed. The
most prominent is serial sectioning [37–44], but various grain separation techniques, such
as selective grain boundary corrosion [45, 46] or liquid metal embrittlement [47], have
been tested as well. Obviously, such investigations cannot provide kinetic data owing to
their destructive nature, but they do yield valuable information on grain topology and
size distributions. It is common practice to compare such static experimental data to the
output of computer simulations to determine if microstructures generated by the latter
produce reasonable results [23, 27, 48–55]
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Experiment Simulation
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Figure 1.4: Gap in experimental coarsening data. 3D experimental data can be collected through
conventional methods such as serial sectioning and then used as the initial state for 3D computer
simulations. Owing to the destructive nature of such experimental methods, however, a direct
validation of the simulation results at some later simulation time (tn > t0) against experiment is
not possible.

Computed tomography (CT) provides a nondestructive means of capturing 3D data, but
it requires absorption contrast to resolve microstructural features. Thus, grain boundaries
need to be marked by an atomic species or phase having a higher or lower x-ray absorp-
tion coefficient than the bulk material (see for example [56]). However, marker species
or phases that segregate to the grain boundaries of a polycrystal can significantly alter
the properties of the original interfaces [11]. This experimental prerequisite effectively ex-
cludes investigations of grain growth using CT, but there are other coarsening phenomena
that are well-suited to the technique. Microstructural evolution during sintering or various
semisolid materials processing techniques has been investigated extensively using CT in
recent years [57–63]. Although valuable 3D information on features like coordination num-
ber, neck formation and porosity has been obtained, segmentation errors and the lack of
crystallographic orientation information often limit the conclusiveness of the observations.

In the early 2000s a team of scientists from Risø National Laboratory in Denmark
achieved a significant breakthrough in the 3D characterization of microstructure [64–67].
Working together with beamline scientists at the European Synchrotron Radiation Facility
(ESRF), they developed a nondestructive method for mapping grains of single phase ma-
terials. This new experimental technique, based on x-ray diffraction, was given the name
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3D x-ray diffraction (3DXRD) microscopy. With a monochromatic x-ray beam of sufficient
energy and brilliance, diffraction spots from the individual grains of a polycrystal can be
captured with an area detector. If, in addition, the incident beam is parallel (i.e., displays
minimal divergence), then the spots represent 2D projections of the diffracting grains. Typ-
ically, a polycrystalline specimen is rotated 360° during data acquisition, and hundreds of
projections are recorded for each grain. From these projections grain morphologies can be
reconstructed. Moreover, because the method is based on diffraction, the determination of
crystallographic orientation is intrinsic to the reconstruction procedure.

3DXRD microscopy provides access to the coarsening data long sought after by materials
scientists but previously thought to be unattainable. Not only can the evolution of bulk
grains in opaque polycrystals be observed nondestructively, but growth rates can be related
to features such as texture, misorientation and in some cases local elastic strain. Exciting
proof-of-concept studies have been performed on a wide range of samples and phenomena,
including the deformation of metals [68–70], recrystallization [67, 71], grain growth [72, 73],
crack propagation [74], stress corrosion cracking [75], ferroelectrics [76] and more [77–81].

1.4 Open questions

A long-term goal in the field of materials science is predictive through-process modeling.
With such a tool, an engineer could provide all forming and annealing steps of a given
production line as inputs and then receive an accurate prediction of the microstructure
and properties of the finished part [82, 83]. The time and cost of developing new products
could be reduced dramatically. Although this vision is certainly somewhat utopian, it drives
advancements in modeling and simulation of thermomechanical materials phenomena.

A key step in achieving predictive simulations of microstructure evolution is the col-
lection of time-resolved 3D experimental data, against which simulations can be tested.
Despite the promising initial studies listed above, surprisingly few 3DXRD investigations
of coarsening in polycrystals have actually been reported. At the onset of the experimental
work described in the subsequent chapters of this thesis, only one paper on grain growth
had been published [72]. In their analysis, Schmidt et al. followed the evolution of 27
grains across one effective annealing interval. Although this study proved that grains in a
polycrystal could be mapped and tracked from one time step to the next, the usefulness of
the results was quite limited owing to poor time resolution. But the authors did provide
suggestions for optimizing data acquisition during future experimentation.

The aim of this thesis was to collect statistically significant sets of microstructural data
using 3DXRD microscopy and then to compare these data to standard coarsening models.
The three overarching questions that guided this research were:

1. Is 3DXRD microscopy well suited to the large-scale investigation of grain
coarsening?

For over a decade now, 3DXRD microscopy has been in operation at various syn-
chrotron facilities, some of which have beamlines with dedicated setups [77]. The
lack of published data, however, indicates that 3DXRD studies of grain coarsening
are not trivial. Previous attempts [84] have suffered from long acquisition and even
longer data reconstruction times. As a consequence, grain growth experiments per-
formed hitherto were carried out blindly, i.e., without feedback during the actual
measurements. This often led to the microstructure changing either too little or too
much between annealing steps. Over the coarse of this thesis, a substantial amount
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1.5 Preview

of work went into the optimization and automation of 3DXRD for coarsening ex-
periments. Thus, in answering this question, I will not only examine the theoretical
limits of the technique but also consider the many practical aspects that contribute
to successful experimentation.

2. Do isotropic models of curvature-driven growth describe coarsening in
real polycrystalline samples?

Although the anisotropic characteristics of special crystalline interfaces (e.g., sym-
metric twins) have been investigated in great detail [18], it is still commonly assumed
that general high-angle grain boundaries—which make up the vast majority of bound-
aries in randomly oriented polycrystals—have relatively uniform properties. For this
reason, isotropic coarsening models still form the basis of many growth simulations,
and if isotropic models are able to capture the growth kinetics of a majority of grains,
then the extra effort and computational power required for the simulation of more
complicated anisotropic models would be unmerited. Thus, it makes sense to per-
form the first direct comparison of 3DXRD coarsening data against the predictions
of isotropic simulations.

3. Can non-standard coarsening mechanisms be detected by 3DXRD mi-
croscopy?

The excess energy ∆G associated with the interfaces of a polycrystalline sample can
be expressed as

∆G = γAGB, (1.1)

where γ is the (average) boundary energy and AGB the total interfacial area. If γ
is constant, then the only way to lower ∆G is to reduce AGB; indeed, a reduction
in interfacial area is the basis of conventional coarsening models for normal grain
growth in single-phase materials and Ostwald ripening in semisolid alloys. However,
if γ is a function of boundary misorientation, inclination or any other variable, then
it is conceivable that alternative thermodynamic paths exist to decrease ∆G. For
example, the rigid-body rotation of a grain can reduce its boundary energy even if
the boundary area remains the same [85]. Since 3DXRD microscopy provides the
orientation of all grains in a reconstructed volume as well as their spatial extent,
determining if variations in boundary misorientation contribute to microstructural
evolution is rather straightforward.

1.5 Preview

In the following chapter, the basics of crystalline interfaces are explained before two of
the most common forms of coarsening in polycrystals—namely, grain growth and Ostwald
ripening—are reviewed. Chapter 3 details the generation of x-rays and how x-ray diffraction
can be used to characterize microstructure. Emphasis is placed here on the reconstruction
and processing of data sets acquired using 3DXRD microscopy. In Chapter 4, the first
3DXRD results are presented. The evolution of thousands of grains in a single-phase Al-Mg
specimen is tracked over multiple time steps, allowing for both grain-by-grain and statistical
analyses of grain growth rates. Coarsening in a two-phase Al-Cu alloy is investigated in
Chapter 5. The ability to track grain orientations over time proved to be essential in
understanding the full complexity of coarsening in this material, which was annealed in
the semisolid state. In the final chapter of this thesis, the findings from both experiments
are considered together to obtain answers to the open questions stated above.
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2
Coarsening in Polycrystalline Materials

When the atoms of a polycrystalline solid are given enough thermal energy to diffuse
through the material, there is a net positive flux of atoms from smaller to larger grains. The
effect is that the smaller grains shrink, eventually disappearing, while the larger grains of
the specimen grow. This is a spontaneous process and referred to in general as coarsening,
since the average grain size increases with time. In this chapter I discuss the basics of
microstructural coarsening, which will be built upon in later chapters.

2.1 Interfaces in crystalline materials

Two differently oriented crystallites that meet in space form a grain boundary, the structure
and properties of which depend on the character of the interface. This section begins with
a definition of crystallographic orientation and some of its most common representations
before moving on to review low-angle, high-angle and some special coincidence site lattice
grain boundaries.

2.1.1 Crystallographic orientation and misorientation

The orientation of an object describes its rotation relative to a given frame of reference.
In order to quantify orientation, one must first define both a reference coordinate system
and an object coordinate system—the latter is attached to the object and rotates with
it. Typically, right-handed Cartesian coordinate systems are used for this purpose. In the
case of crystalline objects, it is natural to establish the object coordinate system using
crystallographic directions.

The entire periodic arrangement of atoms in a single crystal can be described by the
translation of its basic building block, the so-called unit cell. For many common metals
(Al, Cr, Cu, Fe, Mo, Ni, Pb, V, etc.) the unit cell is a perfect cube. A face-centered cubic
(fcc) unit cell is sketched in Fig. 2.1 (a). Atoms are located at each of the cube’s eight
corners, as well as on the center of all six faces. The fcc arrangement results in the most
dense packing of monodisperse spheres [86] and is the crystal structure of all Al alloys

9



2 Coarsening in Polycrystalline Materials

x

[1 0 0] [0 1 0]

[0 0 1]

[1 1 1]

(1 1 1)

y

z
b)a)

Figure 2.1: Unit cell and some crystallographic directions and planes for the face-centered cubic
(fcc) lattice. (a) The hard-sphere model is a simple way to display the position of atoms in the
closely packed fcc unit cell. (b) Here, the atoms are removed to reveal some of the more important
crystallographic directions and planes. The Miller representation is used with directions in square
brackets and planes parentheses. The (1 1 1) plane is the most densely packed plane.

investigated in later chapters. If we assign one corner of the unit cell to be the origin, the
[1 0 0], [0 1 0] and [0 0 1] crystallographic directions are given by the three edges of the cell
that intersect at the origin, as seen in Fig. 2.1 (b). These vectors are the crystallographic
axes of the unit cell and, in the cubic case, are orthonormal (i.e., mutually perpendicular
and of equal length). Accordingly, they are commonly used to define a coordinate system
for fcc crystallites.

Having established the crystallite coordinate system, we can now determine the orien-
tation of any grain in a polycrystalline specimen. A 3D orientation is expressed mathe-
matically in its basic form as a 3× 3 rotation or orientation matrix [87, 88]. This matrix,
denoted here as U , rotates the reference coordinates through premultiplication onto the
crystal coordinates:

U · CRef = CX, (2.1)

where CX and CRef represent the crystal and reference coordinates, respectively. One must
be quite explicit in the definition of orientation, since its interpretation is easily beset by
ambiguitiy. Thus, in the following list I emphasize the conventions used in this thesis:

1. All coordinate systems are right-handed.

2. The right-hand rule defines the direction of positive rotation.

3. The orientation matrix U actively rotates (alibi transformation) an object, vector or
point in the reference coordinate system.

4. Vectors are represented as columns and are, accordingly, premultiplied by U .

To further elucidate these conventions an example rotation is given in Fig. 2.2. Here, the
orientation of a given grain’s cubic unit cell is seen in relation to the reference coordinate
system. The crystallographic axes are labelled, and it is obvious that the orientation of
the unit cell is represented by a pure rotation about the z-axis of the reference coordinate
system. The angles α1, β1, and γ1 describe the rotation of the [1 0 0] crystallographic axis
relative to the x, y, and z axes of the reference coordinate system, respectively. The angles
(α2, β2, γ2) and (α3, β3, γ3) between the [0 1 0] and [0 0 1] crystallographic directions and
the x, y, and z axes can be calculated in the same fashion [88]. With these angles it is
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Figure 2.2: Orientation example. A unit cell (light blue box) is rotated 20°about the z axis of a
reference coordinate system (black arrows). Direction cosines, shown graphically only for the [1 0 0]
axis, are used to calculate the orientation (rotation) matrix U . A grain whose lattice is congruent
with this rotated unit cell has the orientation defined by U .

possible to calculate the direction cosines and build the orientation matrix as

U =

 cosα1 cosα2 cosα3
cosβ1 cosβ2 cosβ3
cos γ1 cos γ2 cos γ3

 . (2.2)

Because the crystallographic axes are unit vectors, the columns of the orientation matrix,
from left to right, give exactly the x, y and z coordinates of the [1 0 0], [0 1 0] and [0 0 1]
unit cell vectors (in this order) with respect to the reference coordinate system.

Although the orientation matrix contains nine values, only three are independent, since
the rotation of 3D objects in Euclidean space is associated with three degrees of freedom.
Thus, there exist more compact parameterizations of orientation, two of which are described
below. The first is the so-called axis/angle notation. According to Euler’s rotation theorem,
if an object is rotated rigidly about its center of mass, there exist an axis that remains
unchanged, i.e., this axis is not displaced [87]. Consequently, any rigid-body rotation can
be described by an axis and an angle. The rotation axis is specified by the unit vector n
and the angle of right-handed rotation by θ. Following this notation, the orientation of the
unit cell in Fig. 2.2 is given by n = ez and θ = 20°.

The axis/angle representation provides perhaps the most straightforward means of un-
derstanding 3D rotations, but it still utilizes four parameters to describe an orientation, one
more than necessary. By relating the length of the rotation axis to the angle of rotation,
we can reduce the number to three. Following Frank [89], this combination of parameters
is most commonly carried out as

r = n tan
(
θ

2

)
, (2.3)

which defines the so-called Rodrigues vector r. There are many advantages [3, 88–91]
to this representation of orientation, perhaps the most valuable being the straight-line
geometry of the 3D Rodrigues space. All rotations about a common axis lie along a
straight line, and even when the origin is transformed, this property is retained, a fact
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Figure 2.3: Orientation space and misorientation distribution for cubic crystals. (a) The funda-
mental zone in orientation space for cubic lattice symmetry is given by a truncated cube in the
Rodrigues representation. The subsection shaded in gray amounts to 1/48th of the fundamental
zone’s entire volume and is the so-called Mackenzie cell in which all misorientations between cubic
crystallites can be represented. (b) The Mackenzie distribution is a one-parameter function for the
minimum misorientation angle between randomly oriented cubes.

utilized in the reconstruction of 3DXRD data (described in Section 3.3). Additionally,
bounding surfaces introduced by crystal symmetries are always planar in Rodrigues space
[90]. Therefore, a fundamental zone of unique rotations can be defined in Rodrigues space
by a solid polyhedron.1 For the case of cubic symmetry, the fundamental zone is a given
by a truncated cube, and any orientation outside this volume can be represented by an
equivalent point inside the fundamental zone. For example, a 50° rotation of a cube
about its [0 0 1] axis results in the Rodrigues vector r = 〈0, 0, 0.47〉. But this rotation
is indistinguishable from a −40° rotation about the same axis, and, accordingly, can be
represented by the smaller but equivalent Rodrigues vector r = 〈0, 0,−0.36〉 inside the
fundamental zone. A final feature of convenience is the natural extension of the three
components of a Rodrigues vector to a red-green-blue coloring scheme, which is utilized in
subsequent chapters to color grains according to their orientations.

The orientation of a grain can also be visualized graphically with the help of pole figures,
a type of stereographic projection. The construction of the {1 0 0} pole figure is illustrated
in Fig. 2.4. This procedure can be implemented to visualize the orientation of any arbitrary
set of crystallographic planes, but with materials of cubic crystal symmetry the {1 0 0},
{1 1 0} and {1 1 1} pole figures are most common [11]. Although the use of pole figures to
represent a single grain’s orientation is arguably excessive, the benefit of this visualization
technique becomes clear when the orientation of multiple grains—all grains in a sample, for
instance—is plotted simultaneously on the same projection. From the resulting distribution
of points (the areal density), one learns the global distribution of grain orientations, also
known as crystallographic texture. A helpful visual reference detailing the construction of
pole figures is given by the e-learning tool AluMatter [92].

A grain’s orientation is determined with respect to a somewhat arbitrarily chosen ref-
erence coordinate system.2 In a polycrystalline sample one could just as well calculate a

1This is true for specimens with crystal symmetry greater than triclinic [89].
2Often the sample geometry is used to define the reference coordinates, but this need not be so.
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Figure 2.4: Graphical representation of orientation. (a) To construct the {1 0 0} pole figure, the
unit cell of a grain of interest is placed at the origin of the reference coordinate system. Then a
sphere, also centered at the origin, is drawn and the surface normals of the unit cell’s {1 0 0} planes
are extended to the sphere’s outer surface. From here straight lines are drawn to the sphere’s south
pole (SP). (b) The points at which these lines intersect the equatorial plane of the sphere create
the 2D projection of the {1 0 0} planes’ orientation, referred to as {1 0 0} pole figure.

grain’s orientation relative to another grain in the specimen. In this case, the term misori-
entation is used to emphasize that one is referring to a difference in absolute orientation
between crystallites. If we choose one grain with orientation matrix UA to be our reference
grain, then the misorientation M between it and a second grain with orientation matrix
UB is defined as

M = UB · U−1
A , (2.4)

where U−1
A is the matrix inverse of UA. Obviously, the misorientation is exactly equal to

the orientation if UA is the identity matrix, that is, when grain A is perfectly aligned with
the reference coordinates.

When calculating both the orientation and misorientation of grains, it is important to
take their underlying crystal symmetry into account. There are 24 equivalent represen-
tations of the orientation of a cubic crystal—these can be found listed in various sources
[18, 88]. Generally, the orientation with the smallest angular displacement is chosen from
the list of equivalent rotations. Doing so ensures, as mentioned above, that the particular
orientation lies in the fundamental zone. For the representation of misorientation between
two cubic crystals, there are 24×24 = 576 possibilities [90], and since it is, for all practical
purposes, irrelevant which of the two grains is considered the reference grain, this number
doubles, which allows all misorientations to be represented in 1/48th of the fundamental
zone in Rodrigues space for cubic orientations [91]. This subset is highlighted in Fig. 2.3 (a)
and often referred to as the Mackenzie cell after the Australian scientist James Kenneth
Mackenzie. His piecewise analytical function for the minimum misorientation—sometimes
referred to as disorientation—distribution of randomly oriented cubes is reproduced in
Fig. 2.3 (b) [93]. Despite the 3D nature of grain misorientations, often only the minimum
misorientation angle is reported.
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Figure 2.5: Tilt and twist boundaries of a theoretical bicrystal. In the initial configuration the
two crystallites are perfectly aligned and no grain boundary exists. This configuration represents
the hypothetical Σ1 boundary, for which every lattice point is coincident. Rotating the crystallites
about an axis in the grain boundary plane results in a tilt boundary, while a rotation perpendicular
to the grain boundary plane leads to a twist boundary. Pure twist boundaries are by definition
symmetric, but tilt boundaries are symmetric only if the two crystallites terminate at the same
crystallographic plane. This is the case when each component grain is tilted by half of the total
misorientation.

2.1.2 Structure and energy of grain boundaries

A difference in crystallographic orientation between neighboring grains of a polycrystal dis-
rupts the local atomic ordering at and very near to the boundary separating the two grains,
which in turn leads to an increase in the specimen’s total free energy. The amount by which
the free energy increases per unit area is termed (specific) grain boundary energy. Although
no generally reliable geometric relation has been discovered between atomic arrangement
and boundary energy (despite decades of intense investigation), some overarching trends
exist [4, 11, 18, 94, 95]. In metals—the simplest 3D polycrystals—the interfacial energy is
approximately inversely proportional to the packing density of atoms in the grain bound-
ary; that is, the closer the density is to that of the perfect crystal, the lower the energy
[94].

Traditionally, grain boundaries have been classified by their tilt and twist components
[18, 96]. This classification is especially useful when investigating which type of disloca-
tions are present in the boundary. Tilt boundaries can be constructed from arrays of edge
dislocations, while screw dislocations are required to achieve twist. Examples of pure tilt
and twist boundaries are given in Fig. 2.5 for an ideal bicrystal with a planar interface. A
tilt between the two component grains occurs when the axis of rotation lies in the boundary
plane. A twist boundary, on the other hand, results from a rotation about an axis perpen-
dicular to the boundary plane. For either boundary type, the quantifier “symmetric” is
added when the crystallographic planes of the two crystallites at the boundary are identical
on both sides of the interface. Most grain boundaries have tilt and twist components, and
the decomposition of these components is dependent on the method chosen to do so, since
rotations do not commute. A typical approach is given in the introduction of Ref. [18].

Although symmetric tilt and twist boundaries are useful academic tools for describing the
construction of grain boundaries, these interfaces are in fact rather rare in real polycrystals,
especially since most boundaries are curved and not planar. To characterize general grain
boundaries five macroscopic parameters are needed—three for the misorientation between
neighboring grains and two for the orientation (also called inclination) of the boundary
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Figure 2.6: Read-Shockley model for low-angle grain boundaries. (a) A pure low-angle tilt grain
boundary can be constructed from an array of uniformly spaced dislocations. The lattice planes
that disappear to accommodate for the tilt angle end in edge dislocations. The distance ddis
between dislocations is simply the ratio of the Burgers vector magnitude b to the tilt angle ϑ. (b)
Experimental values for the normalized boundary energy of Sn and Pb are plotted as a function of
misorientation and fit by the Read-Shockley model (dashed lines) [4]. The fit is accurate only for
low misorientations, after which the energy is approximately constant (solid line).

plane. The development of fast, automated electron backscattered diffraction (EBSD)
mapping systems has greatly aided the experimental investigation of grain boundary types,
and, utilizing this technique, researchers at Carnegie Mellon University have popularized
what they refer to as the five-parameter grain boundary character distribution [36, 97–
100]. In his review of grain boundary energy anisotropy [95], Rohrer shows that a very
rough discretization of this 5D space in 10° intervals results in about 6000 different grain
boundary types. While the grain boundary character does not reveal the atomic structure
of an interface, an inverse correlation between the frequency and energy of boundary types
has been observed [101].

Low-angle grain boundaries (LAGBs)

When the misorientation between adjacent grains is small, their mutual boundary can be
represented by a spatial array of distinctly separated dislocations. The dislocation model
of grain boundaries was first proposed by Burgers [102] and Bragg [103] and later used by
Read and Shockley [104] to calculate energies for LAGBs. A cross section of a symmetric tilt
boundary about an [0 0 1] axis is sketched in Fig. 2.6 (a). The edge dislocations—which,
in this case, extend perpendicular to the plane of the page—define the grain boundary
and are found at regularly spaced intervals. As the misorientation angle ϑ increases, the
dislocation spacing ddis decreases. In the small angle approximation, the relation between
these two quantities is

ddis = b

ϑ
, (2.5)

where b is the magnitude of the Burgers vector, which in most metals is equal to the
interatomic spacing in the close-packed direction. Low-angle twist boundaries can be con-
structed similarly using screw instead of edge dislocations. Low-angle mixed tilt/twist
boundaries require, accordingly, both types of dislocations.

From the dislocation line energy and approximate spacing (Eq. (2.5)), Read and Shockley
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estimated the specific grain boundary energy γ as a function of misorientation ϑ. Their
widespread and well-accepted model is formulated as

γ = E0ϑ [A− lnϑ] , (2.6)

where the parameters E0 and A are independent of ϑ and depend on the elastic constants of
the material [104, 105]. A normalized version of this equation is fit to measured boundary
energies for Pb and Sn in Fig. 2.6 (b). Equation (2.6) predicts an initial increase in γ with
misorientation, reaching a maximum at ϑ = exp(A − 1), after which a steady decline in
boundary energy should follow. However, a decrease in γ at larger misorientation angles is
not generally observed experimentally [4, 11]. Read and Shockley addressed this discrep-
ancy by applying Eq. (2.6) only to small ϑ, because the dislocation model breaks down
at high misorientation angles, owing to its linear elastic assumption of dislocation stress
fields and its treatment of dislocation cores [106]. The concept of a dislocation core was
introduced to avoid a stress singularity at the center of a dislocation. Usually, a cut-off
radius for the dislocation core is defined somewhere in the range of one to five times the
Burgers vector [11]. Once the dislocation spacing becomes so small that core regions over-
lap, individual dislocations lose their unique identity, and the Read-Shockley model breaks
down [105]. Although some researches [95, 107] restrict the validity of the Read-Shockley
model to angles smaller than 6° (claiming that elastic dislocation-dislocation interactions
are no longer negligible above this value), cut-off angles ranging from 10° to 30° can be
found throughout the literature [18, 108, 109]. The most commonly cited value for this
transition is, however, ϑ = 15°.

High-angle grain boundaries (HAGBs)

The simplest model for HAGBs assumes a constant energy for all grain boundaries having a
misorientation angle greater than the LAGB cut-off angle. A large body of experimentally
determined data for general (also referred to as random) HAGBs show boundary energies
scattered about a relatively constant value of γ, the magnitude of which varies depending
on the material at hand [4, 11, 110]. This relative invariance of γ with ϑ at high angles
leads to the common piecewise definition

γ =

γm
ϑ

ϑm

(
1− ln ϑ

ϑm

)
, if ϑ < ϑm

γm, if ϑ ≥ ϑm.
(2.7)

The top portion of this equation is just the Read-Shockley model for LAGBs [105] (Eq.
(2.6)), rewritten in terms of the maximum boundary energy γm = E0ϑm and the corre-
sponding misorientation at this point ϑm = exp(A − 1). Average boundary energies for
a range of metals and alloys were tabulated by Murr [110] and found to be on the order
of about 1 J/m2, which one can use as an estimate for γm; as mentioned above, ϑm is
frequently taken to be 15°. Although this model for grain boundary energy is extremely
simple, it is nevertheless useful when describing materials that do not easily form twin
boundaries (e.g., Al and its alloys [110–112]) and routinely employed in simulations of
grain growth [26, 29, 113].

There do, however, exist HAGBs with interfacial energies much smaller than γm, and
more sophisticated models of the grain boundary energy landscape seek to incorporate
the energy minima of such “special” grain boundaries. Arguably the most conceptually
significant breakthrough in the study of HAGBs was the coincidence site lattice (CSL), the
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Figure 2.7: Example of a coincidence site littice (CSL) grain boundary in a cubic metal. (a) A
twist by 36.9° about any 〈1 0 0〉 axis generates a Σ5 CSL boundary. (b) Every fifth atom in the
boundary plane is coincident, and the {1 0 0} planes of the CSL lattice have an area that is five
times that of the bicrystal’s component grains. (In this illustration it is assumed that the 6 faces
of the cuboidal grains are aligned with the 6 faces of their respective cubic unit cells.)

basic concepts of which are addressed here. The historical development of the CSL was
summarized by Sutton and Balluffi [94] in their seminal review of the predictive power of
geometric models in determining boundaries of low interfacial energy.

If, at the interface between two crystallites, points exist matching the lattices of both
adjacent grains, these sites are coincident. One might expect misorientations with a high
number of coincidence sites to lead to lower values of γ than random HAGBs with little or
no coincidence. Of course, high-coincidence relations require exact misorientations (both
axis and angle) between the two neighboring grains. The precise geometric requirements
[114] and a list of misorientations [115] that fulfill them can be found elsewhere in the
literature.

A common example of a CSL boundary is depicted by the bicrystal in Fig. 2.7. Here,
the blue crystallite is rotated (twisted) by 36.9° about the [0 1 0] axis, and the boundary
between the two grains is symmetric, since the terminating surface of both crystallites is
a {1 0 0} plane. The atomistic detail of this example boundary is shown in Fig. 2.7 (b)—
the red squares represent the unrotated atoms of the red grain, while the blue triangles
symbolize the atoms of the rotated blue grain. The CSL is classified by its so-called Σ-value,
which is defined as the reciprocal of the coincidence-site density. For example, following
either grain’s lattice (the red squares or blue triangles) in Fig. 2.7 (b), we can count five
“normal” lattice sites per coincidence site. Taking the inverse of this linear density, we
find Σ = 5. Likewise, the area of the square connecting the CSL (black box) is also five
times that of a {1 0 0} surface of the grains’ unit cell. The CSL is not restricted to a plane
but can be thought of as hypothetical 3D lattice. If the red and blue grains of Fig. 2.7 (a)
are made to occupy the same space, then one-fifth of the lattice sites in each will coincide
throughout the entire volume, and all planes parallel to that of Fig. 2.7 (b) will show the
same coincidence.

Although, for the purpose of visualization, it is easiest to explain the CSL concept using
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Figure 2.8: Experimental grain boundary energies of symmetric twist and tilt boundaries. While
small cusps can be seen for (a) 〈1 0 0〉 twist boundaries in Al, a very flat plateau is observed for
(b) 〈1 0 0〉 tilt interfaces. Locations of Σ5 boundaries are indicated in both plots. (The notation
gives the Σ-value followed by the Miller indices of the grain boundary planes.) Noteworthy is the
absence of a significant decrease in energy for the Σ5 boundaries, despite their relatively high degree
of coincidence. Data taken from Refs. [18] and [120].

a symmetric boundary, this need not be the case. The interface between adjacent crystal-
lites is considered a CSL boundary as long as the necessary misorientation relationship is
satisfied between the two grains [115]. In other words, the inclination of the boundary is
irrelevant in the determination of its Σ-value—this follows from the extension to interpen-
etrating 3D lattices mention above. However, the areal density of CSL points in a given
grain boundary depends strongly on the inclination. One might assume, therefore, that a
high planar density of coincidence sites corresponds to a low grain boundary energy, but
the general predictive power of this argument is limited. In fact, in Sutton and Balluffi’s
review [94] they found no reliable geometric conditions for predicting the excess energy at
crystalline interfaces. Nevertheless, the CSL construct provides a useful means of classi-
fying grain boundaries and is ubiquitous in modern literature on boundary structure and
properties [95, 116–119].

By limiting the choice of rotation axis and boundary inclination, we can reduce the five
macroscopic degrees of freedom to one—namely, the rotation angle—and in doing so plot
the boundary energy as a function of misorientation angle. This is most commonly done
for symmetric twist and tilt boundaries. Even though the fraction of grain boundaries that
can be represented in this manner is very limited [96], we can still garner useful information
on interfacial properties, especially since most special, low-energy grain boundaries (e.g.,
the Σ3 coherent twins) are included in this subset. In the spirit of the example Σ5 CSL
boundary above, experimentally determined interfacial energies are plotted in Fig. 2.8 for
both 〈1 0 0〉 twist and tilt boundaries. The Σ5 boundary is present in both at an angle of
36.9°. For the case of symmetric twist, the interface remains a {1 0 0} plane for all rotation
angles, while for symmetric tilt boundaries the plane changes continuously with ϑ. Despite
the relatively high number of coincidence lattice sites for the symmetric Σ5 twist and tilt
boundaries, the observed reduction in interfacial energy is minimal for both configurations.

In CSL notation, LAGBs are labelled Σ1 boundaries. As ϑ goes to zero, every lattice
point becomes coincident, which means that the boundary and its associated excess energy
vanish. The second deepest—and really the only other consistently significant—drop in
interfacial energy in fcc materials occurs at Σ3 boundaries, to which the coherent twin
belongs. In general, crystallographic orientations that are related by mirror symmetry are
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Figure 2.9: Energies of CSL grain boundaries. (a) Experimental grain boundary energies show
variations in the depth of cusps at different Σ3 boundaries in Al [94]. (b) Calculated energies, based
on the embedded-atom method, for Al grain boundaries are plotted against their Σ values [116].
Large variations in energy can be seen at identical values of Σ.

referred to as twins. Thus, all symmetric tilt boundaries can be considered twins [18]. The
term coherent refers to complete matching of atoms at the interface. These conditions are
fulfilled in fcc metals when {1 1 1} planes meet at a relative rotation of 60°.3 In this case,
the coherent twin boundary is equivalent to a stacking fault and commonly found in fcc
metals with low stacking fault energies, such as copper and its alloys [11].

The sharp dip in interfacial energy for the coherent Σ3 twin can be seen when γ is
plotted against the rotation angle for symmetric [1 1 0] tilt boundaries, as in Fig. 2.9 (a).
(In fcc metals a 70.5° tilt about the [1 1 0] axis is equivalent to a 60° twist about the [1 1 1]
axis.) Some measurements even show the boundary energy going all the way to zero at the
coherent twin [121]. However, close observation of Fig. 2.9 (a) also reveals the danger of
directly correlating a boundary’s Σ-value with its interfacial energy. A Σ3 relation exists
at a tilt angle of 109.5°, as well, but no significant reduction in γ is measured here. The
difference is the boundary plane: in the former case the interface is a coherent {1 1 1} plane,
whereas in the latter it is an incoherent {2 1 1} plane.

To better classify grain boundaries, researchers at Carnegie Mellon University developed
the concept of the five-parameter grain boundary character distribution. For each mis-
orientation a complete distribution of interfacial planes is considered. According to this
scheme, a single curved grain boundary will have many different boundary segments (the
exact number depends on the discretization interval used), all with differing character.
From the distribution of grain boundary characters in a statistically significant sample set,
the relative grain boundary energy distribution (GBED) can be estimated [101, 122]. The
assumption here is that the frequency with which a certain boundary character appears is
inversely proportional to its energy.

With the exception of Σ1 and Σ3 boundaries, the analysis of five-parameter character
distributions reveal no obvious preference for high-coincidence interfaces [36]. Instead, the
current consensus of the community actively investigating boundary character is that the
excess energy of a given grain boundary depends more strongly on the surface energy (i.e.,

3Even though every atom in the boundary plane is coincident, when considering the hypothetical volu-
metric overlap that two interpenetrating grains with this misorientation relation would have, one can
show that only every third {1 1 1} plane is perfectly aligned. Thus, Σ3 is the proper notation.
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Figure 2.10: Driving force for grain boundary migration. (a) As the average grain size increases
during grain growth, the grain boundary area AGB decreases, thereby reducing the sample’s free
energy G. The mean boundary energy γ is given by the slope of this curve. (b) A finite value of
γ results in a capillary pressure ∆P that acts on a curved grain boundary, shown here with the
principal radii of curvature R1 and R2.

the inclination) of adjoining planes rather than coincidence of lattice sites [36, 95, 112, 119,
123]. This conclusion is supported by the simulated boundary energy data of Fig. 2.9 (b).
A large spread in γ is observed not only for Σ3 boundaries but for all higher Σ-values as
well. On the other hand, {1 1 1} twist boundaries have a relatively constant low interfacial
energy across a wide range of CSL boundaries, presumably related to the low surface energy
of densely packed {1 1 1} planes in fcc metals [116].

2.2 Grain growth

When a polycrystal is heated, typically above about half its melting temperature, one
observes an increase in the specimen’s average crystallite size over time. The larger grains
in the sample grow at the expense of their smaller counterparts. In a single-phase material
this coarsening phenomenon is known as grain growth.

2.2.1 Curvature-driven boundary migration

The thermodynamic force driving grain growth arises from the excess energy associated
with the grain boundaries in a polycrystalline sample. Accordingly, the lowest energy state
for a crystalline material is that of a single crystal. This is exemplified by the schematic plot
of free energy G versus grain boundary area AGB in Fig. 2.10 (a). Assuming a uniform (or
average) value of boundary energy γ, the free energy G varies linearly with AGB according
to

G = GX + γAGB, (2.8)

where GX is the free energy of the single-crystalline state.

At the individual boundary level, a finite value of γ leads to an effective capillary pressure
∆P felt by a curved grain boundary in the direction of its center of curvature [18], as
illustrated in Fig. 2.10 (b). (A planar boundary has a smaller area and thus smaller energy
than a curved interface.) The velocity vGB with which a curved boundary migrates is
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directly proportional to ∆P and can be expressed as

vGB = M∆P = Mγ

( 1
R1

+ 1
R2

)
. (2.9)

The proportionality constant M is referred to as the grain boundary mobility, and R1
and R2 are the boundary’s principal radii of curvature. The mobility depends strongly on
temperature and is usually found to follow an Arrhenius-type relation

M = M0 exp
(−Qmig
kBT

)
, (2.10)

with temperature-independent prefactor M0, activation energy Qmig, Boltzmann constant
kB and absolute temperature T [4, 11]. The activation energy for boundary migration
represents the energy barrier that an atom must overcome when hopping from one side
of the crystalline interface to the other; its value typically lies somewhere between the
activation energy for bulk lattice and grain boundary diffusion [4].

As with the energy γ of an interface, its mobility M is also thought to depend on
grain boundary parameters, such as misorientation, inclination and Σ-value. However,
significantly less is known about these correlations, and conflicting results are often found
in the literature [117, 124]. The general lack of understanding is due not only to a scarcity
of experimental data on mobility but also to the difficulty in interpreting such results [11].
From Eq. (2.9) it is evident that to determine the mobility of a given boundary, one must
know its curvature and energy as well as the position of the interface as a function of
time. Until recently, measurements of M were possible only on the polished surface of a
polycrystal, but this method brings with it undesirable surface effects. At locations where
grain boundaries intersect a specimen’s free surface, thermal grooves form, which must
be “dragged” along by the migrating boundary [4]. Additional factors complicating the
accurate determination of M include the interaction of grain boundaries with impurity
atoms (solute drag) [125, 126] and second-phase particles (Zener pinning) [127], as well as
the strong dependence of mobility on temperature. In fact, the mechanism of boundary
migration may change discontinuously at high homologous temperatures, as suggested by
experimental results [11] and more recently by atomic-scale computer simulations showing
a roughening transition [117, 128]. The complex interplay of factors affecting the grain
boundary mobility emphasizes (again) the need for precise nondestructive characterization
of microstructural evolution in 3D.

2.2.2 Normal grain growth

The modifier “normal” is not meant to describe the frequency with which this form of
microstructural coarsening occurs but rather to indicate the special case of grain growth
in which all boundary properties can be considered to be uniform and isotropic. Although
the boundary energy γ and mobility M do, as discussed above, depend on misorientation,
inclination, solute concentration, etc.; it may still be acceptable to assume that γ and M
take on constant, average values in a specimen, as long as the material is homogeneous and
devoid of significant crystallographic texture. Experiments [11] that most closely reproduce
these conditions have found three notable features of normal grain growth: (1) a power-law
evolution of the average grain size, (2) a unimodal lognormal distribution of grain sizes and
(3) a quasi-stationary (time-invariant) distribution of normalized sizes. These attributes
are summarized graphically in Fig. 2.11.
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Figure 2.11: Characteristics of normal grain growth. Snapshots of a coarsening microstructure
illustrate the decrease in grain boundary area and increase in grain size with time (t1 < t2 < t3).
The evolution of the mean grain size follows a power law, and the distribution of grain sizes is
lognormal as well as time invariant when normalized by the mean grain size.

Based on such experimental observations, Burke and Turnbull [15] laid the foundation
for a theoretical description of normal grain growth. Starting from the equation for the
migration rate of a curved boundary, they made the simplifying argument that the mean
boundary curvature 1

2(1/R1+1/R2), averaged over all grain boundaries in a polycrystalline
specimen, can be approximated by the inverse mean grain radius 〈1/R〉. In doing so they
were able to rewrite Eq. (2.9) as

d〈R〉
dt

= 2Mγ

〈R〉
, (2.11)

which can be directly integrated to obtain the classic parabolic grain growth law:

〈R〉2 − 〈R0〉2 = 4Mγt, (2.12)

where R0 is the mean grain radius at time t = 0. Parabolic growth of the average grain
size has rarely been observed in metals, and when, then only in extremely pure samples
annealed close to their melting points [11]. Therefore, it is common to write Eq. (2.12) in
a more general form as

〈R〉n − 〈R0〉n = kt (2.13)

with variable growth exponent n. The rate constant k also combines the terms M and γ
with all other sample-specific properties affecting the boundary migration rate.

Although Burke and Turnbull achieved a significant breakthrough in the quantitative
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2.2 Grain growth

description of grain growth, they did not consider topological constraints imposed by a
space-filling ensemble of grains—e.g., when one crystallite becomes larger, the size and
shape of its neighboring grains is directly affected. Smith [14] was the first to bring attention
to this aspect of microstructural coarsening. He pointed out, for example, that when three
grains meet at a triple juction, the local balance of interfacial tensions requires the dihedral
angle between boundary planes th be 120°, which necessarily leads to curved boundaries
(and thus coarsening) when grains of differing sizes meet.4 Of course, the value of 120°
stems from the assumption that all boundary energies are identical (γ = const.). If this is
not the case, then curved boundaries can form even when the grain size is uniform.

In a classic paper on the theory of normal and abnormal grain growth, Hillert [16] was
able to predict an analytic form for the quasi-static distribution of grain sizes. Assuming
curvature-driven growth, spherical grains and the same mean environment for each grain in
a polycrystal, he deduced the following relation for the time rate of change of an arbitrary
grain with radius R:

dR

dt
= Mγ

R

(
R

Rcr
− 1

)
. (2.14)

According to this equation, a grain with a radius smaller than a critical value Rcr will
shrink, while the opposite is true of a grain with R > Rcr. For three-dimensional systems,
the critical radius is slightly larger than the mean, Rcr = (9/8)〈R〉. From Eq. (2.14) Hillert
was then able to derive the quasi-stationary grain size distribution

f̃H(u) = (2e)3 3u
(2− u)5 exp

( 6
u− 2

)
, (2.15)

where u is the normalized grain size R/Rcr. Although Hillert’s mean-field model is still
to this day one of the most successful theoretical descriptions of normal grain growth,
the shape of the grain size distribution he predicted is not consistent with experimental
observations (displayed in Fig. 6.3 as part of the discussion at the end of this thesis).

2.2.3 Abnormal grain growth

Abnormal (or discontinuous) grain growth is characterized by the accelerated growth of
a subset of grains in a sample and, contrary to the rarity implied in the name, is com-
monly found in many material systems [11, 124, 129–137]. Subtle cases of abnormal grain
growth lead to a broadening of the grain size distribution, while more pronounced instances
produce a clear bimodal distribution, as illustrated in Fig. 2.12 (d). Despite decades of in-
tense research, our basic understanding of this phenomenon is still only rudimentary [138],
leading some researchers to designate abnormal grain growth as one of the “perennially
fascinating problems in materials science” [139]. It is here that variations in γ and M be-
come relevant, and, because of the many factors affecting these two quantities, a plethora
of mechanisms have been proposed to explain the origins of abnormal grain growth.

Typical cross sections through specimens undergoing abnormal grain growth are given
in Fig. 2.12. Because this form of coarsening has unpredictable and often detrimental
effects on a material, one usually tries to avoid its occurrence during production and pro-
cessing. For example, aluminum alloys (Fig. 2.12 (a)) are frequently used to manufacture
lightweight components for the aerospace and automobile industries [140, 141], but abnor-
mal grain growth can significantly reduce the hardness and strength of such components.

4The more precise constraint is the number of facets (or faces), but the relative size of a crystallite is
generally related to its total number of facets.
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Figure 2.12: Examples of abnormal grain growth as seen in: (a) an Al-Cu alloy [142], (b) a
nanocrystalline Fe-Ti alloy [133] and (c) alumina doped with TiO2 and SiO2 [130]. The grain
size distribution of a normally coarsening specimen (NGG) is unimodal. Moderate instances of
abnormal grain growth (AGG) lead to a broadening of the grain size distribution, while stronger
occurrences—to which the examples in this image belong—result in fully bimodal distributions.
See footnote for copyrights5.

Similarly, the unique properties promised by nanocrystalline materials are lost when AGG
sets in (Fig. 2.12 (b)). There are, however, some cases in which abnormal grain grain can
be advantageous. In ceramics, elongated abnormal grains, as seen in Fig. 2.12 (c), can
reduce crack propagation in otherwise brittle specimens. Grain-oriented electric steel that
is produced for use in transformers is another example of purposefully induced abnormal
grain growth. In either case—whether seeking to avoid or induce abnormal growth—a
better physical understanding of the underlying mechanisms is desired.

Like normal grain growth, the growth of abnormal grains is driven by the reduction
in excess interfacial energy, but for abnormal grain growth to occur, there must be a
sustainable growth advantage for select crystallites. For an abnormally growing grain with

5Fig. 2.12 (a) was reprinted from Acta Materialia, 57 (15), J. Dennis, P.S. Bate and F.J. Humphreys,
Abnormal grain growth in Al–3.5Cu, 4539–4547, Copyright © 2009 Acta Materialia Inc. Fig. 2.12 (b) was
reprinted from Scripta Materialia, 66 (6), J.M. Dake and C.E. Krill III, Sudden loss of thermal stability
in Fe-based nanocrystalline alloys, 390–393, Copyright © 2011 Acta Materialia Inc. Fig. 2.12 (c) was
reprinted from Acta Materialia, 50 (19), O.-S. Kwon, S.-H. Hong, J.-H. Lee, U.-J. Chung, D.-Y. Kim,
N.M. Hwang, Microstructural evolution during sintering of TiO2/SiO2-doped alumina: mechanism of
anisotropic abnormal grain growth, 4865–4872, Copyright © 2002 Acta Materialia Inc. Published by
Elsevier Ltd. All rights reserved., with permission from Elsevier.
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c)b)a)

Figure 2.13: Illustrations of abnormal grain growth. Simulations have shown that when an
arbitrary grain is given either an energy or a mobility advantage, it will evolve abnormally [22, 145,
146, 148, 151]. Illustrations of typical microstructures—inspired by these simulation results—are
shown for (a) no abnormal grain, (b) an abnormally growing grain with an energy advantage and (c)
an abnormally growing grain with an mobility advantage. An energy advantage produces abnormal
grains with a fractal shape, while a mobility advantage yields more compact and more spherical
abnormal grains.

radius Rab, this criterion can be expressed mathematically as

d

dt

(
Rab
〈Rm〉

)
> 0, (2.16)

where 〈Rm〉 is the mean radius of the matrix grains. Abnormal grains are able to grow at
an accelerated rate only as long as there are an adequate number of smaller matrix grains
in their vicinity. Once abnormal grains begin to impinge upon each other, their growth
advantage typically ceases. Thus, abnormal grain growth is almost always transient in
nature, but when allowed to run its course (to full impingement), the result is often a
microstructure with a mean grain size several orders of magnitude larger than the initial
grain size.

In the same paper in which Hillert proposed his mean-field model of normal grain growth,
he also discussed conditions for the appearance of abnormal grains [16]. He asserted that
if the initial distribution of grain sizes is wide and there exist some grains larger than
2〈R〉, these will grow abnormally until all matrix grains (i.e., normally growing grains)
are consumed. This description implies that a size advantage alone is enough to initiate
abnormal grain growth, but later theoretical [11, 143] and numerical investigations [20]
demonstrated that, given uniform boundary properties, such a mechanism is not sustain-
able, since larger-than-average grains always grow at slower relative rates than the mean
and eventually rejoin the normal grain size distribution. On the other hand, simulations
have repeatedly verified the assumption that an advantage in boundary energy or mobility
can lead to abnormal growth [22, 24, 32, 144–151]. The arbitrary assignment of a low γ or
high M to the boundaries of a chosen grain produces the respective microstructures shown
in Fig. 2.13. The debate in recent literature and the focus of current research is to explain
the origins of such growth advantages. Two well-accepted mechanisms are presented below.
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2 Coarsening in Polycrystalline Materials

Texture-induced abnormal grain growth

Many of the earliest appearances of abnormal grain growth were noted in recrystallized met-
als [11, 152], and because the kinetics are similar to recrystallization—both phenomena can
be described reasonably well by the Johnson-Mehl-Avrami-Kolmogorov model—abnormal
grain growth was historically called secondary recrystallization, a term still found in today’s
literature.

Following recrystallization, the newly formed strain-free grains often display a distinct
crystallographic texture—i.e., a preferred orientation of crystallites. In aluminum and
many other fcc metals, the recrystallization texture is the so-called “cube” texture6 [153].
Since the presence of texture in a polycrystal leads to a high fraction of low-misorientation
and thus low-energy grain boundaries, the driving force for grain growth is small. If,
however, a few grains are present that deviate substantially from the primary texture
component (ϑ & 15°), they will have high-energy and (presumably) high-mobility grain
boundaries [154, 155]. Consequently, larger-than-average, off-texture grains can rapidly
coarsen, consuming the textured regions of a specimen, where normal grain growth proceeds
sluggishly. The presence of crystallographic texture is necessary for the sustainability of
this mechanism, and, as one might expect, the more distinct the texture in a sample is
found to be, the more pronounced are the observations of abnormal growth [156].

Although this mechanism is among the most well accepted, significant debate regarding
the exact nature of the growth advantage continues to the present day. As new experimental
methods (most notably electron backscatter diffraction) have allowed access to previously
uninvestigated features, such as grain boundary characters at the normal/abnormal inter-
face, new questions have arisen. In addition to speculation that large misorientations lead
to a highly mobile grain boundaries [157, 158], other researchers have suggested that the
mobility advantage my be restricted to certain CSL boundaries rather than being shared
by all HAGBs [159, 160]. Still others contend that the relative boundary energy is more
important than a mobility advantage, postulating that abnormal grains propagate through
a process of “solid-state wetting” by which two LAGBs replace one HAGB because the
sum of their individual interfacial energies is lower than that of the high-angle boundary
[22, 146, 161]. In their short review of abnormal grain growth in Fe-Si alloys, Zaefferer and
Chen [124] mention the wide variety of explanations put forth by the research community,
pointing out that the authors generally do not prove their suggested mechanism but merely
(and somewhat arbitrarily) assign special properties to a set of boundaries that best fit
their individual results.

Further complicating the unambiguous identification of underlying processes during ab-
normal grain growth is yet again the effect of free surfaces. Owing to the lack of in situ 3D
measurement techniques, scientists must infer the 3D coarsening behavior of abnormally
growing grains from 2D cross sections; moreover, studies attempting to follow the time
evolution of abnormally growing grains have until now always been performed on free sur-
faces, where the surface anisotropy of crystals may play a decisive role during coarsening.
As noted by Morawiec [162], crystallites with a low surface energy could have a growth
advantage in thin sheet metals, similar to abnormal grain growth in thin films [163].

6Cube texture can be written as: {1 0 0}〈0 0 1〉, where the {1 0 0} planes are parallel to the sample surface
and the 〈0 0 1〉 directions parallel to the rolling direction (see also Fig. 4.13).
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Pinning-induced abnormal grain growth

A dispersion of second-phase particles can slow and eventually stop the curvature-driven
migration of grain boundaries by Zener pinning [127, 164]. Hillert [16] showed that un-
der certain conditions microstructural coarsening can, nevertheless, continue via abnormal
grain growth once normal grain growth has ceased. His argument has been refined by sev-
eral later authors [11, 165, 166] but remains, in its essence, unchanged and is summarized
here.

The Zener pinning pressure PZ exerted by inclusions on a planar interface with energy
γ is given by

PZ = 3γfV
2r , (2.17)

where fV is the volume fraction of randomly distributed spherical second-phase particles
with radius r [11]. When PZ is equal to the driving pressure on a curved boundary ∆P
(cf. Eq. (2.9)), boundary motion comes to a halt. Assuming spherical grains and taking
the mean grain radius 〈R〉 to be the mean radius of curvature, one can define a limiting
grain size

〈RZ〉 = 2r
3fV

(2.18)

above which normal grain growth is not possible [11]. According to Hillert a window for
the initiation of abnormal grain growth exists when: the average grain radius is below 〈RZ〉
and at least one grain “much” larger than 〈R〉 is present [16]. Because the curvature of
boundaries at the normal/abnormal interface is typically greater than when two normal
grains meet, the boundaries of anomalously large grains are able to overcome the pinning
pressure PZ and move in a manner that allows the crystallite to continue advancing into an
otherwise pinned structure of smaller grains. Hillert argues that a grain large enough grain
to grow abnormally will most likely not evolve out of the distribution of normal grains as
the limit RZ is approached. But a grain formed by some extraordinary process could grow
abnormally in a pinned matrix of normal grains [16].

The coarsening and/or dissolution of the second-phase pinning particles is generally
considered the most likely origin of abnormal grain growth in pinned microstructures
[11, 16, 142, 165–167]. Not only do crystalline interfaces become mobile at elevated temper-
atures, but inclusions also begin to coarsen by Ostwald ripening. Moreover, the solubility
of second phases frequently increases with temperature [166]. The combination of these ef-
fects can lead to discontinuous microstructural coarsening, either because the largest grains
in a distribution are the first to break free from pinning forces and can grow abnormally, or
because a nonuniform distribution of second-phase particles allows coarsening in particular
regions of a sample.

It is often mentioned in the literature that second-phase pinning particles also play a role
during abnormal grain growth in textured materials [124, 159, 168]. Proponents suggest
that the pinning pressure is reduced for certain special interfaces (e.g., Σ9 boundaries in
Fe-Si steels [169] and Σ5 boundaries in Al-Cu alloys [160]), which can then move with
less resistance through the pinned matrix. Furthermore, owing to the presence of texture,
the boundary’s character does not change significantly as it encounters new neighbors
during growth, remaining near its original Σ5 or Σ9 relation. This mechanism is, however,
speculative in nature, and it is not clear why precisely these selected CSL boundaries should
have special properties while others do not.
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2.3 Ostwald ripening

Grain growth describes the process by which crystallites coarsen in a single-phase ma-
terial. In multiphase materials, particles (or droplets) of a dispersed phase coarsen by
Ostwald ripening. The eponym of this phenomenon is Wilhelm Ostwald, who was the first
to systematically study the solubility of particles as a function of their size [170]. The
thermodynamic driving force for Ostwald ripening is the reduction of interfacial energy,
just as with grain growth; however, instead of atoms hopping from one side of a curved
boundary to the other to migrate from a smaller to a larger grain, in the case of Ostwald
ripening, atoms from a smaller particle must first diffuse through a second (matrix) phase
before they can join a larger particle.

Ostwald ripening is a ubiquitous coarsening phenomenon not only in the realm of ma-
terials science but also our everyday lives. It contributes to the formation of rain droplets
and ice particles in clouds [171]. Another—and usually less desirable—manifestation is
the coarsening of ice crystals in ice cream [172]. Even if kept in a freezer, ice cream will,
given time, transition from having a fine, creamy texture to one that is gritty and crunchy.
In precipitation-hardened alloys, Ostwald ripening plays an important role during aging
heat treatments [173]. As these examples indicate, Ostwald ripening can occur in many
different multiphase systems. These can be liquid-vapor (rain droplets), liquid-liquid (emul-
sions), solid-solid (precipitation-hardened alloys), solid-vapor (pores in sintered materials)
or solid-liquid (semisolid materials) systems.

During liquid-phase sintering, components of an eutectic alloy are heated into the semi-
solid temperature range. Once the liquid phase has formed, Ostwald ripening is generally
assumed to be the dominant coarsening mechanism of the solid grains, certainly at later
sintering times [174–176]. In Chapter 5 of this thesis, coarsening is investigated in a fully
dense, semisolid Al-Cu alloy, which was selected as a model system for late-stage liquid-
phase sintering. Consequently, this section focuses on Ostwald ripening as it occurs in
binary semisolid systems, for which a typical example is given in Fig. 2.14. Here, a Sn-Pb
alloy is annealed isothermally just above the eutectic temperature. A clear increase in the
size of the Sn-rich particles is observed at longer annealing times.

The basis for Ostwald ripening lies in the dependence of the chemical potential on the
curvature of a phase boundary [174, 177]. Given a semisolid binary alloy with components
A and B, the concentration at the interface between the liquid α phase (the matrix phase)
and the solid particles of the β phase (the coarsening phase) is described by the Gibbs-
Thomson equation, which in its simplified form—assuming spherical particles with radius
R, a dilute solution and isotropic interfacial energy—can be expressed as

CαB(R) = Cα,∞B

(
1 + 2γα,βΩβ

kBT
· 1
R

)
, (2.19)

where CαB is the concentration of B in the α phase, Cα,∞B is the equilibrium concentration
at a flat interface (i.e., R =∞), γα,β is the interfacial energy between the α and β phase,
Ωβ is the average atomic volume in the solid β phase, kB is Boltzmann’s constant and
T is temperature in Kelvin [177]. From this expression it is clear that CαB is higher for
particles with smaller R, as illustrated in Fig. 2.15. If a dispersion contains particles of
different sizes, then concentration gradients form that result in a net flow of atoms from
the smaller to the larger particles in the system. This picture also indicates that the mean-
field concentration of B in the matrix phase (CαB(Rcr)) depends on the whole ensemble
of particle sizes. Thus, without knowledge of the size distribution—which determines the
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Figure 2.14: Example of Ostwald ripening occurring in a semisolid system. Sn-rich solid particles
coarsen in a Sn-Pb liquid. This alloy was annealed at 185℃ (just above the eutectic temperature),
resulting in a volume fraction of the solid phase of VV = 0.64. Images taken from Ref. [175] and
reprinted with permission from Springer Nature: Springer, Metallurgical Transactions A, 19 (11),
Ostwald ripening in a system with a high volume fraction of coarsening phase, S.C. Hardy and
P.W. Voorhees, 2713–2721, Copyright © The Metallurgical of Society of AIME 1988.

critical radius Rcr—one cannot solve the problem of ripening [177].

The first complete analytic solution for the kinetics of Ostwald ripening was given by
Lifshitz and Slyozov [178] and later in an independent derivation by Wagner [179]. Their
model is commonly referred to as the LSW theory, and, although it is valid only for
vanishing volume fractions of the coarsening phase (VV → 0), it is the starting point
for most subsequent theories of Ostwald ripening [174]. Furthermore, the existence of
a time-invariant, self-similar grain size distribution—though not the exact shape of the
distribution—and the temporal power law that were developed within the framework of
the LSW theory still hold today [174, 180].

In developing their theory, Lifshitz, Slyozov and Wagner made the following simplifying
assumptions: (1) the particle dispersion is infinitely diluted (VV → 0), (2) the coarsening
phase is comprised of spherical particles and (3) the concentration fields are in steady state.
The Laplace equation can then be used to calculate the concentration field outside of a
particle, and, through application of mass balance at the matrix-particle interface, one can
derive the growth rate equation

dR

dt
= K

R2

(
R

Rcr
− 1

)
. (2.20)

In this expression, K is a temperature-dependent growth rate constant related to the
diffusivity of solute atoms in the matrix phase, and Rcr is some critical grain size above
which a grain grows and below which it shrinks [177]. With an asymptotic analysis in the
long-time limit (t→∞), LSW were able to predict a steady-state normalized particle size
distribution and show that Rcr = 〈R〉. The evolution of the mean particle size follows a
power law with growth exponent 3:

〈R〉3 − 〈R0〉3 = 4
9Kt [177]. (2.21)

The full derivation of these equations is presented in the eloquent works of Voorhees and
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Figure 2.15: Concentration fields in a dispersion of second-phase particles surrounded by a matrix
phase. The dependence of chemical potential on curvature (Gibbs-Thomson effect) leads to local
variations in concentration at the boundaries of particles of different sizes. The mean concentration
of excess solute (CαB(Rcr)) is set by the size distribution of all particles in the system. Lifshitz,
Slyozov and Wagner [178, 179] showed that Rcr = 〈R〉. Based on Fig. 6.6 of Ref. [177].

Ratke, in which the LSW predictions are also compared against experimental coarsening
data [174, 177, 181]. Although the LSW theory represented a significant breakthrough
in our understanding of Ostwald ripening, the model’s major limitation was the physi-
cally unrealistic zero-volume-fraction assumption, which allowed diffusive particle-particle
interactions to be ignored (the mean-field assumption). Most subsequent treatments of
Ostwald ripening have focused on determining the growth rate constant and the particle
size distribution for finite volume fractions of the coarsening phase [181]. Some theories
also seek to incorporate additional effects, such as particle motion, particle geometry, stress
fields generated by particle-matrix misfit and anisotropic interfacial energy, all of which
are presumed to be sources of error between theoretical Ostwald ripening models and ex-
perimental results [177]. More than 100 years after Ostwald’s original paper and nearly 60
years after the publication of the LSW theory, the study of Ostwald ripening remains an
active field of research with implications for a wide variety of material systems [177, 182].
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3
Microstructural Characterization by X-Ray Diffraction

The experimental investigation of microstructural evolution in 3D requires a nondestructive
characterization technique so that time-resolved data can be captured. In multiphase
materials standard absorption or phase-contrast computed tomography may suffice, but
in single-phase materials diffraction-based techniques are indispensable. X-ray scattering
has long been used to characterize the crystal structure, chemical composition and various
physical properties of materials. With the advent of 3DXRD microscopy x-rays can now
be used to map grain morphologies in polycrystalline specimens as well.

3.1 Generation of x-rays

It was quite by accident that the German physicist Wilhelm Conrad Röntgen discovered
x-rays in 1895. While studying the attenuation of cathode rays in metals, Röntgen no-
ticed a glow coming from a fluorescing screen far removed from the Crookes tube he was
operating [183]. For his discovery and initial experiments, Röntgen was awarded the very
first Nobel prize in physics in 1901 [184]. Röntgen referred to these newly discovered rays
as “x-rays” because their nature was unknown. Today we know that x-rays are a form of
electromagnetic radiation, like visible light but with a much shorter wavelength.

3.1.1 Laboratory devices

In modern laboratory devices x-rays are generated in essentially they same way as in
Röntgen’s original experiments. A cathode ray (now known to be a beam of electrons) is
directed at a metal anode in an evacuated tube—see Fig. 3.1 (a). The electrons, which are
boiled off a heated filament,1 are attracted to the anode by a large positive voltage. The
resulting electric field established between the anode and filament in the evacuated tube
accelerates the electrons until they collide with the anode at velocities normally greater
than one-third the speed of light. The kinetic energy of most electrons arriving at the

1In his original device, Röntgen used a cold cathode, which requires the presence of a small number of air
molecules in the Crookes tube to ignite the cathode ray.
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Figure 3.1: Generation of x-rays in a laboratory device. (a) X-rays are generated in an evacuated
tube when high-energy electrons collide with a target anode. Electrons are extracted from a fila-
ment, heated by the current I, by applying a large accelerating voltage between the filament and
anode. A beryllium window allows the x-rays to exit the tube. (b) A tube of this type will generate
both Bremsstrahlung and x-rays characteristic of the elements in the target material. Electron
transitions from the L to the K shell and from the M to the K shell result in Kα and Kβ emis-
sion peaks, respectively. The observed x-ray intensity is the superposition of the Bremsstrahlung
continuum with the discrete wavelengths that are characteristic of the anode material.

anode is lost as heat, with less than 1% of the energy being radiated in the form of x-rays
[185].

Depending upon how the high-energy electrons interact with atoms of the target anode,
x-rays are generated in two different ways. The first is known as Bremsstrahlung and results
in a continuous energy spectrum. The origin of this type of radiation is the deceleration
that the oncoming electrons experience when they collide with the target material. In
order to conserve energy, the electrons emit photons of various wavelengths to compensate
their losses in kinetic energy [185]. If an electron loses all of its energy in one interaction,
a photon of maximum energy is emitted. This maximum x-ray energy is determined by
the accelerating voltage between anode and filament. At this point, known as the short
wavelength limit, the Bremsstrahlung goes to zero. The two sharp peaks of the x-ray
intensity spectrum in Fig. 3.1 (b) are the result of characteristic radiation. This second
type of radiation is generated when an incoming electron ejects a core electron from the K
shell of an atom in the target material, and an electron from the atom’s outer shells fills
the resulting void. By falling to a lower quantum orbit, the electron reduces its energy and
emits a photon equal to the difference in quantum energy between the two electron shells.
Voids generated in the K shell are filled with highest probability by an electron from the
very next shell, the L shell, resulting in the so-called Kα emission. If a K shell void is filled
instead by an electron from the M shell, a photon of higher energy is emitted, referred to
as Kβ emission. Because the latter transition is less likely, the intensity of the Kβ peak is
lower [185, 186].

X-rays generated in laboratory devices are generally divergent and polychromatic, which,
depending on application, may or may not be desired. For example, a divergent beam can
be used to magnify an object placed in front of it, a feature often exploited in standard
CT investigations. Polychromatic or “white” radiation is required when capturing Laue
diffraction patterns, with which the precise orientation of a single crystal can be determined.
However, for many applications of x-rays in materials science, monochromatic radiation is
desirable: not only is it necessary for diffraction-based techniques used to determine crystal
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structure, grain size, internal strain and texture, but an x-ray beam of a single wavelength
can also enhance contrast during tomography by eliminating artifacts like beam hardening.
The simplest and cheapest way to obtain a quasi-monochromatic beam is to filter out the
Kβ peak of the full source spectrum seen in Fig. 3.1 (b) by placing in the path of the beam
a thin metallic foil that has an absorption edge lying between the Kα and Kβ wavelengths
[185]. A more effective monochromator can be made from a single crystal oriented to reflect
Kα radiation [187].

3.1.2 Synchrotron radiation

50 years after Röntgen accidentally discovered x-rays with his cathode ray tube, a sec-
ond method of generating x-rays was also stumbled upon. Scientists at General Electric’s
research laboratory in Schenectady, New York, had become interested in high-energy elec-
tron accelerators for use as x-ray sources2 and built a 100MeV betatron [188]. A betatron
consists of a doughnut-shaped vacuum tube and a large electromagnet. Electrons in the
vacuum tube are accelerated by varying the magnetic flux through the “doughnut hole”
[189]. This manner of electron acceleration is much more practical than applying 100
megavolts between the anode and filament of a conventional x-ray tube. It was in their
100MeV betatron that the engineers at GE first noticed the indirect effects of what we
now call synchrotron radiation. The circular orbit of the high-speed electrons shrank with
time due to radiative energy losses [188]. Work on betatrons would, however, soon came to
an end, because in 1945 Veksler [190] and McMillan [191] described a new type of electron
accelerator, the synchro-cyclotron or synchrotron. Both scientists independently proposed
accelerating electrons by application of a radio frequency (RF) generator, synchronized in
energy and phase to the orbiting electrons. In this manner, electrons out of sync due to,
for example, radiative losses are automatically corrected. The new design was also much
lighter (the large electromagnet varying the magnetic flux at the center of the ring was no
longer necessary), more efficient and cheaper to construct [189]. The race to build the first
operating synchrotron was on. GE was actually scooped by the British team of Goward
and Barnes, who quickly built a small 8MeV synchrotron [192]. A few months later GE
finished construction of its 70MeV synchrotron [193], which had a unique feature: a glass
vacuum tube. During operation, a bright light was seen coming from this transparent
tube, the color of which could be tuned by changing the electron energy [188]. Since then,
the electromagnetic radiation emitted from charged particles moving at relativistic speeds
has been referred to as synchrotron radiation [194]. A complete description of this new
radiation was given by Schwinger in 1949 [195].

Although the engineers at GE were surprised to discover radiation coming from their
electron accelerators [188], the theoretical groundwork explaining this effect had been laid
long before by Maxwell in his 1873 treatise on electricity and magnetism and further
developed for point charges traversing circular paths by Liénard [196], Wiechert [197] and
Schott [198]. The acceleration of any charged particle will generate electromagnetic waves,
like the radio waves coming from electrons oscillating in an antenna. In a synchrotron’s
storage ring, the electrons, which are traveling near the speed of light, can experience
extremely large radial accelerations when they move through a magnetic field and thus
emit very high-energy photons [194]. The latter is shown schematically in Fig. 3.2 (a).

The basic elements of a modern synchrotron source are shown in Fig. 3.2 (b). At the time

2General Electric (GE) planned to direct these extreme high-energy electrons at a metal target to generate
Bremsstrahlung and characteristic x-rays as described above.
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Figure 3.2: Generation of synchrotron radiation. (a) An electron is accelerated radially as it moves
through a magnetic field, thereby emitting x-ray radiation. (b) The fundamental components of
a synchrotron source include: a linear accelerator (linac), which feeds electrons into a booster
synchrotron, where they are further accelerated until their energy is high enough to inject them
into the main storage ring. The electrons in the storage ring are kept in the correct orbital path
by bending magnets. The radiation produced during bending is used for experimentation at the
various beamlines arranged tangentially along the storage ring. The RF generator synchronizes the
electron speeds in the storage ring by adding the lost radiative energy back to the electrons. Panel
(b) adapted with permission from Ref. [199], Copyright © EPSIM 3D/JF Santarelli, Synchrotron.

of its discovery, synchrotron radiation was an undesired effect, which limited the achievable
end velocity in particle accelerators [188]. So-called first-generation synchrotron sources
were conceived for high-energy particle physics but also allowed users access to the parasitic
synchrotron radiation from beam bending. As interest in experimentation with these high
intensity x-rays grew, the first dedicated (second-generation) synchrotron sources were soon
built. The current state-of-the-art machines are referred to as third-generation sources and
include most notably the European Synchrotron Radiation Facility (ESRF) in Grenoble,
the Advanced Photon Source (APS) at Argonne National Laboratory in Chicago and the
8GeV Super Photon Ring (SPring-8) in Japan.

In these new sources undulators are used as x-ray insertion devices to produce extremely
brilliant x-ray radiation [200]. An undulator is essentially a long row of bending magnet
pairs arranged so that the north and south poles of the magnets alternate. Thus, electrons
traveling through an undulator oscillate back and forth, taking a sinusoidal path until they
exit the undulator. If the strength of the magnetic field and distance between neighboring
magnet pairs is set correctly, the resulting synchrotron radiation is nearly monochromatic,
highly parallel and extremely intense [194]. This combination of properties allows materials
scientists to study a wide range of phenomena nondestructively with simultaneously high
temporal and spatial resolution. The experiments described in this thesis were performed
at SPring-8 in Japan, which at the time achieved the highest electron energies of third-
generation synchrotron sources [201].
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Figure 3.3: Diffraction in crystalline solids. (a) Rays 1 and 2 representing an incident x-ray plane
wave approaching a set of lattice planes at an angle θ. If the condition for diffraction is fulfilled
(Eq. (3.1)), then a portion of the incident beam’s intensity will be diffracted at an angle 2θ. (b)
Graphical representation of Bragg’s law: Scattered waves will interfere constructively if the extra
distance traveled by ray 2 (2d sin θ) is equal to a multiple of the incident beam’s wavelength.

3.2 Conventional x-ray diffraction

3.2.1 Diffraction basics

The interatomic spacing in crystalline solids is of the same order of magnitude as x-ray
wavelengths. Thus, the periodically arranged atoms act as a natural diffraction grating for
x-ray radiation [185]. Max von Laue was the first to demonstrate this principle in 1912,
thereby proving the wave nature of x-rays and giving birth to the field of crystallography
[202]. Bragg would later develop a simple mathematical equation to describe the condi-
tions necessary for diffraction. An x-ray beam incident with angle θ on a set of parallel
crystallographic planes is scattered by the atoms defining these planes (Fig. 3.3 (a)) and
will interfere constructively if the Bragg condition is fulfilled (Fig. 3.3 (b)). Examining
rays 1 and 2 of Fig. 3.3 (b), we see they are scattered by parallel lattice planes with in-
terplanar spacing d. The second ray travels the additional distance d sin θ before and after
being scattered by the second plane of atoms. If the total additional distance is equal to a
multiple of the incident beam’s wavelength, then the scattered rays 1’ and 2’ will interfere
constructively. This relation is known as Bragg’s law and written mathematically as

2d sin θ = nλ, (3.1)

where λ is the wavelength of the incident x-ray radiation and n is an integer greater than
or equal to 1.

The intensity of diffracted beams depends on many factors, such as the atomic scattering
factor, crystalline structure, temperature, polarization, absorption, multiplicity, etc. For
more information on these and other aspects, the reader is referred to the comprehensive
and eloquent works of Cullity [185] and Klug and Alexander [203]. I will only emphasize
here that the low-order (h k l) planes of a crystal generally display the highest relative
diffraction intensities and that not all planes are represented in diffraction patterns owing
to systematic absences caused by destructive interference. From the unit cell structure one
can calculate so-called selection rules that determine which sets of crystallographic planes
will interfere constructively [185, 203]. In the fcc Al alloys of this thesis, diffraction can
occur at angles where Bragg’s Law is satisfied for planes that have either all odd or all even
h, k, l indices. Thus, the first seven possible reflections, in order of increasing diffraction
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Figure 3.4: Single-crystal x-ray diffraction. (a) A single crystal that is illuminated with a white
(polychromatic) x-ray beam produces many diffraction spots simultaneously. (b) When monochro-
matic radiation is used, the crystal must be rotated in order to collect more than one spot.

angle, stem from the {1 1 1}, {2 0 0}, {2 2 0}, {3 1 1}, {2 2 2}, {4 0 0} and {3 3 1} planes.

3.2.2 Single-crystal diffraction

When a single crystal is illuminated with a monochromatic x-ray beam, the chance that
any of its lattice planes will fulfill the Bragg condition and diffract the incident radiation is
relatively low. To acquire diffraction spots, one can either employ a polychromatic source or
rotate the crystal. The former was the approach used by von Laue for his original diffraction
experiments. The method is, however, by no means outdated: it is still widely used to solve
the structure of chemical and biological molecules [200]. As illustrated in Fig. 3.4 (a), the
Bragg condition is fulfilled for a large number of planes and many diffraction spots appear
simultaneously when a single crystal is irradiated with a white beam. Owing to crystal
symmetry, the intensity maxima appear along elliptical or hyperbolic paths, the origin of
which are so-called zone axes [185]. A zone axis is used to define a set of planes that all
contain this crystallographic direction. For example, if we choose the [0 0 1] axis to be our
zone axis, then all planes in which the [0 0 1] axis lies (e.g., (1 0 0), (1 1 0), (2 1 0), etc.)
are referred to as planes of the [0 0 1] zone. Accordingly, analysis of the Laue diffraction
patterns provides very detailed information on crystal orientation and structure.

The second means by which to obtain multiple diffraction spots and thus more in-
formation on a single-crystalline specimen is the rotating-crystal method illustrated in
Fig. 3.4 (b). In contrast to the Laue method, here the sample is illuminated with a
monochromatic x-ray beam. Thus, for any given orientation of the sample, there will
be few if any lattice planes that diffract. However, by rotating the crystal 180 °, all planes
will satisfy the conditions for Bragg reflection at least once, and an analysis of the full
diffraction pattern allows for comprehensive indexing of the lattice planes and determina-
tion of the underlying crystal structure. For this purpose the rotation method is the most
powerful and most often used of the various diffraction methods [185, 204]. Because the
wavelength and angle of the incident beam are fixed, all diffraction spots corresponding
to a given set of lattice planes {h k l} are located on the detector with the same radial
distance to the transmitted beam. The circular paths along which related diffraction spots
lie are called Deybe-Scherrer rings. For a single crystal, the number of spots found on each
ring is determined by the multiplicity factor of each respective lattice plane.
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Figure 3.5: Powder diffraction method. (a) When a fine powder or polycrystalline sample is
struck by monochromatic x-ray radiation, a portion of the incident beam’s intensity is diffracted
as a solid conical shell forming rings on a 2D detector. (b) A linear plot of intensity vs. position or
2θ reveals the intensity profile of the diffracted beams. The integrated intensity of each reflection
is given by the area under the respective peak. The average grain size can be estimated from the
peaks’ full width at half maximum (FWHM).

3.2.3 Polycrystal or powder diffraction

When a fine powder or a polycrystalline sample consisting of small, randomly oriented
grains is placed in a monochromatic beam, many of the constituent crystallites will, by
chance, be oriented to diffract a portion of the incoming x-rays. This method is similar to
the rotating-crystal method, except that the specimen need not be rotated, since one can
assume that every possible orientation is already present in the polycrystal or powder. A
further consequence of randomly oriented crystallites is that the diffracted beam takes on
the shape of a solid conical shell, as seen in Fig. 3.5 (a). This feature can be understood by
considering, for example, the {1 1 1} lattice planes of a polycrystalline sample: not only will
the {1 1 1} planes of many individual crystallites be properly oriented for Bragg diffraction,
but there are also an infinite number of possible rotations for the {1 1 1} surface normals
about the incoming x-ray beam [185]. Thus, instead of individual diffraction spots from
a single crystal appearing on the detector (Fig. 3.4 (b)), the entire circumference of the
Deybe-Scherrer rings are illuminated.

The intensity profile of the diffracted cones varies from reflection to reflection. If we
examine a fixed length of the Deybe-Scherrer rings and plot the intensity versus position,
we obtain a graph similar to Fig. 3.5 (b). Instead of using the position x here, it is more
natural to plot 2θ on the horizontal axis, which allows for straightforward calculation of
the lattice spacing d using Bragg’s equation.

3.2.4 Grain size determination

In conventional research laboratories, powder diffractometers configured in Bragg-Brentano
focusing geometry are quite possibly the most common setup, and from the diffraction pat-
terns they produce one can gather a substantial amount of information regarding the nature
of the illuminated material [185, 203]. The crystal structure and lattice parameters can be
determined from the 2θ positions of the peaks. In multicomponent systems, concentrations
can be estimated via Vegard’s law [185], and in multiphase alloys the amount of each phase
can be determined from the relative intensities of their respective x-ray peaks.

If the grain size is small enough, it can also be estimated from the width of diffraction
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peaks, because a finite grain size—and thus a finite number of diffracting planes—leads
to peak broadening [185, 203, 204]. The full width at half maximum (FWHM), seen
in Fig. 3.5 (b), is often taken as the measure for peak width. With this value, one can
approximate the average grain size of the diffracting material by applying the Scherrer
equation [205]:

FWHM (2θ) = Kλ

L cos θ . (3.2)

The mean column length of the crystallites contributing to the Bragg peak is given by L,
and the wavelength of the incident radiation by λ. The central angular position of the
diffraction peak is denoted here by θ, and K is a constant close to unity (often taken to be
0.89 or 0.94) [204]. The column length L is the size of the diffracting crystal perpendicular
to the scattering planes.

Due to the inverse relation between peak width and grain size, one can more accurately
determine the peak broadening and, consequently, the size of smaller crystallites. Nanocrys-
talline materials are, therefore, well-suited for grain growth investigations by means of stan-
dard x-ray diffraction (XRD) [206]. Experiments performed at the beginning of this thesis
work demonstrate both the capabilities and limitations of this method. Binary nanocrys-
talline Fe-Ti alloys were synthesized via high-energy ball milling and thereafter annealed
in situ in a PANalytical X’Pert Pro diffractometer equipped with a Co source, position
sensitive detector (PSD) and vacuum furnace. With this setup, shown schematically in
Fig. 3.6 (a), isothermal anneals were performed at 930 ℃ while repeatedly scanning 2θ
from 49° to 53° in Bragg-Brentano geometry. Typical results for a Fe-2 at% Ti sample are
plotted in Fig. 3.6 (b). In the scanned 2θ range both (1 1 0) bcc and (1 1 1) fcc iron peaks
can be found, and we see the effects of the α to γ phase transformation after about 20
minutes with the appearance of the (1 1 1) peak. Theoretically, from these two peaks one
can calculate both the amount and average grain size of the two phases; however, the first
limitation of this technique becomes apparent in Fig. 3.6 (c). Application of Eq. (3.2) shows
that the bcc grains grew from about 44 nm to 86 nm in one hour, but the (1 1 1) fcc peak is
so narrow that a grain size could not be resolved for this phase. Every diffractometer has
a finite instrumental broadening, which represents the narrowest observable peak width.
For the XRD setup used here, crystallite size broadening can no longer be separated from
instrumental broadening when the grain size has reached about 150 nm. Thus, the grains
of the fcc phase must have been on average at least 150 nm in size. In Fig. 3.6 (d), the
electron micrographs of the annealed specimen do indeed show a bimodal distribution of
grain sizes, as suspected from the diffraction data.

The second limitation is the statistical nature of the Scherrer and related analyses. Al-
though millions of nanocrystalline grains can be probed simultaneously by XRD, there is
no way to examine the evolution of individual grains. One is able to follow only changes in
the mean grain size and, in some cases, the approximate width of the grain size distribution
[204]. In general, however, XRD is not well suited to the analysis of crystallites with a
broad or multimodal size distribution. Although the small grain size makes nanocrystalline
materials good candidates for growth studies by XRD, abnormal grain growth is commonly
observed in such samples [133, 137, 207–209] and relying on diffraction data alone is dan-
gerous when characterizing such materials [209, 210]. Except for material systems that
have an allotropic phase transformation tied to the occurrence of abnormal grain growth,
the latter remains effectively invisible to XRD.
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Figure 3.6: Grain growth studies in standard XRD. (a) The Bragg-Brentano geometry is the
most common setup for powder XRD because it focuses the divergent incident beam onto the
detector. (b) The growth of the fcc phase is clearly seen in diffraction patterns recorded during in
situ annealing of an Fe-2 at% Ti alloy at 930℃. (c) The width of the bcc peaks show that this phase
is nanocrystalline, but the average grain size of the fcc phase cannot be quantified since its peaks
have widths equal to the instrumental broadening. (d) A cross section through a specimen that was
taken out of the furnace after the fcc phase had grown to 50% shows a clear bimodal microstructure.
Figure panels (b), (c) and (d) reprinted from Scripta Materialia, 66 (6), J.M. Dake and C.E. Krill
III, Sudden loss of thermal stability in Fe-based nanocrystalline alloys, 390–393, Copyright © 2011
Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved., with permission from Elsevier.
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3.3 Three-dimensional x-ray diffraction

Diffraction experiments performed on conventional polycrystalline samples with micron-
sized grains often lead to spotty, incomplete Scherrer rings. The diffraction pattern is
something between that of a single-crystalline (Fig. 3.4 (b)) and a fine powder specimen
(Fig. 3.5 (a)). Exactly how incomplete the rings are depends on the number of grains
in the irradiated volume and their crystal symmetry. If the individual diffraction spots
along the rings can be separated, then it is possible to determine precisely the orienta-
tion of each crystallite from which the polycrystal is composed. Furthermore, from the
shape of diffraction spots, one can also reconstruct the morphology of grains to which
the respective diffraction signals belong. Thus, a nondestructive mapping of single-phase
materials in three dimensions is conceivable. This idea motivated the development of a
new diffraction-based imaging technique that came to be called three-dimensional x-ray
diffraction (3DXRD) microscopy [64, 65, 78].

3.3.1 Basics of multigrain crystallography

The reconstruction of 3DXRD data is a two-step process. First, the individual grains
located within the irradiated volume of a sample are indexed, i.e., their crystallographic
orientation and center of mass are determined. Next, the spatial extent of each grain is
mapped back to the sample volume. After a short illustration of the experimental setup,
both steps of the reconstruction procedure are described below.

Experimental setup

Because an intense monochromatic and parallel x-ray beam is a prerequisite for the tech-
nique, 3DXRD experiments are performed at synchrotron radiation facilities. A typical
experimental setup is shown schematically in Fig. 3.7. Although a flat, planar beam was
used throughout the development and early stages of 3DXRD, it is now common to use
a box-beam to illuminate the sample. Individual grains in the irradiated volume diffract
a portion of the incoming beam’s intensity when their various atomic planes satisfy the
Bragg condition, resulting in bright spots on a two-dimensional detector. In general, two
detectors are employed: a high-resolution (∼ 5µm pixel size) near-field detector and a
lower-resolution (∼ 50µm pixel size) far-field detector. The near-field detector is physi-
cally smaller than the far-field detector (the number of pixels is usually about the sample
for both) and placed closer to the sample, so that the first four or five Bragg peaks can be
captured. Obviously, the distance between diffracted and transmitted beams increases as
they travel away from the specimen. If the near-field detector is too far from the sample,
too few reflections are captured, and the quality of the reconstructed data suffers. If the
near-field detector is too close to the sample, reflections begin to overlap, which also leads
to lower-quality reconstructions. The far-field detector, on the other hand, can be placed
much farther from the sample and still capture a large number of Scherrer rings because
of its larger pixel size. The greater sample-to-detector distance allows for a more accurate
determination of scattering angles and consequently grain orientations. Usually it is suf-
ficient to capture 6 to 7 complete rings with the far-field detector. The specimen, which
is typically cylindrical, is mounted on a tilt/translation stage for alignment purposes and
rotated 360° during data acquisition to ensure that each grain comes into diffraction many
times.

40



3.3 Three-dimensional x-ray diffraction

!

2✓

box!
beam

near-field
detector

far-field
detector

beam
stoppolycrystalline!

sample

xy

z
dNF dFF

⌘

Figure 3.7: 3DXRD experimental setup. A polycrystalline sample is illuminated with a monochro-
matic x-ray beam and rotated up to 360° so that each grain fulfills the Bragg condition for diffraction
multiple times. The diffraction spots at each angle of rotation ω are recorded on two detectors: (1)
a high-resolution near-field detector placed a short distance dNF from the sample and (2) a far-field
detector with a coarser pixel size positioned at a greater distance dFF from the specimen. The
laboratory coordinates x, y and z are defined as shown, along with the diffraction angle 2θ and the
angle η about the circumference of the Scherrer rings.

Grain indexing

From the diffraction data collected with the far-field detector, it is possible to determine
the crystallographic orientation and location of each grain in a polycrystalline specimen.
Thousands of individual far-field diffraction patterns are typically collected as the sample
is rotated in small increments about an axis that is ideally parallel to the z-axis of the lab-
oratory coordinate system (cf. Fig 3.7). The noisy raw diffraction images (Fig. 3.8 (a)) are
filtered and binarized to enable identification of individual diffraction spots (Fig. 3.8 (b)).
Each spatially separated area of diffracted intensity can then be assigned a set of coordi-
nates (ydet, zdet, ω), where ydet and zdet are the positions of the peak’s maximum intensity
on the far-field detector, and ω is the sample rotation for the given diffraction image. In
this manner, one is able to parameterize all diffraction spots originating from the grains of
an illuminated sample volume. When the diffraction maxima (ydet, zdet) recorded across all
values of ω are combined in a single scatter plot, an image with nearly complete Scherrer
rings is the result—see Fig. 3.8 (c). Close inspection of this subfigure reveals the typical
pattern of rings for fcc materials.3 An alternative form for displaying the diffraction spots
is presented in Fig. 3.8 (d). The diffraction angle 2θ of each maximum can be calculated
by the simple trigonometric relation

2θ = 2 arctan


√
y2

det + z2
det

dFF

 , (3.3)

3All data in Fig. 3.8 originate from an fcc Al-5wt% Cu alloy.
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where dFF is the distance from the sample to the far-field detector. By plotting η—the
angle of rotation about the x-axis—vs. 2θ, we unroll the Scherrer rings, which now appear
as vertical lines. The broadening of the Scherrer rings along the y-axis (η = ±90 °) is also
clearly evident. This effect results from the use of a parallel incident beam and will be
described in more detail in the following section.

Each diffraction spot represents a set of parallel lattice planes. If the lattice parameters
and exact orientation of the sample’s rotation axis relative to the detector are known,
then the observed spots can be transformed into scattering vectors in reciprocal space.
(For a complete mathematical description of this transformation, refer to Appendix A
of Ref. [211].) In the diffraction-based imaging community, these scattering vectors are
commonly referred to as g-vectors, a notation also adopted in this thesis.

The task of grain indexing is to determine which g-vectors belong to which crystallites.
An efficient algorithm for doing so was developed by S. Schmidt [211] and made publicly
available as the software package GrainSpotter [212]. Assuming each grain is a single
crystal, its orientation is given by a specific point in orientation space. Individual g-vectors,
however, provide only the orientation of a given set of lattice planes (i.e., the vector normal
to the diffracting planes but not the crystal’s rotation about this vector) and are, thus,
mapped as lines (so-called geodesics) in the Rodrigues orientation space [211]. But the
geodesics of all g-vectors corresponding to the same grain must pass through a single point
defining that grain’s 3D orientation. Consequently, by identifying locations in orientation
space where a large number of geodesics intersect, one is able to establish the crystallite
orientations present in the illuminated sample volume [211].

GrainSpotter performs the task of indexing iteratively, initially assuming that all
grains are located at the center of the sample [211]. Analogous to the intersection of
geodesics at a common point in orientation space, if we trace the diffracted rays belonging
to a single grain from the detector back to the sample, they should all intersect at a common
point in real (sample) space: namely, at their point of origin. Thus, at a grain’s true location
in the specimen, the spread of the back-traced rays is smallest. By minimizing the spread
of these rays about a point in the sample volume [211], one can fit each grain’s center-
of-mass location. Of course, a grain’s measured orientation and position are interrelated,
since the g-vectors (scattering vectors) are determined from the direction of diffracted rays,
which depend on the position of the grain relative to the detector. Through an iterative
process of minimizing the spread of geodesics in orientation space and diffracted rays in
real space, one can refine the position and crystallographic orientation of each grain. The
final product of grain indexing is a set of “seed” grains for which the 3D center-of-mass
positions (Fig. 3.8 (e)) and orientations (Fig. 3.8 (f)) are now known.

Described above is the indexing algorithm implemented by GrainSpotter, which was
used during the reconstruction of all data sets presented in this thesis. Other strategies for
grain indexing are summarized in Refs. [78, 79].
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Figure 3.8: Grain indexing from far-field diffraction patterns: (a) raw diffraction signal, (b)
filtered and binarized diffraction image showing detected peak positions, (c) combination of all
diffraction peaks, (d) alternative representation of all diffraction peaks, (e) center-of-mass positions
for indexed grains and (f) indexed grain orientations displayed on an inverse pole figure for cubic
crystal symmetry.
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3 Microstructural Characterization by X-Ray Diffraction

Grain mapping

The second step in the reconstruction of 3DXRD data is the mapping of grain shapes.
For this purpose the near-field diffraction images are utilized. Currently, there exist two
separate classes of mapping algorithms: (1) forward-projecting and (2) inverse-problem
methods [79, 213]. The latter are similar to approaches taken to reconstruct tomographic
data. The application of such algorithms to 3DXRD data sets is computationally tax-
ing owing to the considerable size and dimensionality of the reconstruction space—a six-
dimensional combination of orientation and sample space [213, 214]. At the same time the
total number of projections is limited, being determined by the experimental setup and
the crystal symmetry. The inverse-problem methods for reconstructing 3DXRD data are,
nevertheless, of great interest, since they yield, in theory, the highest-quality grain maps
[213]. However, with forward-projecting algorithms it is possible to avoid much of the
aforementioned complexity, while, under many circumstances, still achieving high-quality
grain maps.

All 3D grain maps presented in this thesis were reconstructed with GrainSweeper, a
second piece of software developed by S. Schmidt [213, 215]. The underlying principles of
the program’s forward-projecting algorithm are summarized in Fig. 3.9. When a polycrystal
is illuminated with a parallel beam, the detected diffraction spots are 2D projections of
its grains, as illustrated in Fig. 3.9 (a). To obtain multiple projections of each grain,
the sample is typically rotated 360°. With the setup described here, it is common to
detect more than 200 diffraction spots per fcc Al grain. Although the intensity of the
diffraction spots contains information on the scattering volume, current implementations of
GrainSweeper do not utilize this feature [216]. Instead, the algorithm relies solely on the
area of the spots after filtering and binarization. Also evident in Fig. 3.9 (a) is the horizontal
shift of the detected diffraction signal, briefly alluded to during the presentation of far-field
data in the previous section. If, during rotation, a grain fulfills the Bragg condition and
diffracts to the right while also positioned to the right of the sample’s rotation axis, the
resulting diffraction spot will be detected to the right of the given reflection’s ideal Scherrer
ring position.4 The same effect causes the broad scattering of points about the Scherrer
rings evident in Figs. 3.8 (c) and (d). The rings are typically wider in the y-direction
because of the beam geometry. The so-called “box beam” is usually not square but rather
rectangular, leading to this asymmetric distribution of diffraction spots.

The first step in the mapping process is division of the sample space into small sub-
volumes (voxels). Thereafter, the seed grains from GrainSpotter are imported. Al-
though this step is not necessary, it generally improves the accuracy and runtime of Grain-
Sweeper. Each seed grain can then be “grown” from its center of mass until the predefined
sample volume is filled in, as illustrated in 2D in Figs. 3.9 (c) and (d). Because the ori-
entation of each seed grain is known, the program projects, as it steps through sample
space, a diffracted beam from the current voxel to the detector. If enough (> 70%) pixels
are illuminated at the expected locations on the detector, the voxel is assigned the as-
sumed orientation. The ratio between the number of detected diffraction signals to the
expected number defines a value referred to as the “completeness.” It is a measure for
the confidence with which each voxel is assigned. A map of the completeness is shown
in Fig. 3.9 (e). White indicates 100% completeness, while darker shades of gray denote
lower values. Large volumes of low completeness often indicate missing seed grains. In the
vicinity of grain boundaries it is common for the completeness to fall off somewhat (similar

4The positions of the ideal Scherrer rings are the locations on the detector to which grains would diffract
if they were all centered in the incident x-ray beam.
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3.3 Three-dimensional x-ray diffraction
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Figure 3.9: Mapping of grain shapes from near-field diffraction data. (a) A cylindrical sample
is illuminated with a monochromatic, parallel box beam, incident in the +x direction. The (1 1 1)
planes of an interior grain fulfill the Bragg condition and diffract a portion of the incoming intensity,
projecting the grain’s shape onto the near-field detector. Because the grain is located right of center,
the diffraction spot is shifted to the right of the (1 1 1) Scherrer ring. (b) As the sample is rotated
(about the z-axis) many projections of the same grain are captured. (c) The projections are used
to grow the seed grains—found during grain indexing and shown here as colored dots—into (d) a
space-filling ensemble of crystallites. (e) The completeness of the diffraction signal for each voxel
can also be mapped. (f) Final 3D reconstruction of the entire illuminated sample volume.

to the confidence index of electron backscatter diffraction maps). Also near boundaries,
two solutions may exist for the same voxel. This can be caused by smearing effects [213],
when strong diffraction signals bleed onto neighboring pixels on the near-field detector, and
spots appear larger than they actually are. In such cases, the orientation with the highest
completeness is selected. The final output of GrainSweeper is a 3D grain map (3.9 (f)),
equal in volume to the intersection of the incident x-ray beam with the sample.

When neighboring grains have similar orientations, their diffraction spots may overlap on
the near-field detector. This effect, in combination with detector inhomogeneities, can lead
to segmentation errors at low-misorientation grain boundaries. Typical examples are shown
in Fig. 3.10. Most grain boundaries, including the low-angle grain boundaries, are smooth
and presumably well located. A few interfaces, however, have quite unphysical forms. The
segmentation errors also vary from time step to time step, because samples were removed
from the experimental hutch for annealing. This fluctuation in boundary position leads
to an artifact during the analysis of average grain boundary velocities; low-angle grain
boundary appear to migrate faster than they actually do, as seen later Fig. 4.21.
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3 Microstructural Characterization by X-Ray Diffraction

30 min
at 400°C

a) b)

Figure 3.10: Example of a segmentation artifacts. Overlapping diffraction spots and detector
inhomogeneities can lead to segmentation errors at low-angle grain boundaries, as indicated with
red circles. A comparison of the same cross section from (a) an earlier to (b) a later time step
reveals that this artifact appears irregularly from measurement to measurement.

3.3.2 Postprocessing and grain tracking

The sample volume that can be probed by a single 3DXRD measurement is limited by
the number of crystallites contained therein, since both grain indexing and, to a lesser
extent, grain mapping are most reliable when diffraction spots do not overlap. Under
ideal conditions up to 1000 grains may be indexed simultaneously [78]. In more realistic
specimens, however, this quantity is reduced by the presence of crystallographic texture and
nonuniform grain size distributions. By adjusting the height of the incident box beam, one
can easily control the number of grains being irradiated. During experiments on various Al
alloys (described in the coming chapters), the cross-sectional area of the beam was set such
that no more than about 400 crystallites were present in the beam’s interaction volume
with the specimen. A consequence of the reduced beam size is, however, a limited number
of grains illuminated in their entirety—see 3.9 (f). To compensate, multiple, adjacent
volumes can be individually recorded and reconstructed and then stitched together during
the postprocessing of 3D image data.

The combination of five independently reconstructed sample volumes (layers) is illus-
trated in Fig. 3.11. Measurements were preformed such that a defined amount of overlap
existed between each layer. Because the indexing of grains near the beam’s edges is most
prone to failure, overlap is necessary to ensure a final reconstructed volume free of artifi-
cial voids. But this also means that, in the regions of overlap, there exists two solutions
for many voxels (see highlighted areas in Fig. 3.11 (c)). Often, the exact orientation and
contour of grains that are split across layers do not correspond completely with one an-
other, owing to the experimental accuracy with which slight differences in the intensity,
position and shape of diffracted beams can be measured. Thus, when stitching, a deci-
sion must be made regarding how to assign voxels in doubly indexed regions. Here, the
completeness value can again be used to make this choice. However, the orientation of a
grain spanning two layers may still vary discontinuously at the stitching interface. To avoid
over-segmentation, grains that overlap in this manner are assigned the same orientation
(either that of the larger half grain or an average of both), if their misorientation of two
overlapping grains in the stitching region is less than a given threshold value, usually in
the range of 0.5° to 1°.
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3.3 Three-dimensional x-ray diffraction

b) c)a)

Figure 3.11: Stitching of 3DXRD layers. (a) Individually reconstructed layers of a cylindrical
sample are merged to obtain a large 3D data set. Vertical sections along the cylinder’s longitudinal
axis demonstrate how (b) 5 separate layers are shifted in the vertical direction and united to form
(c) the complete reconstruction. Areas of overlap, where the stitching occurs, are highlighted.

After multiple reconstructed layers have been stitched together, one has acquired a sam-
ple volume that contains a statistically relevant number of grains, providing a basis for
performing meaningful analyses of microstructural parameters, such as the distribution of
grain sizes, shapes and orientations. This same information is, however, attainable from
serial-sectioning methods [42, 217]. The truly unique feature of 3DXRD microscopy is its
nondestructive nature, which allows the study of time-resolved coarsening phenomena in
3D. In the context of 3DXRD investigations, samples are often annealed in an external
furnace because of space and temperature restrictions in the experimental hutch [72, 218].
Thus, between successive measurements, specimens are removed, annealed and remounted,
which inevitably leads to global translations and rotations (that affect the positions and
orientations of all grains equally). Of course, the goal of time-resolved data collection is to
track changes in microstructure; therefore, such global transformations must be removed,
which is why a registration of data sets is preformed during postprocessing.

The differences before and after registration are displayed in Fig. 3.12 with the help
of axial cross sections through 3D reconstructions of a cylindrical sample. Positioning
errors introduced when remounting a specimen result most frequently in a rotation about
the z-axis (which corresponds to the sample rotation axis, cf. Fig. 3.7), as is evident in
Figs. 3.12 (a) and (b). Close inspection of these images also reveals the switching of several
grains’ colors. Because the coloring scheme is derived from the crystallographic orientation,
which in turn is defined relative to laboratory coordinates, global sample rotations change
the measured orientation of all grains.5 Thus, we can calculate the difference in sample
orientation by averaging individual changes in crystal orientation and, by applying the
inverse of this transformation, remove the global rotation. This correction, however, does
not fix sample translations between time steps. Positional changes in x, y and z can be
accounted for using newer versions of MATLAB’s Image Processing Toolbox™ [219] to

5The three components of the Rodrigues vector notation for orientation are used to index each grain’s
red, green and blue (RGB) values. Due to crystal symmetry some grains may hit the edge of the so-
called fundamental zone in Rodrigues space when the sample is rotated, causing such vectors to “wrap
around,” hence the drastic change in some grains’ color.
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Figure 3.12: Registration of data sets. Because the specimen is remounted after each annealing
time step, its global position and orientation change slightly between measurements, as demon-
strated by cross sections through (a) the initial and (b) a later reconstruction. The most obvious
difference is a rotation about the z-axis and changes in some of the grain colors. (c) Proper regis-
tration removes both of these artifacts.

register time steps, as was carried out with the data sets presented in the coming chapters.
This translational registration was performed on the specimens’ internal network of grain
boundaries after binarization.

The final step in postprocessing the reconstructed 3DXRD data sets—before microstruc-
tural evolution can be temporally resolved—is the tracking of grains from time step to time
step. It is generally safe to assume that no new grains form during the heat treatment of a
fully recrystallized material [11], the one exception being the nucleation of annealing twins
[220]. But the latter are neither expected [221] nor were they observed in the Al alloys
under investigation. Thus, all grains present in a sample at any annealing interval (t > t0)
can be tracked back to the original grains in the sample at the initial time (t = t0).

Two criteria are used to track grains from one time step to the next: (1) the fraction
overlap in grain volume and (2) difference in orientation ∆θ. By superimposing two regis-
tered reconstructions, the first quantity can be calculated as (VX,tn ∩ Vi,tn−1)/VX,tn , where
Vi,tn−1 is the volume of the grain with label i in the previous time step tn−1 and VX,tn
is the volume of an unknown (not yet tracked) grain X in the current time step tn. If
this fraction is greater than some threshold (usually chosen to be 0.5), a potential match
is noted, and the algorithm proceeds to test a second criterion—namely, the difference in
orientation (i.e., the misorientation). If the misorientation angle between two candidate
grains is also less than a certain threshold (typically 1°), then the label of the known
grain is assigned to the unknown grain. This tracking algorithm was always applied to
the reconstruction of the current time step and that of the time step immediately before
it, so as to minimize the difference in microstructure. Tracking efficiencies greater than
95% were commonly achieved, and grains that were not tracked were manually inspected.
Most of these untracked grains were located at the very top or bottom of the complete
(ten-layer) reconstructed volume and often corresponded to crystallites growing into this
volume, which was possible because the entire sample was not irradiated (see, for example,
Fig. 4.2). After successful grain tracking, the evolution of individual grains in a polycrystal
can be studied in 3D.
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4
Grain Growth in a Single-Phase Al-Mg Alloy

Understanding microstructural evolution is a key step toward controlling a wide range of
material properties, and for this reason materials scientists have devoted much effort over
the last century to the investigation of grain growth. Many theories [15, 16, 222–226]
have been developed to describe this coarsening phenomenon, and more recently focus has
shifted from analytic to computational investigations [23–25, 28, 53, 54, 227, 228]. But one
essential piece of the puzzle has remained absent throughout the years of study: namely,
time-resolved three-dimensional measurements of grain growth. Until the development of
3DXRD microscopy, such data were unattainable in single-phase materials.

The 3D coarsening behavior observed in a single-phase Al-1wt% Mg alloy is presented
in this chapter. Although before-and-after snapshots of 3D microstructures undergoing
grain growth have been reported previously [72], only a handful of grains were identified in
the respective data sets, making it difficult to draw meaningful conclusions concerning the
underlying coarsening mechanisms. The results here are extracted from thousands of grains
across multiple time steps, allowing for a unique examination of the evolution of grains in
their natural environment, i.e., without boundary marker phases [56] or the influence of
free surfaces [229, 230]. The effect of local neighborhood and misorientation on changes in
grain size and shape are investigated. A comparison of current findings with conventional
normal and abnormal grain growth theories is also carried out.

4.1 Experimental details

The 3DXRD technique is far from standardized, and feedback from each experiment contin-
ues to flow into the development of better instrumentation and reconstruction algorithms.
It took nearly one year to successfully reconstruct three data sets from the first mea-
surements performed in 2012, whereas data sets collected during a third trip to the same
beamline in 2015 were reconstructed live on site, i.e., during the beamtime.

For a successful 3DXRD experiment, care must be taken during sample selection and
preparation. Likewise, the beam parameters (energy, intensity, illumination time, etc.),
detector placement and annealing intervals require precise planning. These details and
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Figure 4.1: The influence of magnesium on (a) the growth rate of recrystallized grains in aluminum
[11] and (b) recrystallized grain size after various degrees of deformation [232].

practical notes on the experiment at hand are given below.

4.1.1 Material selection and sample preparation

The ideal specimen for 3DXRD experiments has a low to moderate x-ray absorption co-
efficient and relatively simple crystal structure. The internal stress state and distribution
of impurities in the material are equally relevant. For grain growth experiments, strain
energy should be minimized so that the reduction of grain boundary area is the primary
driving force for microstructural coarsening. Additionally, the presence of second-phase
particles, which can have a significant impact on growth kinetics but are generally below
the spatial detection limit of 3DXRD, should be avoided. Low crystallographic texture1

is also advantageous, since it otherwise leads to overlapping diffraction spots, making an
unambiguous indexing of grains difficult.

Many of these criteria are fulfilled by the low-density metal aluminum. Its low x-ray
absorption coefficient allows for relatively large sample sizes containing a considerable
number of internal crystallites. In pure metals grain growth proceeds rapidly, making
interrupted coarsening experiments tricky. One way to slow grain growth is to add atoms of
a second species. This effect is demonstrated by the plot in Fig. 4.1 (a) of boundary velocity
vs. weight-percent magnesium in aluminum. According to the Al-Mg phase diagram [231],
the solubility of Mg in Al is about 1wt% at 100℃, increasing rapidly to 7wt% at 300℃;
yet very small amounts of Mg (beyond a plateau value of about 0.02wt%) can significantly
reduce the boundary migration rate. The addition of a small amount of Mg also leads to a
smaller initial grain size following recrystallization, as evident in Fig. 4.1 (b). To maximize
the number of grains included in a limited sample volume (typical specimen diameters
are on the order of 1–2mm) and thus enhance statistics, a small initial crystallite size is
advantageous.

At 1wt% Mg in Al, second-phase pinning particles are not expected to form, and the re-
duced coarsening rate accommodates the capture of intermediate stages of microstructural
evolution. Given an adequate reduction in sample thickness during cold rolling, an initial

1Texture refers to a non-random distribution of crystallographic orientations. In a specimen with high tex-
ture, many grains have similar crystallographic orientations (i.e., the misorientation between individual
grains in this subpopulation is small).
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4.1 Experimental details

grain diameter less than 100µm can be achieved for this concentration (cf. Fig. 4.1 (b)).
Thus, Al-1wt% Mg was chosen as a well-suited material. Specimens were prepared with
the help of Dmitri Molodov from the RWTH Aachen. Elemental Al (99,9999+%) and Mg
(99.99+%) metals were melted under argon (6.0) in an induction furnace and cast to form
a 20mm-thick plate. After a homogenization heat treatment (24 hours at 300℃), the plate
was cold-rolled and the overall thickness was reduced stepwise by 90% to a final value of
2mm. Cylindrical specimens with a diameter of 1.4mm and height of 6mm were cut via
spark erosion from the rolled alloy. The longitudinal axis of the cylinders was chosen to lie
in the rolling direction. Following a recrystallization heat treatment developed by A.-C.
Probst [12], samples were annealed for 75 min at 350℃, producing an initial grain radius
of about 45µm for the start of growth experiments.

One of the Al-1wt% Mg samples prepared in this manner was found to exhibit relatively
low crystallographic texturing and mosaicity,2 two qualities that improve the chances of
successful 3DXRD mapping and the observation of normal grain growth. For these reasons
all coarsening experiments were performed on the same Al-1wt% Mg specimen. During
previous unsuccessful attempts to characterize this same sample,3 it was annealed for a total
of 190 min at 350℃. This time is in addition to the 75 min recrystallization treatment.
As a result of the extensive annealing history, the grains grew beyond an average radius of
45µm, and we can be certain that the specimen is completely recrystallized.

4.1.2 Collection and reconstruction of 3DXRD data

Diffraction experiments were performed at beamline BL20XU of the synchrotron radiation
facility SPring-8 in Sayō, Japan. BL20XU is a medium-length beamline designed for micro-
tomography experiments [233]. The source is a planar undulator with a periodic length of
26mm. By means of a double Si-crystal monochrometer, beam energies from 7.6–113 keV
can be selected. During acquisition of the 3DXRD data presented here, a box beam with
an energy of 32 keV (monochromated to ∆λ/λ = 10−4) and dimensions 1600µm× 300µm
(width × height) was used to irradiate the cylindrical Al-1wt% Mg specimen as it was
rotated about its longitudinal axis.

As described theoretically in Section 3.3, two separate CCD detectors were used to
capture diffraction spots. The far-field detector (Hamamatsu C7942CA-22) with a 50µm
pixel size was located 60mm downbeam from the specimen’s axis of rotation, while the
near-field detector (Photron SA2) with a 4.56µm pixel size was placed 12mm behind the
sample. The near-field detector not only had a higher resolution than the far-field detector
but also a greater number of pixels (2048 × 2048 compared to 1024 × 1024).

Before the first heat treatment and after each successive anneal, 10 layers of both far-
field and near-field data were collected ex situ, that is, at room temperature outside of the
annealing furnace. Illustrations of the irradiated volume of the Al-1wt% Mg specimen and
the annealing procedure are given in Fig. 4.2. The height of each layer was 300µm, and an
overlap of 50µm was used between adjacent layers to ensure that the final reconstructed
volume would be free of gaps. For each layer, 750 far-field and 750 near-field images were
recorded while the sample was rotated 360° at a constant speed. This translates to one
diffraction image per 0.48°, and over this angular interval the intensity of photons reaching

2Mosaicity is a measure of the orientation spread inside individual crystallites. Low mosaicity means
that the crystallographic orientation is approximately constant throughout the entire volume of each
individual grain. Stress fields associated with dislocation networks can lead to increased mosaicity.

3The sample was given the nickname “Black Hole” because of the large number of photons it had absorbed
without producing any publications.
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Figure 4.2: Measurement schematic and annealing procedure of the Al-1wt% Mg specimen. (a)
Ten overlapping layers of 3DXRD data (far-field plus near-field) were recorded at each point in the
annealing protocol depicted in (b). Initial annealing intervals of 50 minutes were used at 350 ℃,
which were later reduced to 30 minutes when the temperature was increased to 400 ℃.

the CCD detectors is integrated.

Details on the layer-by-layer reconstruction of 3DXRD data can be found in Section
3.3. Here, only the specifics related to reconstruction of the Al-1wt% Mg specimen are
described. As we will see shortly, this sample manifests crystallographic texture, despite
precautions taken during sample preparation to avoid the occurrence of such. Because
texture leads to an overlapping of diffraction spots, a multilevel thresholding of the far-
field images was implemented. A high threshold allows separation and segmentation of the
overlapping spots, and a subsequent low threshold ensures that the low-intensity diffraction
spots from high index planes and/or smaller crystallites are not lost. Thus, by combining
the intensity maxima from both the low and high-threshold segmentations into one large
peak file, one is able to optimize the diffraction information used for subsequent grain
indexing.

Even with multilevel thresholding, however, not all seed grains were identified with
one run of GrainSpotter, an aspect revealed by incomplete final grain maps. Therefore, an
iterative implementation of GrainSpotter was developed. It began with stringent conditions
(called cuts in the software) on how much the fit parameters were allowed to vary. The
grains indexed during initial runs were the easiest to identify—larger grains near the sample
center—and their corresponding diffraction spots were removed from the master peak file.
The execution of GrainSpotter was repeated until no more “good” seed grains (those with,
for example, at least 100 diffraction spots) were found with the restrictive cuts. The limits
on the indexing parameters were then relaxed and the process repeated. Through this
procedure of iterative grain indexing, 3D reconstructions of the Al-1wt% Mg specimen
were obtained with virtually no internal voids (i.e., missing grains). This method of seed
grain identification has now been incorporated into the standard 3DXRD reconstruction
software [234].

Using the set of seed grains from GrainSpotter, grain maps for individual layers were
reconstructed with GrainSweeper [215]. The 10 layers of each time step were then stitched
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4.2 Microstructural evolution
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Figure 4.3: Microstructural evolution in Al-1wt% Mg. During 100 minutes of total annealing
at 350℃, the average grain radius increased from 64.9µm to 73.3µm, while the number of grains
decreased from 1619 to 1207. The growth rate was much higher after the temperature was raised
to 400℃, and after 90 minutes at this temperature the number of grains dropped to 571, with a
final average grain radius of 82.4µm. A wedge-shaped portion of the cylindrical sample has been
cut out to reveal internal grain boundaries.

together with algorithms developed in MATLAB. A stitching threshold of 1° was employed
for the Al-1wt% Mg specimen, meaning that grains occupying the same space in the
overlapping regions were combined into a single grain if their misorientation was less than
1°. The registration of measurements across annealing intervals and grain tracking was
performed as described in Section 3.3. More than 98% of all grains were tracked from time
step to time step.

4.2 Microstructural evolution

With time-resolved 3D data in hand, we can analyze the changes in grain size and shape
that occurred during successive heat treatments. Illustrating the coarsening observed in
the specimen under investigation, Fig. 4.3 shows 3D reconstructions before and after the
cumulative heat treatments at 350℃ and 400℃. In this figure a section of the sample
has been removed to reveal internal grain boundaries. Microstructural changes appear to
be more dramatic after annealing for 90 minutes at 400℃ compared to the previous 100
minutes at 350℃. Since grain growth is a thermally activated process, this observation
comes as no surprise. The RGB color values for the grains shown in this figure, as well
as in subsequent images, are indexed according to each grain’s orientation via the three
components of the Rodrigues vector (as defined in Section 2.1.1).
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4 Grain Growth in a Single-Phase Al-Mg Alloy

4.2.1 Global growth parameters

The destructive nature of conventional grain growth investigations [11, 37–44] allows for
only a statistical description of the coarsening behavior. Measurable quantities include
the number of grains, the mean grain size and in some cases the grain size distribution.
We begin our analysis in this section by looking at these same parameters. A notable
difference, however, between previous studies and this work is that all values herein are de-
termined nondestructively. Consequently, grain size distributions and their corresponding
mean values are calculated from the same set of grains throughout the entire coarsening
experiment, making this global analysis quite unique—certainly on the micrometer length
scale.4

3DXRD reconstructions return grain volumes, quantified in terms of voxels. In the
literature, however, one most commonly finds the size of grains specified by their radius or
diameter rather than volume. A simple method of conversion is to calculate the equivalent
radius R of a sphere whose volume V is equal to the experimentally determined grain
volume, i.e.,

R = 3

√
3V
4π . (4.1)

In this and all subsequent chapters, grain sizes are reported in equivalent radii.

As expected and evident in Fig. 4.3, the number of grains decreases with annealing
duration, as this eliminates boundary area and reduces the Al-Mg specimen’s excess free
energy. The reduction in the number of grains is displayed graphically in Fig. 4.4 along
with the corresponding increase in average grain radius 〈R〉. Instead of directly plotting the
mean, we look at 〈R〉2 because for normal grain growth this quantity is expected to vary
linearly with annealing time (Section 2.2.2). A straight-line fit to the data points seems to
validate this assumption, but only three data points go into the fit for each temperature.
(Although there are four measurements for 〈R〉 at 400℃, the final point is excluded because
a large fraction of grains (65%) intersects the sample’s free surface, a condition known to
retard growth [229, 230].)

When growth experiments are carried out for the same material at different temperatures,
it is also possible to estimate an activation energy. Assuming a growth exponent n = 2,
we can write Eq. (2.13) as

R2 −R2
0 = kt, (4.2)

where R0 is the initial grain radius and t the annealing time. The growth rate k combines
all factors affecting the (average) boundary migration rate into one term, which is generally
assigned an Arrhenius-type dependence on temperature, i.e., k = k0 exp(−Qmig/(kBT )).
From the straight-line fits of k in Fig. 4.4, an activation energy Qmig = 0.51 eV was de-
termined. Generally, one expects to find an activation energy for grain growth similar in
magnitude to that of grain boundary or lattice diffusion. For Al this would be somewhere
between 0.87 and 1.47 eV [11]. Although the experimentally determined value is lower than
anticipated, this discrepancy may be caused by the Al-1wt% Mg sample’s high fraction of
low-angle grain boundaries, the energy and mobility of which may manifest less sensitivity
to changes in temperature than is typical of high-angle grain boundaries [4, 236].

The evolution of the grain size distribution is presented for both annealing sequences
in Fig. 4.5. Most notable is the dissimilarity between Hillert’s prediction and all of the

4The grain size of nanocrystalline materials (〈R〉 < 150 nm) can be measured nondestructively by standard
x-ray diffraction [235].
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Figure 4.4: Global grain statistics. (a) The number of grains and (b) the squared mean grain
radius versus annealing time. Linear fits (solid lines) in (b) correspond to conventional grain
growth models (Eq. (4.2)), which predict a linear increase in 〈R〉2 with annealing time. The last
measurement of 〈R〉2 at 400 ℃ was excluded from the fit, because at this point the fraction of
surface grains reached 0.65.

measured distributions. According to Hillert’s model, no grains with R > 2.25〈R〉 should
exist during self-similar (normal) grain growth. But we observe a non-negligible fraction
of grain sizes well above this theoretical maximum and even individual grain radii up to 4
times the mean radius. Despite the discrepancy with theory, the general shape (broadness)
of the measured distributions does remain about the same during annealing, giving at least
the impression of self-similar growth having taken place. Analyses of real [40, 43, 46] and
simulated [23, 28, 237] microstructures commonly find grain size distributions broader than
Hillert’s and more similar to the ones presented here.

When examining nuances in the shape of the grain size distributions, we find minimal
differences over the course of the 350 ℃ anneal (except for an initial depression near R =
〈R〉). Raising the temperature to 400 ℃, however, induces changes in the frequency with
which some grain sizes are observed. Again, we see a suppression in the fraction of grains
with sizes near R/〈R〉 = 1, but this time the dip in frequency becomes more prominent with
increasing annealing time. Because the total area under each distribution is normalized
(equal to unity), changes in one region must be compensated by changes of equal total
area and opposite sign elsewhere. This aspect is identified in Fig. 4.5 (b) by arrows. A
steady rise in relative frequency is observed for the smallest grains in the specimen as well
as for those with a radius approximately 2.5 times the mean. Though it is not possible
to obtain information on the exact mechanism(s) behind these changes in the distribution
of grain sizes, such observations are certainly indicative of some form of abnormal grain
growth occurring during annealing at 400 ℃.

Note: in the remaining sections of this chapter we will consider only the growth sequence
recorded at 400℃. Not only do these data have a greater dynamic range, but having a con-
stant annealing temperature and interval also greatly simplifies the analysis. Furthermore,
because we are examining grain growth in a fully recrystallized, single-phase material,
a modest change in annealing temperature should affect only the speed with which the
specimen coarsens and not the underlying growth mechanism(s).
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Figure 4.5: Changes in grain size distribution after annealing at different temperatures. (a)
Except for a small dip near R/〈R〉 = 1, the relative distribution of grain sizes remains nearly
identical during annealing at 350 ℃. (b) At 400 ℃ changes in the grain size distribution become
obvious: green arrows mark various trends with increasing annealing time. Prominent in both
plots is the discrepancy between Hillert’s mean-field prediction (dotted gray line) and the measured
distributions.

4.2.2 Local growth rates

In addition to evaluating global measures of grain growth, we can, with spatially resolved
3D data, also examine the evolution of crystallites on an individual, grain-by-grain basis.
An example of such an analysis is given in Fig. 4.6. Here, the evolution of five internal
grains—i.e., crystallites not in contact with the sample surface—is displayed over the course
of three 30-minute anneals at 400℃. Grain size trajectories can be generated by calculating
the equivalent radius for each grain (Eq. (4.1)) and plotting these values against time. In
this plot the sample’s global mean grain radius 〈R〉 is represented by the thick black
line. Initially, all five grains have larger-than-average equivalent radii; hence, one would
intuitively assume that all five grains should grow. But the dark green grain in the middle
of this cluster shrinks rapidly, even crossing the trajectories of two of its smaller neighbors
and disappearing entirely after the second annealing interval (between the 30 and 60 minute
mark). Such behavior represents a significant deviation from mean-field models for grain
growth, suggesting that the assumption of uniform boundary properties is not valid at the
local level.

This same analysis is extended in Fig. 4.7 (a) to include the trajectories for half of
the grains5 (selected at random) present in the specimen at the beginning of the 400 ℃
annealing sequence. The evolution of mean grain radius is again drawn as a thick black line.
Close examination of the grain trajectories reveals that many crystallites with radii above
〈R〉 shrink, despite their presumed size advantage. In fact, these grains often disappear
even faster than grains with initial sizes R < 〈R〉. On the other hand, there are almost no
smaller-than-average size grains that grow. These observations are also clearly discernible
in Fig. 4.7 (b), a scatter plot of the grains’ scaled growth rate R∆R/∆t against their
normalized grain size. The points in this graph are calculated by computing the central
difference of each grain trajectory. Through a process of averaging, the central difference
estimates the slope of discretized data more accurately than a simple forward (or backward)
difference. The downside, however, is a reduction in data range, which becomes apparent

5When all the grains are included it is even more difficult to distinguish individual trajectories.
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Figure 4.6: A cluster of five neighboring grains is shown as it evolves in 3D. The corresponding
grain size trajectories (coloring is consistent) are given below the 3D representations. Initially, the
equivalent radius of all grains is above the average value 〈R〉, which is given by the thick black line.
Over the course of 90 minutes at 400 ℃, the salmon-colored grain grows continuously, while the
two purple and one light green grain fluctuate around the same value. The dark olive-colored grain
shrinks despite being larger than average. Its trajectory ends after 30 minutes because this grain is
not found in the sample following the next annealing interval (at 60 minutes). The shaded region
indicates upper and lower bounds on the hypothetical path that this grain’s trajectory could have
taken, but the shrinkage rate cannot be determined precisely.

when the equation to calculate the central difference is examined. For a given measurement
interval n, values for both the previous (Rn−1) and future (Rn+1) grain radius are required.
Mathematically, the central difference is expressed as

∆Rn
∆tn

=
Rn+1+Rn

2 − Rn+Rn−1
2

tn+1+tn
2 − tn+tn−1

2
= Rn+1 −Rn−1

tn+1 − tn−1
, (4.3)

where tn is the annealing time at the start of interval n. Thus, for any given grain, a
maximum of two growth rates—determined at the 30 and 60-minute marks of the 400 ℃
annealing sequence—can be computed.

Grains that vanish (shrink to zero) over the course of a given annealing interval are
included in Fig. 4.7 (b) as gray points. As evident in the case of the dark olive grain in
Fig. 4.6, the shrinkage rate of such grains cannot be determined unambiguously, because
the exact time at which they disappear is unknown. However, a slowest case scenario,
which assumes that these grains disappear exactly at the end of the respective annealing
interval, can be implemented. Accordingly, most of the gray data points in the scatter plot
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(Fig. 4.7 (b)) will underestimate the true values of |R∆R/∆t|, which we would expect to
find further down (more negative) on the vertical axis. In other words, an excluded area in
the growth rate diagram (defined by the parabola −R2/∆t) is introduced by the discrete
time sampling of the specimen’s microstructure.6 The gray points are not found exactly
on the perimeter of this parabola because the central difference is used and the mean grain
size also changes from time step to time step.

A fit of the growth rates in Fig. 4.7 (b) provides an estimate for the average reduced
mobility (Mγ) of the grain boundaries in the Al-Mg specimen. Multiplying both sides of
Eq. (2.14) by R and inserting Rcr = (9/8)〈R〉, we can rewrite Hillert’s growth equation as

R
dR

dt
= Mγ

8
9

(
R

〈R〉
− 9

8

)
. (4.4)

A simple linear regression returns a value of Mγ = 59.0± 5.79µm2/min. Fitting begins at
R/〈R〉 = 0.5, because below this value the fit would otherwise enter the parabolic excluded
region described above. Prediction bounds, containing 90% of the fitted data points, are
drawn above and below the fit as dashed red lines. The large spread of the data points
leads to rather wide bounds. It is interesting to examine the points that lie outside of the
90% prediction bounds. Many of the largest grains in the sample grow at rates far above
the values expected for their respective sizes. This finding is yet another indication for the
occurrence of abnormal grain growth.

4.2.3 Grain morphology and topology

Instead of using the equivalent radius—which is essentially the same as fitting a sphere to
each grain—to characterize the crystallites of a sample, we can also fit each grain with an
ellipsoid. In doing so one obtains information about the grain shape. An example of an
ellipsoidal fit can be seen in Fig. 4.8. Here, the three semi-principal axes of the ellipsoid
are labelled Ra, Rb and Rc. We can now define an aspect ratio for each grain by dividing
the minimum axis by the maximum. The more spherical a grain is, the larger its aspect
ratio is—a value equal to unity describes a perfect sphere. The aspect ratio of the grains
in the Al-Mg sample for the 400 ℃ annealing sequence is presented in Fig. 4.9. The mean
aspect ratio of all grains decreases slightly during annealing from an initial value of 0.53 to
0.50, which implies that there exists a significant deviation across all time steps from the
sphericity of grains assumed by Hillert’s mean-field model. On average, the aspect ratio
is larger for bigger grains, but this increase appears to level off, approaching 0.6 for the
largest grains (Fig. 4.9 (b)). No correlation was observed, however, between this aspect
ratio and the growth rate of grains.

Because of the plane-strain conditions during cold rolling, grains are often extremely elon-
gated in the direction of rolling [11]. Consequently, one might expect to find grains still
elongated after recrystallization, which could potentially influence the subsequent coars-
ening behavior by producing large boundaries of low curvature. Defining the term grain
shape orientation by the direction of the longest semi-principal axis (Ra in Fig. 4.8 (c)),
we can confirm, however, that the grains in this Al-Mg specimen are not preferentially
aligned in any particular direction. The intersection of each grain’s longest semi-principal
axis with a unit sphere is plotted in Fig. 4.10 (a). Projecting these points onto a plane
through the sphere’s equator (Fig. 4.10 (b)), we see that they are quite uniformly dis-
tributed. Thus, despite a considerable degree of shape anisotropy—grains are on average

6When plotted against the normalized grain radius this expression becomes −〈R〉2(R/〈R〉)2/∆t.
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Figure 4.7: Growth rate analysis. (a) Growth trajectories for half of the initial grains (chosen
at random) reveal how the grain size evolves during annealing at 400 ℃. The growth rates in (b)
are calculated by taking the central difference in grain size at the 30 and 60-minute marks. (Note
that all grains are included in this scatter plot.) The shrinkage rates for grains that vanish between
measurements are plotted in gray and lie approximately along a parabola defined by −R2/∆t.
A straight-line fit through (Rcr,0) is drawn in red with the 90% prediction interval indicated by
the dashed red lines. Because the discrete annealing interval ∆t = 30min hinders an accurate
determination of R∆R/∆t for the smallest grains in the sample, fitting begins at R/〈R〉 = 0.5.
The slope of this fit provides an estimate for the reduced mobility Mγ, averaged over all of the
grain boundaries. Four quadrants defined by the intersection of the lines at R∆R/∆t = 0 and
R/〈R〉 = Rcr are labelled with Roman numerals.
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Figure 4.8: Ellipsoidal fitting of grains. The experimentally determined grain volume in (a) is fit
by an ellipsoid in (b). The semi-principal axes Ra, Rb and Rc of the ellipsoidal fit are shown in (c).
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Figure 4.9: Grain shape evolution. (a) The aspect ratio is defined as the minimum semi-principal
axis of the ellipsoidal fit divided by the maximum. Over the course of 90 min at 400 ℃, the
mean grain aspect ratio decreases from 0.53 to 0.50. (b) Plotting the individual ratios against the
normalized grain size, we see that after rising initially the aspect ratio approaches an average value
of about 0.6 for the larger grains in the Al–Mg specimen. The mean aspect ratio is drawn as the
solid red curve and is determined at various intervals along R/〈R〉 such that the same number of
data points enter into each calculation. The standard deviation is shown as vertical bars.

twice as long as they are wide—it is presumably safe to conclude that the effects of this
feature on microstructural evolution are limited, since there is no preferential orientation
of the elongated grains.

In addition to the morphological aspects described above, a 3D network of interconnected
domains has topological features that include corners (quadruple points), edges (triple
lines) and faces (grain boundaries). Of these, the latter are perhaps the most dominant
and certainly the most investigated feature [23, 43, 50, 238, 239]. Under the assumption
that all interfacial properties are uniform, the evolution of domains in 2D depends entirely
on their topology, namely the number of sides. Domains with more than 6 sides will always
grow, and those with fewer than 6 will invariably shrink [222]. Accordingly, a perfectly
hexagonal structure of domains (e.g., the honeycomb structure) is entirely stable and will
not coarsen. In 3D the boundaries between the domains of a cellular structure are faces;
however, no purely topological relation exists to describe the coarsening of 3D boundary
networks [225]. Nevertheless, correlations can be drawn between the rate at which 3D
grains coarsen and their number of faces [240].7

7A note on terminology: The number of grain faces is synonymous with and equivalent in value to the
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Figure 4.10: Distribution in orientation of grain shapes. (a) The intersection of the longest
semi-principal axis of each ellipsoidal fit with the unit sphere reveals a relatively homogenous
distribution of grain shape orientations. (b) A stereographic projection of these points displays the
same information in a form similar to a pole figure. To enhance visualization only the grains of
the initial microstructure (0 min at 400 ℃) are included here, but the random distribution of grain
shape orientations remains the same for all subsequent time steps.

A monotonic relation between the size of a grain and its number of faces is expected,
since larger grains tend to have more neighbors. In Fig. 4.11 (a) experimentally determined
histograms of the number of faces per grain F are given for grains in the 400 ℃ annealing
sequence as well as for the subset of internal grains. Both histograms display a lognormal
shape. The mean number of faces 〈F 〉 for all grains is 11.3, and when surface grains are
excluded this value increases to 12.3. Values reported in the literature range from 11 on the
low end to 15 at the upper limit [52], with 13.7 commonly reported for simulations of ideal
grain growth [23, 25, 241]. Because large grains are preferentially removed when surface
grains are excluded,8 it is likely that the value reported here for 〈F 〉 is an underestimate
of the true value. If we plot the normalized grain size of the internal grains against F
(Fig. 4.11 (b)), we find an approximate linear relationship between the two quantities up
to about 25 faces per grain, after which the slope levels off. A decreasing slope at higher
values of F is consistent with previous characterizations of 3D microstructures [43, 50].
An interesting quantity is the number of faces expected for a grain of average size. This
number can be extracted from the intersection of the fit in Fig. 4.11 (b) with the horizontal
line at R/〈R〉 = 1 and is found to be 12.6, slightly above the value of 〈F 〉 = 12.3. Although
the mean follows an approximately liner relation up to F = 25, the scatter of the individual
data points is noteworthy. Some grains with fewer than 10 neighbors have above-average
grain radii, while others with nearly 20 faces are nevertheless smaller than 〈R〉.

Large grains usually have smaller neighbors [242–244], but if, for example, a large grain
with large neighbors exists, it would not have many faces and could still shrink despite
being above the global average in terms of size. Thus, one might expect the number
of grain faces to be a better indication of whether a grain will grow or shrink than its
normalized size. All growth rates R∆R/∆t are plotted in Fig. 4.12 against the number of
faces F . A straight-line fit (starting from F = 7) to the data of Fig. 4.12 is drawn in dark
red and crosses the horizontal axis at F = 15.8. Analogous to the critical grain radius
Rcr (cf. Fig. 4.7), this value will be referred to as the critical number of grain faces Fcr,
below which most grains shrink and above which most grow. If we use the linear fit in

number of grain boundaries of a given grain and the number of nearest neighbors.
8The larger a grain, the greater the chance that it intersects the sample’s free surface.
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Figure 4.11: Grain face attributes. (a) The number of grain faces per grain F is distributed log-
normally, similar to the grain size distribution. When all grains are included in the distribution (gray
histogram), the mean value is found to be 11.3 faces per grain; this number increases to 〈F 〉 = 12.3
when surface grains are excluded from the calculation (green histogram). (b) A correlation between
grain size and number of faces is observed up to about F = 25, as indicated by the linear fit (red
line) to the mean normalized grain size for each value of F (red dots).

Fig. 4.11 (b) to predict the number of faces for a grain with R = Rcr, we find F (Rcr) = 14.2.
(This discrepancy essentially indicates that, in comparison to Fig. 4.7 (b), growth rates are
preferentially shifted to the left, from quadrants I and IV into quadrants II and III, when
plotted against F .)

In both Figs. 4.7 (b) and 4.12 we see substantial scatter, and at first glance the predictive
power of F does not seem to be any better than that of R/〈R〉. However, a more detailed
inspection of individual points reveals some interesting aspects. For example, the three
grains shrinking fastest in Fig. 4.12 are all below Fcr, despite having equivalent radii that
lie considerably above Rcr. It seems, as postulated above, that these crystallites have a
limited number of even larger neighbors, which consume the former at a very high rate.
Using the horizontal line at R∆R/∆t = 0 and the vertical lines at either R/〈R〉 = Rcr or
F = Fcr to define quadrants of the growth rate plots, we can perform a semi-quantative
comparison of Figs. 4.7 (b) and 4.12. All growing grains are expected to appear in quadrant
I, while shrinking grains should be found in quadrant III. According to mean-field theories
[16, 245], no data points are expected in either quadrant II or IV. However, the space-filling
constraints imposed on real microstructures inevitably lead to some scatter, as clearly
observed in simulations of isotropic grain growth [239, 240]. Nevertheless, comparing the
fraction of points found in quadrants II and IV, we can get an idea of how well a given
parameter (e.g., R/〈R〉 or F ) predicts whether a grain grows or shrinks. When the growth
rate is plotted against the normalized grain size (see Fig. 4.7 (b)), we find that a total of
21.6% of the data points lie in quadrants II and IV. One the other hand, only 16.2% of the
data points fall in these same quadrants in Fig. 4.12.
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Figure 4.12: The growth rate of each grain is plotted against its number of faces. The color scale
on the right is used to indicate the relative grain size. A liner fit to these data, starting at F = 7,
is drawn in dark red. The fit line intersects the zero growth rate at F = 15.8, and this position
is defined as the critical number of grain faces Fcr. For comparison, the number of faces for the
critical grain size, F (Rcr)—extracted from Fig. 4.11 (b)—is indicated by the dashed vertical line.
Four quadrants are defined with respect to the lines F = Fcr and R∆R/∆t = 0.

4.3 Texture and misorientation

4.3.1 Crystallographic texture components

In the materials science sense of the word, texture refers to a preferred crystallographic
orientation of grains in a polycrystal. Plastic deformation is a ubiquitous step in the
processing of metallic materials and almost inevitably leads to some form of texture [11].
The most common textures have been given names (such as Cube, Copper, Brass, Goss)
and are defined by crystallographic planes and directions [246]; for example, the Cube
texture is denoted as {1 0 0}〈1 0 0〉. In this notation there is an implicit relation between
the crystallographic directions and the material’s reference coordinate system. Because the
study of texture is so intertwined with mechanical deformation, the reference directions of
a specimen are typically defined by its respective forming process. This convention is
illustrated in Fig. 4.13 for a sheet of rolled metal. In the rolling process, metal plate
material is fed through one or more sets of parallel rollers, which reduce the thickness of
the specimen while elongating its length and (if unconstrained) width, similar to the rolling
of pizza dough. The direction in which the material is fed is called the rolling direction
(RD). Perpendicular to the RD and parallel to the longitudinal axis of the cylindrical
rollers is the transverse direction (TD). The normal direction (ND) is, as the name implies,
normal to the plane spanned by RD and TD. In general, these three orthogonal directions
are used to define the specimen axes (when speaking of a rolled material), and with them
one can interpret the notation with which textures are represented.

In the example of the Cube texture given above, the first term in curly braces indicates
that {1 0 0} crystallographic planes are found parallel to the surface of the sheet, i.e., the
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Figure 4.13: Example of the Cube recrystallization texture. This texture is often found after the
recrystallization of cold-rolled fcc materials. Independent of grain size and shape, the unit cell axes
of the individual crystallites tend to be aligned with the orthogonal processing directions, i.e., the
rolling (RD), transversal (TD) and normal directions (ND). Consequently, when the {1 0 0} pole
figure is plotted, maxima in the frequency of {1 0 0} poles are observed at the RD, TD and ND.

plane defined by RD and TD. The second term gives the set of crystallographic directions
that lie in the direction of rolling, in this case 〈1 0 0〉. This means, for the Cube texture, that
the axes of a cubic unit cell are aligned exactly with the axes RD, TD and ND. In reality
there is a finite amount of spread in the orientation of crystallites about the directions of
any specific texture, and the strength of the texture component is inversely proportional
to this spread. A strong texture is characterized by a very narrow distribution of grain
orientations, while a weak texture displays a broad distribution.

The Cube texture is commonly found in recrystallized Al alloys [247–249], and the Al-
1wt% Mg sample under investigation here is no exception. The pole figures of Fig. 4.14
show a clear Cube texture that remains relatively constant during annealing at 400 ℃.
Although the sample’s x-, y- and z-coordinate axes are not aligned with the rolling, trans-
verse and normal directions—while mounting the sample before experimentation, only the
rolling direction was unambiguously identifiable since it was parallel to the z-axis of the
cylindrical specimen—the Cube texture is still easily recognized by the distinctive cross
pattern formed by the {1 0 0} poles.

On the left-hand side of Fig. 4.14 the poles of individual grains (cf. Fig. 2.4) are depicted
as dots, the areal density of which is displayed on the right-hand side. For a perfectly
untextured sample—one with randomly oriented grains—the distribution of poles would
be uniform. In this specimen, however, we find a peak in the pole figure near x, showing
that it is eight times more likely to find a pole at this position; and if we assume that
this dominant peak in the orientation distribution marks the normal direction (since the
sample is compressed in this direction during rolling, it seems reasonable to assume that the
grains are preferentially aligned with respect to the normal direction), then we can locate
the approximate positions of all three processing directions, as indicated in the figure.

Texture components are sometimes more easily visualized in orientation space, since
each point represents the orientation of a single grain. In Fig. 4.15 all grain orientations
present in the initial microstructure are plotted in Rodrigues space relative to the surmised
rolling, transverse and normal directions. In Rodrigues space, a grain with an ideal Cube
orientation is now depicted as a point at the origin. Although a larger number of grain
orientations are located near the origin, they are not evenly distributed, but rather tend
to be concentrated along the normal direction rND slightly above and below zero. Other
orientations are found in smaller clusters farther away from the origin. Based on these
observations seven different texture components were defined, and each was assigned a
unique color.
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Figure 4.14: Evolution of crystallographic texture. The (a) initial and (b) final {1 0 0} pole figures
of the Al-1wt% Mg specimen show a clear Cube texture that remains relatively constant during
heat treatment at 400 ℃ for 90 min. On the left-hand side, the individual {1 0 0} poles of all grains
are plotted as green dots. The color-coded contour plots on the ride-hand side depict the areal
density of the {1 0 0} poles in multiples of a random distribution. The x and y specimen axes are
indicated, as well as the presumed normal (ND), transverse (TD) and rolling (RD) directions. All
images were generated with the MTEX toolbox [250].
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Figure 4.15: Representation of texture components in orientation space. (a) All grain orientations
present in the initial microstructure are plotted in the Rodrigues fundamental zone against the
rolling (rRD), traverse (rTD) and normal (rND) directions. Seven different texture components are
identified and assigned unique colors. Projections from the (b) top, (c) front and (d) side are seen
in the remaining panels of the figure. Two dense orientation clusters, marked by red dots in (c),
are located slightly above and below the origin.

The vast majority of grain orientations lies along what appears to be an S-shaped line
that passes through the origin, above and below which the density of points is highest,
as indicated by the red dots in Fig. 4.15 (c). These heavily concentrated clusters of near-
Cube orientation define the first two texture components; they are shaded dark blue if
their Rodrigues vector component in the normal direction is positive, or dark purple if it is
negative. The centers of the dark blue and purple lobes are separated by a rotation angle
of nearly 20°.

Along the upper and lower tails of the S-shaped distribution, the color changes from dark
to light blue or purple, respectively, once the orientations differ by more than 20° from the
center of mass of the corresponding dark lobes. These tail regions are the next two tex-
ture components and, as the color indicates, are almost certainly related systematically—
through the cold-rolling deformation process—to their darker counterparts. The remain-
ing orientations are denoted by three additional colors. Grains with orientations near
r = (0.168, 0.286,−0.016) are shaded green, while those close to r = (0.221,−0.347, 0.016)
are given a magenta hue. Crystallites with orientations that deviate by more than 20° from
all previously defined orientations are colored gray. The small number of gray points in
the figure indicates that there are very few randomly oriented grains in the specimen.
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Figure 4.16: Grain boundary misorientation distributions. (a) Area-weighted grain boundary
misorientations show a large peak at low misorientation angles and very little variation with an-
nealing time. Across all time steps approximately 67% of the total boundary area is included in
the interval ϑ < 20°. The Mackenzie distribution for randomly orientated cubic crystals is drawn
as a solid black line. (b) The frequencies of the first seven CSL boundaries are compared to their
expected fractions in a random cubic polycrystal (wide gray bars). Except for Σ13a interfaces, a
lower fraction for all CSL boundaries is observed.

4.3.2 Distribution of boundary misorientations

Crystallographic texture can have a dramatic impact on material properties [82, 251], but
the presence or lack of texture does not adequately describe a microstructure at the bound-
ary level. In fact, Miodownik et al. [252] demonstrated that vastly different misorientation
distributions can be generated from the same set of randomly orientated grains; indeed, be-
cause grain growth proceeds by the migration of individual boundaries, their character and
distribution is perhaps more relevant than is texture to investigations of grain coarsening.

From the 3D reconstructions in Fig. 4.3 it is already apparent that a large number of low-
angle grain boundaries must exist in the Al-1wt% Mg sample, since, in these snapshots,
the color of a crystallite is related to its orientation, and we find large clusters of similarly
shaded grains. This initial observation is confirmed by the misorientation histograms of
Fig. 4.16. Given a random distribution of cubic crystallites, one would expect the fraction
of low-angle grain boundaries (defined here as ϑ < 20◦) to be about 5.4% in accordance with
the Mackenzie distribution [93]. In all reconstructions of the Al-1wt% Mg sample, however,
low-angle boundaries make up about 67% of the total internal interfaces. Apparently,
the grains of the various texture components defined above are not distributed randomly
throughout the sample but rather tend to be correlated spatially.

Perhaps the most striking consequence of Figs. 4.14 and 4.16 is the invariability of
both the distribution of grain orientations and of misorientations. These two distributions
remain essentially unchanged despite the large dynamic range of the data—the number of
grains decreases by more than one half. Thus, we can conclude that not only do grains
in the various texture components disappear at about the same relative rate, but also
the misorientations between surviving grains remain nearly constant. The only somewhat
noticeable changes in the area-weighted grain boundary distributions of Fig. 4.16 (a) are
the slight increase in frequency of interfaces with ϑ < 10° and the emergence of a small
peak near 35°. As we will see in the coming section, both effects are related to the growth
of grains in clusters of similarly oriented grains.
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4 Grain Growth in a Single-Phase Al-Mg Alloy

Similar to low-angle grain boundaries, cusps in the energy landscape at coincidence site
lattice (CSL) misorientations can lead to an increase in their population during thermo-
mechanical processing [253], and special properties, such as exceptionally high or extraor-
dinarily low mobilities, are often ascribed to these boundaries [100, 124, 135, 160, 254].
The most common experimentally observed CSL boundaries in Al alloys are Σ3{1 1 1},
Σ7{1 1 1} and Σ11{3 1 1} interfaces [100]. As revealed in Fig. 4.16 (b), however, no peaks
in frequency at these positions are observed. In fact, the populations of CSL boundaries are
in general much lower than one would predict even in a material with randomly oriented
grains. One exception is the frequency of Σ13a boundaries, but their fraction still much
lower than expected for specimens with Cube texture.9 Garbacz and Grabski [255] report
fractions of Σ13 boundaries near 5% for Cube-textured materials, whereas fewer than 1%
of the grain boundaries in the present sample manifest Σ13 character. Thus, for the Al-Mg
specimen under investigation, we may infer that the influence of CSL boundaries on grain
growth is insignificant, especially when compared to the considerable fraction of low-angle
grain boundaries.

4.4 Discussion

The standard theory of texture-induced abnormal grain growth was explained briefly in
Section 2.2.3. This model predicts a higher growth (or shrinkage) rate for a grain when
its crystallographic orientation deviates from that of the dominant texture component(s).
Moreover, if the size of such a “deviant” grain is greater than the mean, then it is ex-
pected to grow abnormally, since its growth advantage is sustainable and self reinforcing.
Two examples of grains that fulfill the prerequisites for abnormal growth are considered
below, after which the findings are generalized and, finally, modifications/extensions of the
conventional texture-induced model for abnormal grain growth are discussed.

4.4.1 Excursions into the abnormal

Case I: The abnormal shrinkage of grain 661

The yellow grain in Fig. 4.17, given the label 661 during tracking, has a crystallographic
orientation substantially different from that of its neighbors, which, for the most part,
belong to the near Cube texture components of the Al-1wt% Mg specimen. Before the
initial 400 ℃ anneal, this grain is also quite a bit larger than the average grain size (R661 =
1.6〈R〉). Thus, according to the texture-induced abnormal growth model, this grain should
grow rapidly and consume its neighbors, which are essentially pinned by their low-energy
grain boundaries. But exactly the opposite behavior is observed. After 30 minutes grain
661 has shrunk slightly to a relative size of 1.5〈R〉. Upon further annealing the negative
growth rate is amplified, and grain 661 vanishes completely sometime before the end of the
next 30-minute heat treatment.

The pole figures on the right-hand side of Fig. 4.17 demonstrate just how markedly the
orientation of grain 661 differs from the orientation of all of its neighbors. The 2D cross
sections through the cylindrical specimen at grain 661’s center of mass give the impression

9CSL boundaries with a 〈1 0 0〉 misorientation axis include Σ5, Σ13a, Σ17a and Σ25a boundaries. Of
these, the Σ13a boundary has the lowest misorientation angle (22.62°). Thus, a higher fraction of
Σ13a boundaries is expected in materials with Cube texture, for which the 〈1 0 0〉 misorientation axis is
prevalent between neighboring grains.
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Figure 4.17: Case I: The evolution of the yellow grain 661 is tracked during annealing at 400 ℃
from (a) 0 min to (b) 30 min and finally (c) 60 min. For each time step a 3D map of the grains
surrounding grain 661 is shown on the left next to a 2D cross section through the yellow grain’s center
of mass in the middle column. On the right-hand side, {1 0 0} pole figures show the orientation of
grain 661 in relation to all of its direct neighbors. (Orientations of the grains that are present in
the current time step and either were or will become nearest neighbors are shaded gray in the pole
figure.) After 60 minutes grain 661 has completely vanished, despite being larger than the mean
grain size at the beginning. An artifact of the reconstruction and tracking algorithms—a missing
grain—is seen in the upper right-hand corner of the 2D cross sections.
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4 Grain Growth in a Single-Phase Al-Mg Alloy

Table 4.1: Some characteristic values for grain 661.

time (min) R∆R
∆t (µm2/min) R/〈R〉 F R/〈Rnn〉 R/〈Rnn〉area 〈ϑnn〉 〈ϑnn〉area

0 1.63 22 1.22 1.02 52.6° 54.1°
30 -206 1.51 16 0.97 0.71 52.9° 54.9°

that this grain should grow. In these images the grain appears larger than its neighbors and
its grain boundaries are curved outward. Only with 3D reconstructions does the full story
of what happened to grain 661 become evident. Our yellow grain of interest is bounded
on its upper border by a large bluish grain, which is more than twice the size of grain
661. As annealing proceeds, the interface between these two grains becomes larger. At this
boundary, the bluish grain, thanks to its larger relative size, has a local growth advantage
and is able to push its way through grain 661, consuming the majority (71.2%) of the
yellow grain’s volume.

Although the boundaries of grain 661 do migrate at an elevated rate—consistent with
the mechanism of texture-induced abnormal grain growth—no comparisons of this grain’s
properties with global averages (grain size, number of faces or texture) are able to foretell
its ultimate demise. Obviously, these global values do not adequately represent the local
environment of grain 661, as assumed by mean-field models. If, on the other hand, we
compare the size of grain 661 to the mean radius of its direct neighbors 〈Rnn〉, the effect of
having adjacent crystallites larger than our grain of interest becomes evident by a reduction
in the normalized size. Initially, R661 = 1.22〈Rnn〉 before dropping to just 0.97〈Rnn〉 after
the first 30-minute anneal. This effect is more convincing when the size of grain 661’s
neighbors are weighted by their contact (grain boundary) area. The area-weighted mean
neighbor radius can be calculated as

〈Rnn〉area =
∑
AGB
i Ri∑
AGB
i

. (4.5)

Similarly, the area-weighted average misorientation angle is defined as

〈ϑnn〉area =
∑
AGB
i ϑi∑
AGB
i

. (4.6)

The different normalizations of grain 661’s radius are summarized in Table 4.1 along with
values for the mean misorientation to its nearest neighbors. In light of these local averages,
the decline of grain 661 is less surprising.

This example emphasizes the importance of considering a grain’s local environment when
predicting its coarsening behavior. Although a simple comparison of migration rates be-
tween the low and high-angle boundaries of this grain is not possible (since grain 661 has
only high-angle grain boundaries), the high shrinkage rate is at least consistent with the
assumption that boundaries between highly misoriented grains are very mobile.

One final piece of insight to be gleaned from the abnormal evolution of grain 661 is the
inadequacy, and even deceptiveness, of using 2D cross sections to analyze the inherently
3D phenomenon of grain growth. 2D cross sections often give a false impression of which
grains will grow and which will shrink. To truly understand microstructural coarsening,
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Table 4.2: Characteristic values for grain 1017.

time (min) R∆R
∆t (µm2/min) R/〈R〉 F R/〈Rnn〉 R/〈Rnn〉area 〈ϑnn〉 〈ϑnn〉area

0 2.63 36 2.34 1.47 32.0° 20.8°
30 401 3.15 36 2.38 1.38 32.9° 20.2°
60 515 3.50 42 2.67 1.49 31.9° 20.4°
90 4.24 47 2.92 1.80 32.3° 21.9°

3D characterization is indispensable.

Case II: The abnormal growth of grain 1017

The second grain that we will examine in detail is one of the fastest growing grains in
the entire Al-Mg specimen. The highest two points along the vertical axis in Fig. 4.7 (b)
both belong to grain 1017, which grows much faster than the Hillert fit predicts for a grain
of its size. The evolution of grain 1017 can be seen in Fig. 4.18, and although it should
be colored light green according to its orientation, in the 3D view, as well as in the 2D
cross sections, our grain of interest is given a red shading to differentiate it from similarly
oriented neighbors. Pole figures also display grain 1017’s orientation relative to the rolling
and transverse directions of the specimen, and it is plain to see that grain 1017 does not
belong to the dominant near-Cube texture components.

Like grain 661 above, grain 1017 is initially larger than the mean grain size (R1017 =
2.6〈R〉) of the specimen. Grain 1017 also has a neighbor even larger than itself—by a
factor of at least 1.4. (The larger neighboring grain is not completely contained within
the illuminated sample volume and thus the exact factor is unknown.) Unlike the previous
case, however, the large neighboring grain here has an orientation very close to that of
the grain of interest. The misorientation between grain 661 and the large bluish neighbor
that consumes it was 60.5°, while the misorientation between grain 1017 and its neighbor
of greater relative size is only 4°. Consequently, the boundary between the latter grains
is most certainly a low-energy grain boundary, which means that the driving force for its
migration should be small. Examination of this interface (seen in the 2D cross sections of
Fig. 4.18 on the lower right side of grain 1017) verifies that it is essentially stationary over
the entire course of the 400 ℃ heat treatment.

Values summarizing the size and local neighborhood of grain 1017 are given in Table 4.2.
Although the mean misorientation to its neighbors is not exceptionally large—according
to the Mackenzie distribution [93] a value of about 42° would be expected on average for
a grain with randomly oriented neighbors—grain 1017 still manages to grow at a highly
accelerated rate. The area-weighted mean misorientation is substantially less than the
simple number average, confirming that this grain shares large boundaries with similarly
oriented grains.

To understand exactly how grain 1017 increases its size so dramatically, it is necessary
to examine the migration of individual grain boundaries. In the cross sections of Fig. 4.18
it is apparent that not only does the interface on grain 1017’s lower right remain rather
stationary, but so do all boundaries with light green-shaded neighbors. On the other hand,
boundaries between the grain of interest and its bluish/purplish neighbors on the upper side
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Figure 4.18: Case II: The evolution of grain 1017 is tracked across the annealing intervals of (a)
0 min, (b) 30 min, (c) 60 min and (d) 90 min at 400 ℃. Grain 1017 is shaded red in the 3D images
on the left and given red stripes in the 2D cross sections to separate it from its similarly colored
neighbors. The {1 0 0} pole figures on the right show how close the orientations of the greenish
grains are to each other. Here, again, the orientation of grain 1017 is identified by the red outline.
(Orientations of the grains that are present in the current time step and either were or will become
nearest neighbors are shaded gray in the pole figure.)

72



4.4 Discussion

0°

20°

40°

60°a) b) c)

60 min 90 min

Figure 4.19: Visualization of the exchanged volume ∆V . Cross sections through grain 1017 are
shown at the (a) 60-minute and (b) 90-minute annealing marks. (c) The individual voxels that
changed grain assignment from time steps (a) to (b) are colored according to the misorientation
angle from their previous to current orientation. The non-zero voxels represent the volume swept
by migrating grain boundaries and will be referred to as the exchanged volume ∆V .

migrate rapidly as grain 1017 expands in this direction. Figure 4.19 displays this aspect
in greater detail. Cross sections through grain 1017 before and after the final 30-minute
anneal are reproduced in Figs. 4.19 (a,b), and the corresponding change in orientation
between the two time steps is shown in Fig. 4.19 (c). If the orientation of a voxel does not
change between the 60 and 90-minute measurements, it is colored black in this mapping.
We see here that grain 1017 grows almost exclusively at the cost of its high-misorientation
neighbors.

The distribution of grain 1017’s boundary area as a function of misorientation is plotted
in red in Fig. 4.20 (a). The height of each bar represents the total area of grain 1017’s
boundaries that fall within each 1° bin, as determined from the 3D reconstruction at the
60-minute annealing mark. At this time step there are 42 total boundaries but only 22
bins with nonzero areas. Obviously, some bins contain more than one grain boundary. A
similar distribution is plotted in blue for all voxels that are either added to or subtracted
from grain 1017 during the subsequent 30-minute anneal—i.e., the voxels whose atoms
have taken on a new crystallographic orientation. These voxels are extracted from the
before-and-after 3D reconstructions by applying an XOR filter and then calculating their
relative misorientation from one time step to the next. Knowing the voxel size (a cube
with side length 5µm), we can calculate a volume in µm3. This quantity will be referred
to henceforth as the exchanged volume and given the symbol ∆V .10

Taking the quotient on a bin-by-bin basis of the two histograms (∆V/AGB) in Fig. 4.20 (a)
and dividing by the annealing interval of 30 minutes, we obtain an estimate for the average
grain boundary velocity 〈vGB〉 as a function of ϑ for the interfaces of grain 1017. These
values are approximate, depending not only on the binning but also on neighbor switching
events, among other effects. Nevertheless, the bar graph of 〈vGB〉 in Fig. 4.20 (b) clearly
displays larger migration rates for grain 1017’s high-angle grain boundaries.

Although grain 1017 and grain 661 were initially both larger than average, their evolution
could hardly be more dissimilar. It appears that the deciding difference between these two
crystallites is the makeup of their local neighborhoods. While grain 661 was completely
isolated in terms of crystallographic orientation, a large fraction of grain 1017’s perimeter

10Regardless of whether a given grain grows or shrinks, all voxels that change orientation contribute posi-
tively to the count of ∆V .
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Figure 4.20: Average grain boundary velocities for grain 1017. (a) Grain 1017’s boundary area and
exchanged volume are calculated for the final annealing interval and indexed to the corresponding
misorientation angle ϑ (1° bins). (b) Average values for the grain boundary velocity can be estimated
from the previous quantities.

is made up of very low-angle grain boundaries. Grain 1017 and its similarly oriented
light green neighbors operate almost as if they were a single unit, providing grain 1017 an
advantage when competing for the atoms of its high-misorientation neighbors, to which
grain 1017 effectively appears larger than it actually is.

4.4.2 Average grain boundary velocities

In both of the case studies above, high-angle grain boundaries tend to migrate more rapidly
than low-angle interfaces. But is this behavior generally true?

To answer this question an analysis of average boundary velocities similar to that of
Fig. 4.20 was performed for the entire irradiated sample volume and the results displayed
in Fig. 4.21. Frequencies of boundary area and exchanged volume are plotted against
misorientation angle in Fig. 4.21 (a) for the initial growth interval (from 0 to 30 minutes
at 400℃), and in the bar graphs of Fig. 4.21 (b) mean velocities, calculated per bin, are
given for all three annealing intervals. We see here that 〈vGB〉 initially increases with
misorientation angle, before reaching a plateau between 25–45°. Somewhat surprisingly,
the average velocity then drops back to values comparable to those of low-angle grain
boundaries as misorientation increases further.

Most models of grain boundary energy (and by extension grain boundary velocity) as-
sume a constant value for general high-angle grain boundaries [108, 154, 256]. But recent
embedded atom simulation results reported by Olmstead et al. [116] show a bell curve,
somewhat similar in shape to the trend line plotted in Fig. 4.21 (b). To the knowledge
of the author, there are no current models that predict a drop in energy or velocity for
general high-angle grain boundaries above a misorientation of 45°.11 However, the results
presented here seem to confirm the conclusion in [116] that the high-angle grain boundary
energy cannot be treated as a single-valued parameter.
11Peaks in boundary migration rates near ϑ = 40° have been reported for Al and other fcc materials, as

summarized by Humphreys and Hatherly [11], but these observations are connected to specific misori-
entations, which most often correspond to particular CSL relations (e.g., 40° 〈1 1 1〉 ≈ Σ7). However, I
have not found any literature detailing a peak in boundary migration rates for general high-angle grain
boundaries, although the Ni grain boundary energies simulated by Olmsted et al. seem to show a peak
at ϑ = 40° (cf. Fig. 2 in [116]).
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Figure 4.21: Average grain boundary velocities for all grains. (a) Normalized histograms of
boundary area and exchanged volume for the initial microstructure allow for a direct comparison
of the two quantities. At misorientation angles where the blue volume bars extend beyond the red
area bars, we expect to find the highest boundary velocities. (b) 〈vGB〉 takes on a similar shape
across all annealing intervals, with the highest values forming somewhat of a plateau at about
1µm/min between 25° – 45°. Average values for each of the 2° bins are displayed as black diamonds
with a spline fit connecting them. Artifacts in the reconstruction and discrete time sampling are
responsible for the apparent peaks at the lowest and highest misorientation angles.

At the extreme ends of the velocity plot in Fig. 4.21 (b), there appear to be two spikes in
magnitude. Segmentation artifacts at the boundary of similarly oriented contiguous grains
is responsible for spurious exchanges of volume that are then converted into systematic
larger values of 〈vGB〉 for the lowest misorientation angles (see Fig. 3.10). The origin
of the apparent spike at the highest value of ϑ is not immediately obvious. The cause
appears also to be primarily an artifact—this time an effect of the discrete sampling of
the microstructure. During annealing, some of the faster growing grains can grow through
several layers of neighboring grains, i.e., they consume parts or all of grains with which
they had no contact in the previous grain mapping. This leads to a misrepresentation of
AGB, which, in the extreme case, can be zero. On the other hand, as long as a voxel is
indexed in both time steps before and after the annealing interval, there is always a finite
value for the exchanged volume ∆V . (An example of exactly this situation can be seen
in Fig. 4.20 (a) near ϑ = 50°.) This error should average out when many grain pairs for a
given misorientation angle are present in the analysis; however, very few boundaries go into
the calculation of 〈vGB〉 at angles above 60°, leading to the large scatter and uncertainty
for the final data point of Fig. 4.21 (b).

Although an underrepresentation of CSL boundaries in this particular Al-1wt% Mg
sample has already been established, one might suspect—especially after seeing the peak
in 〈vGB〉 near 60° (the misorientation angle of Σ3 boundaries)—that the limited fraction
of such interfaces could still have an influence on the overall coarsening behavior. Thus,
for the sake of completeness, these boundaries are examined here, as well. In Fig. 4.22 (a)
the average grain-boundary velocities of the first seven lowest-indexed (and most common)
CSL boundaries are compared to the mean values for low and high-angle boundaries. From
this figure it appears that boundaries can be sorted into one of two populations: slow or
fast-moving interfaces. The Σ3, Σ11 and Σ13b boundaries are slow-moving interfaces that
migrate at about the same average speed as low-angle grain boundaries. On the other
hand, the Σ5, Σ7, Σ9 and Σ13a boundaries all migrate at higher average velocities, similar
to those of general high-angle grain boundaries. Since there are no distinct differences
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Figure 4.22: Velocities and relative fractions of CSL boundaries. (a) The average velocities of the
lowest-indexed CSL boundaries are compared to the mean values for general low and high-angle
grain boundaries (LAGB and HAGB, respectively). From this plot interfaces are classified either as
slow (〈vGB〉 < 0.5µm/min) or fast (the rest) moving boundaries. Population-specific bar graphs of
(b) grain boundary area and (c) exchanged volume—shown in higher magnification in (d)—reveal
the small relative fractions of CSL boundaries present in the Al-1wt% Mg specimen. Average
velocities from all time steps are included in this analysis. The colors assigned to the different
Σ-values in (a) are used consistently in the remaining bar graphs.

in velocity compared to the majority populations of low and high-angle grain boundaries,
CSL interfaces should not significantly affect coarsening behavior.

A look at the relative fractions of boundary area (Fig. 4.22 (b)) and exchanged volume
(Fig. 4.22 (c)) reinforces the insignificance of CSL boundaries: their fractions in both bar
diagrams pale in comparison to those of the low and general high-angle grain boundaries.
In the end, including CSL interfaces in the grain boundary velocity analysis marginally in-
creases the population of slow-moving boundaries, since the Σ3, Σ11 and Σ13b interfaces,
owing to their misorientation angles greater than 20°, would otherwise be grouped with
high-angle grain boundaries. Furthermore, on an individual grain level, a detailed exam-
ination of the boundaries surrounding grains 661 and 1017 (case studies I and II above)
reveals that none of the exceptionally fast-moving boundaries manifest CSL character. The
fact that grain 661 was consumed by a neighbor with a misorientation angle of approx-
imately 60° appears to be merely coincidental; moreover, from the 〈vGB〉 data presented
here we would not expect a Σ3 boundary to migrate rapidly.
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Figure 4.23: Clustering of grains with similar crystallographic orientations. In these three or-
thogonal sections, grains are colored according to the texture component to which they belong (see
Fig. 4.15). The intersecting lines in each section indicate the position of the other two slices. These
sections through the microstructure at the beginning of the 400℃ anneal were chosen to reveal the
positions of grains 661 and 1017, which were investigated in detail above.

4.4.3 Spatial clustering of grains

The reader may have noticed in the various cross sections above (Figs. 4.17 – 4.19) that
grains of like color are often found in close proximity to each other. By applying the
texture component-based coloring scheme—developed for the Rodrigues plots of Fig. 4.15—
to spatial grain mappings, the clustering of like-oriented grains becomes even more evident.
Three orthogonal sections through the initial microstructure are shown in Fig. 4.23. The
high spatial correlation between grains of similar orientation is perhaps most clearly visible
in the yz-section. Here, we observe a separation of the two near-Cube orientations along
the z-axis of the cylindrical specimen. (The z-axis is parallel to the rolling direction.) On
the right-hand side of the yz-section, the dark blue grains located along the center line are
gradually replaced by lighter blue and magenta crystallites as we move radially outwards
to the right. This behavior is mirrored on the left-hand side; near the center we observe a
high frequency of dark purple grains, which give way to lighter purple and green grains at
the left edge of the sample.

To further investigate the inhomogeneous radial distribution of grain orientations, the
rotation angle (relative to the ideal Cube texture) of individual grains is plotted against
the distance of each grain’s center of mass from the sample’s z-axis in Fig. 4.24 (a). The
points of the resulting scatter plot are colored according to the same texture component-
based coloring scheme as in Fig. 4.23. Since the volume of a cylinder increases linearly with
the square of its radius, the specimen radius squared is used to define the horizontal axis.
Therefore, each interval of given length along the horizontal axis represents an equal volume
of sample, and, assuming a uniform distribution of grain sizes throughout the sample, the
number of grains in each interval should also be approximately equal. As expected from
the cross sections above, we observe an increase in the average rotation angle from 12°
near the specimen center to 27° at its outer edge. Using color to represent frequency, the
bivariate frequency plot (Fig. 4.24 (b)) overcomes the ambiguity of overlapping points in
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Figure 4.24: Radial distribution of grain rotation angles in the initial microstructure. (a) The
angle of rotation between the ideal Cube orientation and each grain’s experimentally determined
orientation is plotted as a function of the grain’s radial position. Each dot in this plot represents
a single grain, the texture component of which is identified by its color. The red line connects
average values calculated at intervals marked by red x’s. (b) Maxima in frequency are more clearly
visualized in a bivariant frequency plot of the same data. In both plots the square of the specimen
radius is used to define the horizontal axis so that the volume increases linearly.

the scatter plot, thereby displaying some trends in the data more clearly.

This nonrandom spatial distribution of similarly oriented grains is undoubtedly related
to the specimen’s processing history. Face-centered cubic metals with moderate to high
stacking fault energies, such as Al, deform by slip, and the high (plane) straining that oc-
curs during cold rolling commonly leads to large bands of similarly oriented material [11].
Familiar deformation textures in Al alloys are the so-called Copper, Brass and S textures
[251]. Although none of these textures were observed in our recrystallized Al-1wt% Mg
specimen, the microstructure of the deformed state appears, nevertheless, to have been
retained to some degree even after recrystallization through the clustering of grains with
similar orientations in the bands or cells of the previously deformed material. Such obser-
vations are not unusual in recrystallized metals, and the causes are assumed to be related
to inhomogeneous distributions of strain energy as well as to preferential nucleation and
growth of recrystallized grains inside deformation bands or at their boundaries [11, 257].

Regardless of its precise origin, the clustering of like-oriented grains has a noticeable
impact on the distribution and migration of grain boundaries. To establish the spatial
extent of any particular grain cluster, we can make use of the texture components defined
in Section 4.3. Grains that are in direct contact with each other and belong to the same
texture component belong to the same grain cluster. Consequently, the boundaries between
grains of the same cluster are almost exclusively low-angle boundaries, while most high-
angle grain boundaries are found at borders between clusters. With this definition of a grain
cluster, we can examine the migration of grain boundaries with respect to their classification
as either intra or inter-cluster boundaries. In Fig. 4.25, misorientation distributions of
exchanged volume as well as average velocities are displayed for both boundary types.
Given that the latter are made up of mostly low or mostly high-angle boundaries, it comes
as no surprise that inter-cluster boundaries migrate on average at about twice the speed of
intra-cluster boundaries. Inevitably then, we expect the microstructural coarsening in the
Al-Mg specimen to be dominated by the migration of high-angle, inter-cluster boundaries.
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Figure 4.25: Intra versus inter-cluster boundary migration. Grouping contiguous crystallites
of the same texture component into grain clusters, we compare the behavior of grain boundaries
that separate grains in the same cluster (intra-cluster boundaries) with those that define borders
between clusters (inter-cluster boundaries). Even though the total area of intra-cluster boundaries
outweighs that of inter-cluster boundaries (55% vs. 45%), significantly more volume is exchanged
across inter-cluster grain boundaries, as shown in the plots of (a) summed across all time steps.
Consequently, the average boundary velocities, displayed for individual annealing steps in (b), are
also considerably higher for inter-cluster boundaries.

4.4.4 On the mechanism of abnormal grain growth in textured materials

In the case studies presented at the beginning of this section, we saw that abnormal growth
and shrinkage occurred through the rapid migration of high-angle grain boundaries. We
then analyzed all boundaries of the specimen and found that high-angle grain boundaries
move on average about twice as fast as their low-angle counterparts, while also establishing
a lack of significance for the limited fraction of CSL boundaries. Finally, we determined
that grains of the same texture component are not randomly distributed throughout the
sample but tend to form clusters of similarly oriented grains.

The effects of clustering on grain growth kinetics are highlighted in the cross sections of
Fig. 4.26. By blending out the intra-cluster grain boundaries, an overarching network of
mostly high-angle boundaries becomes visible; and although the constituent grains of the
various clusters do coarsen upon annealing, the most significant microstructural changes
are associated with the migration of high-angle, inter-cluster grain boundaries. Several
CSL boundaries are also seen in these cross sections, but their only impact on coarsening
appears to be through the slightly retarded motion of Σ3 interfaces. Because a global
threshold was used to define each texture component in orientation space, it is possible
for clusters to meet at low-angle grain boundaries. These boundaries are colored black in
the right-hand column of Fig. 4.26 and, like the Σ3 interfaces, they appear to be rather
sluggish.

In the competitive process of grain growth, the clustering of similarly oriented grains
seems to result in a strength-in-numbers phenomenon, and grains that belong to a cluster
enjoy two advantages. First, owing to the reduced migration rates of low-angle grain
boundaries, the coarsening of grains inside clusters proceeds slowly. This means that the
internal grains of a cluster (even the very smallest) are able to survive longer than they
otherwise would if isolated, i.e., if located in a randomly oriented neighborhood. This effect
is sometimes referred to as orientation pinning [157], and it explains the low growth rates
for many of the grains in the Hillert plot (Fig. 4.7).
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Figure 4.26: Visualization of grain clustering. Grains on the left are colored according to their
respective texture component. On the right, all intra-cluster boundaries are blended out.
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Figure 4.27: Dihedral angles for a theoretical arrangement of grains at a triple junction. (a)
Assuming uniform boundary energies, equilibrium dihedral angles of 120° form at the triple junction
where grains G I, G II and G III intersect. (b) If the boundary energy between grains G I and G II
(γI,II) is lower than the energy of the other two boundaries, the dihedral angle opposite to the
low-energy grain boundary will open up to maintain equilibrium of interfacial tension at the triple
junction. In this case, boundary curvatures can flip direction, and grains G I and G II can grow
into G III despite both being individually smaller than grain G III.

The second advantage that grains of a cluster enjoy pertains to those on its outer perime-
ter. If two neighboring grains from the same grain cluster also form a contiguous boundary
with a third grain from a foreign cluster, the former can work together to overwhelm and
consume the third grain, even if it is bigger than either of the first two. A hypothetical
intersection of three grains at a triple junction is shown in Fig. 4.27. If the crystallographic
orientation of all three grains is random (Fig. 4.27 (a)), then the interfaces between each pair
of grains are, in all likelihood, general high-angle grain boundaries. Assuming a uniform
energy for such random high-angle grain boundaries, the tension applied by each boundary
at the triple junction is equal, and dihedral angles of 120° will form in equilibrium [4]. If,
however, grains G I and G II belong to the same grain cluster (Fig. 4.27 (b)), they have a
small misorientation, resulting in a low-energy grain boundary at their common interface.
To compensate for the lack of tension applied by this boundary to the triple junction, the
angle between boundaries G I-G III and G II-G III opens up, approaching 180° as γI,II goes
to zero. Consequently, the curvature of these two boundaries may—depending on the exact
energy and size ratios—flip direction, leading to the cooperative growth of grains G I and
G II. Close inspection of the cross sections of Fig. 4.26 does indeed reveal similar situations.

While 2D cross sections and 3D images of individual grains are helpful in visualizing
coarsening phenomena, they provide a limited glimpse into the evolution of the overall
microstructure. To better understand the effects of grain clustering on the general coars-
ening behavior, statistical evaluations of the slowest and fastest evolving grains in the
Al-1wt% Mg specimen are compared directly in Fig. 4.28; although segmentation issues
affect the determination of both grain and cluster boundaries, we can still gain valuable
insight from the trends found in these graphs. Both populations were extracted from the
Hillert plot of Fig. 4.7 by applying thresholds at the extreme limits of the plot. The slowest
evolving grains were selected as those growing or shrinking at an absolute velocity less than
1.6µm2/min, while the fastest evolving grains are those found outside the 90% prediction
bounds of the Hillert fit. These limits result in an equal number of grains (73) for both
populations.

As one would expect by now, the slowest evolving grains have fewer inter-cluster grain
boundaries—i.e., they are more likely located toward the interior of grain clusters—while
the opposite situation is observed for the fastest evolving grains. These trends are dis-
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Figure 4.28: Examination of the slowest and fastest-evolving grains in the Al-1wt% Mg speci-
men. (a) The slowest-evolving grains tend to have fewer inter-cluster grain boundaries, while (b)
the opposite is true of the population of fastest-evolving grains. Distributions of grain boundary
area AGB and exchanged volume ∆V are markedly different for the two populations. A single peak
at low misorientations is seen for (c) the slowest-evolving grains, while a bimodal distribution is
observed for (d) the fastest-moving grains. Consequently, average boundary velocities also differ
strongly. Other than a slight increase in 〈vGB〉 for mid-ranged misorientations, the average veloc-
ities associated with the boundaries of (e) the slowest-growing grains are very low and essentially
constant. Perhaps the few high-angle grain boundaries present in this population are pinned by the
preponderance of low-angle grain boundaries. (d) The fastest-evolving grains show higher average
velocities all around, but also a clear plateau at misorientation angles between 20° and 45°. The
shape of this distribution is similar to one for all grain boundaries (Fig. 4.21), likely because these
grains dominate the coarsening that occurred in the specimen.
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played graphically in the histograms of Figs. 4.28 (a, b). A few grains are found to have
a high fraction of inter-cluster boundaries but still remain quite stagnant. Detailed ex-
amination of these grains reveals that they are small surface grains with a small number
of neighbors. The pinning of grain boundaries at free surfaces is a known phenomenon
[229], which is apparently responsible for some of the low growth rates in this popula-
tion. In the graphs of grain boundary area and exchanged volume versus misorientation
(Figs. 4.28 (c, d)), the most obvious difference between the two populations are the peaks
in both AGB and ∆V for the fastest-evolving grains at misorientations between 20° to
45°. Because ∆V disproportionately outweighs the boundary area in this range, a peak
in the average boundary velocity derived from the ratio of ∆V to AGB is observed for the
population of fastest growing grains (Fig. 4.28 (f)). This plateau is similar in shape and
position to that of Fig. 4.21 (b)—which was determined from all grain boundaries in the
Al-1wt% Mg specimen—but somewhat more pronounced in magnitude. For the popu-
lation of fastest-evolving grains, boundaries with ϑ > 20° account for only about half of
the total area, yet 70% of the volume consumed or surrendered is exchanged across these
high-angle boundaries. Not all grains with high-angle boundaries evolve abnormally, but
those that do, do so through accelerated migration of high-misorientation interfaces.

Although an abnormally growing grain implies that at least some of its neighbors shrink
abnormally fast and vice versa, it is nevertheless interesting to examine the differences
between these two subsets of fastest-evolving grains. The entire population is comprised
of 73 grains,12 of which 12 grow and 61 shrink abnormally. The most definite difference is
grain size. Most abnormally growing grains are larger than their shrinking counterparts.
But the latter are still nearly all larger than average. In the range of normalized grain sizes
from 2.0 to 2.5, there are exactly five data points from abnormally growing and five from
abnormally shrinking grains. The primary difference between these grains is the average
misorientation with respect to their nearest neighbors. While the abnormally growing
grains share on average 50% of their total boundary area with similarly oriented grains
from the same texture component, rapidly shrinking grains have a much lower average
fraction of intra-cluster boundaries at only 27%. When averaged over all grains of both the
abnormally growing and the abnormally shrinking subsets, this relative difference in the
fraction of intra-cluster boundaries remains approximately the same. It seems that in order
to enjoy a sustainable growth advantage, grains must not only be large and have some high-
angle boundaries, but it also helps if they belong to a cluster of similarly oriented grains.
These observations lend further support to the strength-in-numbers hypothesis developed
above.

4.5 Concluding remarks on grain growth observed in single-phase Al-Mg

High-quality 3DXRD grain maps of an Al-1wt% Mg sample were obtained through the
iterative application of peak-finding and seed-refinement algorithms. These reconstructions
revealed the presence of a fairly strong Cube texture, which was subdivided into seven
separate components (Fig. 4.15). The grains of each component manifested a high spatial
correlation—except for those of the final component, which was populated by the few
randomly oriented grains in the sample. Consequently, grains of similar orientation were
found in clusters throughout the sample, and this clustering had a pronounced influence
on how the specimen coarsened. Grain boundaries located within clusters were nearly all
low-angle grain boundaries (ϑ < 20°), and they migrated at about half the average speed of
12It would be more accurate to speak of data points. Grains can show up twice, once for each time step.
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the grain boundaries that defined the border between neighboring clusters. This difference
in migration rate highlights the non-uniformity of grain boundary properties, and a full
analysis of average boundary velocity against misorientation angle (Fig. 4.21) revealed a
plateau of high boundary velocities at angles from 20° to 45°. The drop in average velocity
for interfaces with ϑ > 45° has not been observed previously, and it will be interesting
to see whether future experiments confirm the generality of this result, or if it is instead
connected to this particular specimen and/or its processing history.

Not surprisingly, Hillert’s normal grain growth model, which assumes uniform boundary
properties, does a poor job of predicting growth rates for individual grains. Several of the
largest grains in the sample grew much faster than expected according to Hillert, while other
grains—even some larger than the mean grain size—shrank very rapidly. This behavior was
caused by the abnormal growth and shrinkage of crystallites located at the outside edge of
grain clusters. Although abnormal grain growth is not uncommon in textured samples, it
is usually explained by the presence of highly mobile CSL grain boundaries and the growth
of one texture component at the expense of another [124, 154, 159, 160]; however, neither
of these two features were observed in the present study. Grains that grew abnormally
had three common traits: they were initially large (R > 2〈R〉), they expanded primarily
through the migration of high-angle inter-cluster boundaries, and they had large low-angle
intra-cluster boundaries. In contrast, grains that shrunk abnormally were typically isolated
in terms of orientation.

At the onset of this investigation the goal was to collect 3D experimental data of “ideal”
normal grain growth. Obviously, this objective was not achieved, and it is revealing to
consider what went wrong. The selection of Al-1wt% Mg as a good candidate material
was based on preliminary studies that established an optimized recrystallization treatment
and annealing temperature [12]. Relevant results from this earlier work were reproduced
in Figs. 1.2 and 1.3 of the introduction. Growth curves and grain size distributions were
derived from conventional 2D metallographic sections and displayed all the traits of normal
growth. The sample’s crystallographic texture, the clustering of similarly oriented grains
and the true distribution of grain shapes and sizes were not uncovered until the first 3DXRD
data sets were reconstructed. The discrepancy between 2D and 3D characterizations of
samples from not only the same alloy but also the same physical plate of cold-rolled Al-
1wt% Mg clearly emphasizes the necessity of studying the 3D phenomenon of grain growth
in 3D.
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5
Grain Rotations During Coarsening in a Semisolid Al-
Cu Alloy

Scientists studying coarsening in polycrystalline materials have long speculated that rigid-
body grain rotation may occur as an alternate path of coarsening in parallel to the stan-
dard mechanism of boundary migration through atomic diffusion. The rotation of isolated
spherical grains on single-crystalline substrates has previously demonstrated that the de-
pendence of grain boundary energy on misorientation can indeed drive rotations; however,
doubt has remained whether such rotations actually take place in bulk materials.

In this chapter three-dimensional x-ray diffraction (3DXRD) microscopy was employed
to study coarsening in a fully compact, semisolid Al-5 wt% Cu alloy. Not only were
significant grain rotations observed, but an evaluation of relative changes in misorientation
between low-angle grains revealed that these rotations are in fact biased by the reduction
of boundary energy. The results of this study—portions of which have been published in
Ref. [218]—emphasize the importance of including orientation information in coarsening
models of polycrystalline solids, particularly in the case of sintering.

5.1 Theory of energy-driven grain rotation

As explained in Chapter 2, the spatial extent of individual grains in a polycrystalline
specimen is determined by their crystallographic orientation, which changes discontinuously
upon crossing a boundary to an adjacent grain or phase. The boundaries between grains
form a network of total interfacial area AGB that spans the sample and raises its Gibbs
free energy by the amount

∆G = γAGB, (5.1)

where γ denotes the boundary energy per unit area. As a result, all polycrystalline ma-
terials find themselves away from thermodynamic equilibrium, since a reduction in AGB
or γ would take the sample into a state of lower free energy. One need only supply suffi-
cient thermal energy to witness the consequences of this thermodynamic instability: once
atomic diffusion sets in, the area term in Eq. (5.1) begins to decrease over time, as during
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d#
#

Figure 5.1: A spherical grain on a single-crystalline substrate of the same material. The hypothesis
originally proposed by Shewmon [258] states that the dependence of grain boundary energy on
misorientation ϑ can lead to a grain boundary torque and subsequent rotation dϑ of the spherical
crystallite in a direction that reduces the boundary energy.

the phenomena of grain growth [11, 15] and Ostwald ripening [170, 177]. In both of these
processes, atoms tend to diffuse from smaller to larger crystallites, resulting in the growth
of larger grains at the expense of their smaller neighbors. Each time one of the latter van-
ishes, the average volume of the remaining grains increases and the total boundary area
decreases, thereby reducing the sample’s free energy.

It is often assumed that γ is constant [16, 23, 25, 28, 54, 223, 225], in which case ∆G
varies linearly with AGB, making a reduction in AGB the only possible means of minimizing
the excess free energy. However, near low-angle and CSL grain boundaries γ is known to
depend strongly on the misorientation ϑ [18, 104], with deep cusps in the energy landscape
frequently appearing near such boundary configurations (see Section 2.1.2). In this case, a
second mechanism for reducing the Gibbs free energy is conceivable: namely, the rigid-body
rotation of entire grains to lower-energy boundary configurations.

In 1966 P.G. Shewmon was the first to consider grain rotations under the influence of
a grain boundary torque [258]. He envisioned that a spherical grain sintered to a planar
single-crystalline substrate of the same material—as depicted in Fig. 5.1—could rotate
about an axis in the boundary plane, lowering the free energy by

dG = AGB

(
dγ

dϑ

)
dϑ. (5.2)

Initial experiments confirming Shewmon’s hypothesis were performed a decade later by
Gleiter’s group in Saarbrücken [85]. Thousands of randomly oriented single-crystalline Cu
balls (~100 µm in diameter) were deposited onto single-crystalline Cu plates with surface
orientations matching either (1 0 0), (1 1 0) or (1 1 1) planes. The decorated plates were
then heated to 1060℃ for various times, and pole figures before and after annealing were
captured by XRD. Not only were the authors able to prove through these novel “ball-on-
plate” experiments that grains can rotate to reduce their boundary energy, but by analyzing
the maxima of the pole figures, they were also in a position to estimate the relative energies
of the observed CSL boundaries. (The lowest-energy boundaries presumably have the
deepest cusps in the energy landscape and are, accordingly, the most stable and most
frequently observed after grain rotation has ceased.)

In a later set of similar experiments, Chan and Balluffi were the first to directly observe
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the rotation of nanometer-sized Au spheres on a thin gold plate in a transmission electron
microscope [259, 260]. This study also provided insight into the mechanism behind such
grain rotations: tilting occurred by the climb of grain boundary dislocations and twisting by
the glide of screw dislocations. The most recent ball-on-plate experiments were performed
again with Cu spheres, using electron-backscatter diffraction (EBSD) to track orientational
changes of individual grains [261]. Interpretation of the rotation trajectories led to the
conclusion that the energy landscape is likely asymmetric, with possible shallow cusps
superimposed on deeper ones and flat-bottomed energy minima.

Although the above experiments provided validation that variations in the boundary en-
ergy landscape could indeed induce grain rotations, skepticism has remained whether this
phenomenon actually occurs in technically relevant bulk polycrystalline systems, in which
a given grain may have anywhere from 5 to 20 or more immediate neighbors [23, 262, 263].
Nevertheless, scientists studying both liquid-phase [264–266] and solid-state sintering [267–
269] have long speculated on the possibility of grain rotation-induced coalescence of crys-
talline particles, especially during the early stages of sintering, where particle rearrange-
ment and neck formation dominate the densification of more loosely packed green-body
compacts. The primary basis for this speculation was the observation of elongated, non-
equilibrium particle morphologies following sintering [264–266, 270]. However, researchers
were quick to admit the indirect nature of such evidence and acknowledged that the direct
observation of such rotations may not be feasible [264].

Recently, the arguments for boundary-induced rotations were bolstered by the first direct
3D tomographic observations of grain rotation taking place during the solid-state sintering
of Cu spheres, which were marked by pits etched with a focused ion beam [61]. To quantify
the motion of spherical particles in this study, Grupp et al. defined two modes of rearrange-
ment: rolling and rotation. Here, rolling was used to denote the revolution of one sphere
around the perimeter of another, while rotation described the revolution of a particle about
its own center of mass. The primary driving force for sintering loose powder compacts is
the reduction of excess free surface energy [268]. For this reason researchers imagined that
the rolling of particles to close pores and gaps between particles would be preferred to
rotations about a particle’s center, as the latter do not necessarily serve to reduce the free
surface area. Contrary to this assumption, however, Grupp et al. found the magnitude of
grains rotating about their centers to greatly outweigh that of grains rolling—on average
the difference was three times greater. The reduction of boundary energy at inter-particle
contacts was considered the most plausible explanation for the observed rotations. Even
so, the lack of crystallographic orientation information prevented a direct link from being
made.

The unique ability to capture both spatial and orientation data nondestructively makes
3DXRD microscopy ideally suited to assess the role that grain rotations play during the
sintering and coarsening of bulk, polycrystalline materials. Measured variations in grain
orientation provide a direct means for quantifying the rotation of individual grains. This
information, in combination with full 3D grain maps, allows us to detect correlations
between rotating grains and their local neighborhoods and draw conclusions regarding
the underlying mechanisms.
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Figure 5.2: Al-rich side of the equilibrium Al-Cu phase diagram. Typical microstructures are
illustrated for the different regions of the phase diagram at 5wt% Cu. The location of the liquidus
TL and solidus TS temperatures at this composition are also indicated. Phase boundaries are based
on the data of Ref. [277], and the figure was adapted from Ref. [182] with kind permission by
Thomas Werz.

5.2 Experimental details

5.2.1 Material selection and sample preparation

A unique combination of properties—low density, high strength, good ductility and cor-
rosion resistance—make aluminium alloys attractive for the automotive and aeronautic
industries [271–273]. The ability to produce Al alloys by powder metallurgy is especially
appealing, since it would simultaneously increase the ease of production while reducing
costs. However, Al has an extremely stable oxide, which makes conventional sintering of
Al powders problematic [271, 274]. To overcome this difficulty, a liquid phase is often em-
ployed that reacts with and disrupts the powder particles’ outer oxide shell. The presence
of a liquid phase has the additional advantage that higher densification can be achieved
in shorter sintering times [271, 275]. Possible additives for formation of a liquid phase in-
clude zinc, tin, magnesium, silicon and copper [274, 275]. Small amounts of Cu (< 5wt%)
can significantly increase the strength of pure Al through precipitation hardening [276],
and Al-Cu alloys are arguably the most extensively studied and certainly the most widely
produced powder metallurgical Al alloys [274]. For these reasons, Al-Cu was chosen as a
model system in which to investigate the role of grain rotation during processing in the
semisolid state.
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Figure 5.3: Two-phase Al-Cu microstructures. In situ x-ray micrographs of an Al-5wt% Cu alloy,
being cooled slowly through the semisolid region, demonstrate the distribution of liquid phase at
various volume fractions.

The aluminum-rich side of the Al-Cu phase diagram is depicted in Fig. 5.2. The low
solubility of Cu in the α-Al phase and the existence of a eutectic composition between Al
and the intermetallic θ phase (Al2Cu) at 54wt% are two important characteristics that
make liquid-phase sintering possible with this alloy [274, 278]. At a composition of 5wt%
Cu, the liquid phase begins to form in equilibrium at the temperature TS = 563 ℃ and
increases in fraction up to 100% at TL = 649 ℃. By varying the temperature in this range,
one can effectively set the volume fraction of the solid phase VV according to the lever
rule [276]. This effect is demonstrated in Fig. 5.3, which shows cross sections through a
cylindrical Al-5wt% Cu specimen that was slowly cooled from 630℃ to room temperature
while being scanned in situ at the Swiss Light Source (SLS) synchrotron radiation facility
[182]. Consequently, it is possible, with samples of the same alloy, to investigate the
influence of differing amounts of liquid phase on coarsening behavior and grain rotations.

Samples were provided by Dmitri Molodov of the Institute of Physical Metallurgy and
Metal Physics, RWTH Aachen. A high-purity Al-5wt% Cu melt was cast in an argon
atmosphere into a 17mm thick plate and subsequently homogenized for 24 hours at 500℃.
Following a thickness reduction of 50% via cold rolling, electric discharge machining was
employed to cut out small cylinders 1.4mm in diameter and 8mm in length. The longitu-
dinal axis of the samples was chosen to be parallel to the direction of rolling. After spark
erosion and before the start of coarsening experiments, the specimens were heat treated in
the semisolid state at 640℃ for 20 minutes. This final anneal was performed to recrystal-
lize the Al-rich grains, while also ensuring that they are adequately wetted. Preliminary
studies showed that this pretreatment reduced crystallographic texture in the samples as
well.
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Figure 5.4: Measurement and annealing procedures. (a) 10 layers of 3DXRD and 3 layers of CT
data (all with an overlap of 50µm) were captured at room temperature before/after each annealing
interval. (b) The sample S-70 was heat treated at 630 ℃ and scanned after cumulative annealing
times of 0, 10, 30 and 60 minutes. Sample S-82 was annealed at 619 ℃ and scanned at the 0, 10,
20, 30, 45 and 75-minute marks.

5.2.2 Data collection

Microstructural evolution in Al-5wt% Cu was investigated at two different volume fractions
of the solid phase (VV ). One specimen was annealed at 630 ℃ and a second at 619 ℃. A
modified lever rule described by Werz et al. [62] was used to determine volume fractions,
which were estimated to be VV = 0.70 at 630 ℃ and VV = 0.82 at 619 ℃. Using the
volume fraction to label the samples, I will refer to the respective specimens as S-70 and
S-82 henceforth.

To capture microstructural changes in these samples, nondestructive CT and 3DXRD
measurements were performed at the SPring-8 radiation facility in Japan. Beam settings
and detector arrangements were nearly identical to those described in Section 4.1.2, the
one exception being the additional collection of CT data.

During each measurement sequence, the same specimen volume was mapped first by CT
and then by 3DXRD. For both experimental techniques a parallel, monochromatic (32 keV)
box beam, with slight adjustments to its size and intensity, was used to irradiate the
samples. To limit the number of diffraction spots and thereby facilitate their unambiguous
assignment to individual grains, a reduced beam height is preferred when recording 3DXRD
data. This constraint is irrelevant for the collection of standard absorption-contrast images;
therefore, during CT scans, beam dimensions were set to the maximum values of 1.0mm
× 1.6mm (height × width). For each CT scan 1800 images were captured over 360° with a
high resolution (1µm) Hamamatsu CCD detector. As shown schematically in Fig. 5.4 (a),
three adjacent layers of CT data were recorded with an overlap of 50µm between layers.
The flux density for these scans was approximately 1012 photons/(s·mm2).

For the collection of 3DXRD data, the beam height was reduced to 300µm, while its
intensity was increased to 1013 photons/(s·mm2). Ten overlapping layers of both far-field
(Hamamatsu C7942CA-22 detector with 50µm pixel size) and near-field (Photron SA2
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detector with 4.56µm pixel size) diffraction data were recorded while continuously rotating
the specimen 360°. One image was captured per 0.48°, and the total specimen volume
indexed by 3DXRD was centered inside the volume captured by CT.

After the collection of both data sets, which took about three hours in total, the sample
was removed from the experimental hutch and annealed in a muffle furnace in air. The
duration of the individual anneals ranged from 10 to 30 minutes. Sample S-70 was annealed
three times in total: first for 10 minutes, then for 20 and finally for 30 minutes. Sample
S-82 was initially annealed three times for 10 minutes, followed by single 15 and 30-minute
anneals.1 Figure 5.4 (b) summarizes the heat treatment of samples, which were annealed
on top of brass stubs. To accelerate cooling, the base of the stubs were submerged in water
directly following their removal from the furnace. After annealing, samples were then
remounted in the experimental hutch, and the entire measurement sequence was repeated.
The procedures used to reconstruct, register and track grains from one time step to the
next are described in Section 3.3.

5.3 Microstructural evolution

The reconstructions of Fig. 5.5 exemplify the amount of coarsening that occurred during
annealing of Al-Cu samples. Just as with the 3DXRD reconstructions in Chapter 4, the
crystallographic orientation of each grain is encoded in its RGB color value; therefore,
grains of similar color have comparable crystallographic orientations. Because the spec-
imens were scanned at room temperature, the true extent of the liquid phase was not
captured. During heat treatment, however, it is safe to assume that most grains were
separated from their neighbors by a liquid layer (cf. Fig. 5.3). The remnants of the liquid
phase are visible in high-resolution CT but not typically resolved in 3DXRD reconstruc-
tions. Thus, grains in Fig. 5.5 appear to be in direct contact with each other. Also evident
in these reconstructions is the removal of grains from the top and bottom surfaces of the
cylindrical sample volume. These grains were not fully contained in the irradiated volume
of the specimen and were therefore removed from subsequent analyses.

5.3.1 Grain coarsening

Growth trajectories of 100 crystallites selected at random from samples S-70 and S-82 are
traced in Fig. 5.6 next to plots of their respective mean grain radii and total number of
grains. For sample S-70, the mean grain radius increases from 96µm to 113µm, while
the number of grains decreases from 682 to 418. Similarly, in sample S-82, the mean
radius grows from 99µm to 112µm, while the number of grains drops from 637 to 431.
Accordingly, the size and dynamic range of both data sets are more than adequate to ensure
a statistically significant evaluation.

When interpreting these growth data, one should bear in mind that grain sizes are ex-
aggerated since they are determined from room-temperature measurements; and although
mean grain sizes appear to be about the same in both samples, the grains of specimen
S-70 must be smaller on average when heated to 630℃, owing to the higher fraction of
liquid phase. We may assume, however, that the repeated heating and cooling does not

1During configuration and testing of the experimental setup, sample S-82 was annealed once at 619℃ for
10 minutes before the first set of data was recorded. Thus, the two specimens do not have the exact
same annealing history at the zero-minute mark of this study.
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30 min
at 630°C

500 μm

30 min
at 630°C

Figure 5.5: 3DXRD reconstructions of sample S-70. The size and distribution of grains is visible,
and since grain colors are related to crystallographic orientation, an estimate of texture is also
possible (cf. Fig. 4.3). The 3D microstructures of samples S-70 and S-82 appear qualitatively
similar on this scale. Grains at the top and bottom of the sample were not completely captured
and removed from the reconstructions.

introduce artifacts that significantly alter grain sizes between measurements. In other
words, a grain that (apparently) increases in size because of solidification during cooling,
returns to its previous size upon subsequent heating to the semisolid state. This is a safe
assumption since the samples spend little time in the single-phase region during heating
and cooling, which does not allow the Cu concentration to equilibrate. Instead, the higher
fraction of Cu in the liquid phase freezes to form a dendritic structure of α and θ phases
[62]. Thus, on the macro-scale, the distribution of Cu in the specimens remains essentially
the same, and upon subsequent annealing the liquid phase will form most readily at its
previous location. The smooth paths of the grain trajectories confirm this conjecture as
well. Consequently, relative changes in grain size from one time step to the next are useful
in describing coarsening kinetics.

From Fig. 5.6 (d) it appears that growth in sample S-82 was beginning to stagnate
after three successive 10-minute anneals, and increasing the annealing interval, first to 15
and then to 30 minutes, seems to have accelerated the coarsening rate. The underlying
cause of this behavior is most likely related to the transient effects associated with heating
and cooling, which can lower the effective annealing temperature when intervals are short.
Thus, the apparent acceleration in 〈R〉 for S-82 is more likely a return to the true coarsening
kinetics that would otherwise govern if the sample were held at 619 ℃ without interruption.
Such stagnation was not observed in sample S-70, probably because the annealing duration
was increased with each successive heat treatment.

Ostwald ripening [170, 177] is conventionally assumed to be the dominant mechanism
of coarsening during liquid-phase sintering. In 1961, Lifshitz, Slyozov and Wagner (LSW)
developed a theoretical model to describe Ostwald ripening [178, 179], and although the
LSW theory is valid only for vanishing volume fractions of the coarsening phase (VV → 0),
it is still the standard analytic model for coarsening in two-phase systems, and it serves as
a standard against which the present experimental data can be compared.

Growth rates calculated for the grains of samples S-70 and S-82 are plotted in Fig. 5.7
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Figure 5.6: Coarsening in samples S-70 (red) and S-82 (blue). Growth trajectories are plotted for
100 grains chosen at random from (a) S-70 and (c) S-82. The evolution of the mean grain radius
and number of grains is also given for (b) S-70 and (d) S-82.

against their normalized sizes. Fits of Eq. (2.20) to both data sets indicate that coarsening
occurs about 1.6 times faster in S-70 than S-82. For both experiments, however, the
straight-line fits do not appear to accurately model the dependence of growth rate on grain
size. Contrary to the prediction of LSW, there is an upward curvature to the cloud of
data points for both samples. Furthermore, the LSW theory predicts an upper limit of
1.5 for the distribution of normalized grain sizes. Obviously, there are many grains larger
than this value in both specimens. Qualitatively similar deviations have been observed in
experiments [62] and simulations [180, 279] for Ostwald ripening at higher volume fractions
of the coarsening phase.

5.3.2 Grain rotation

Making use of the orientation data inherent to the 3DXRD technique, we can follow changes
in grain orientation between annealing intervals, just as we did with the grain size. After
a global registration of the data sets, any change in a particular grain’s crystallographic
orientation between time steps represents a rigid-body rotation of the grain that must have
occurred during annealing.

To distinguish clearly between the similar quantities of rotation, orientation and misori-
entation, it is worthwhile to define the specific symbols that will be used to denote these
quantities in this chapter. The orientation of any crystalline grain is given by the transfor-

93



5 Grain Rotations During Coarsening in a Semisolid Al-Cu Alloy

0 0.5 1 1.5 2
-3

-2

-1

0

1

2

3 104

R/hRi

R
2
�

R
/�

t
(μ

m
3 /m

in
)

KS70

KS82 = 8.85×103 (μm3/min)
= 1.46×104 (μm3/min)

S-70
S-82

Figure 5.7: Growth rates vs. normalized grain size. According to the LSW theory, coarsening
rates scaled by the grain size squared should display a linear relation when plotted against the
normalized grain size. The actual scatter plots of R2∆R/∆t against R/〈R〉 show a large amount
of scatter and a slight upward curvature for both Al-Cu specimens. Fits of Eq. (2.20) to the data
points indicate that the grains of sample S-70 coarsen on average slightly faster than do those of
S-82.

mation required to rotate the axes of a reference coordinate system into the unit cell axes
of the grain. In the axis-angle representation, the rotation angle of such a transformation is
denoted by the symbol θ, which is inherently greater than or equal to zero. Grain rotations
are determined by calculating changes in grain orientation from an earlier time step tn−1 to
the next tn and can also be described in axis-angle notation, but in this case the symbol ∆θ
is used to denote the (usually small) rotation angle. Again, this quantity is nonnegative.
In a similar manner, the misorientation between two grains can be described as a rotation
of the unit cell axes of one grain into those of the other. To distinguish orientation and
misorientation relations, the latter are denoted by the rotation angle ϑ and changes in
misorientation by δϑ = ϑ(tn) − ϑ(tn−1). Unlike ∆θ, the quantity δϑ can take on positive
or negative values.

The rotation ∆θ (in degrees) from time step to time step for each grain in samples
S-70 and S-82 is plotted against annealing time in Fig. 5.8 (a). All trajectories begin at
zero, and, after each annealing step, ∆θ is calculated relative to a grain’s alignment at
the end of the previous anneal, i.e., the current orientation θtn is always compared to the
previous θtn−1 . Thus, a grain that rotates during the first annealing step and then retains
exactly this new orientation following the next annealing interval, would have a trajectory
with an initial positive slope that subsequently returns to zero. Careful inspection of the
measured rotation trajectories, however, reveals that such stoppages in rotation rarely
occur. Typically, a grain that begins to rotate continues rotating upon further annealing,
often even accelerating.

Fluctuations in the measured grain orientations of a third, single-phase Al-1wt% Mg
sample (from Chapter 4) are also plotted in Fig. 5.8 (a) as the green rotation trajectories.
This sample was scanned during the same beamtime with identical parameters for the
3DXRD experimental setup, and the same algorithms were used for its reconstruction,
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Figure 5.8: Trajectories and distributions of orientation changes. (a) Grain rotation trajectories,
which are generated by plotting a grain’s relative change in orientation ∆θ after each heat treatment,
show rotations up to 12°. The green trajectories, labelled S-100, are from the single-phase Al-
1wt% Mg sample discussed in Chapter 4; they provide a measure of the experimental accuracy. (b)
Empirical probability densities of ∆θ for all three samples reveal that the majority of rotations in
the semisolid specimens S-82 and S-70 lie well above the experimental uncertainty.

registration and analysis. The grains of the Al-1wt% Mg specimen (referred to as S-100,
meaning 100% solid) are, however, not expected to actually rotate during annealing, since:
(1) there is no liquid phase, (2) the grains are relatively large (R ∼ 100µm) and (3) it
was annealed at a moderate temperature of 400 ℃ (about 72% the melting temperature)
[280, 281]. Thus, variations in grain orientation observed in this sample represent a measure
for the accuracy with which crystallographic orientation can be determined repeatedly
during ex situ annealing experiments. The median ∆θ measured for S-100 was 0.06°,
marked by the green vertical line in Fig. 5.8 (b). In this figure the experimental probability
density of ∆θ is plotted with the help of a normal kernel density estimator, and it is evident
that the vast majority of rotations in both semisolid samples are substantially larger than
the 0.06° detection limit. The median rotation is 0.17° for S-82 and 0.37° for S-70. Shaded
in light blue and light red is the fraction of total rotations less than 0.06° in these two
specimens. At values of ∆θ higher than 0.06°, the possibility of measuring a false rotation,
i.e., a non-zero ∆θ for a grain that did not rotate, decreases rapidly, and we can confidently
conclude that the majority of grain rotations observed in S-82 and S-70 are indeed true
rotations.

To determine if measured rotations are greater than the experimental uncertainty, one
must examine their absolute magnitude, but the better quantity with which to compare
rotations between samples is the rate of rotation, since this quantity compensates for
variations in the duration of the annealing intervals. The rotation trajectories above are,
therefore, displayed again in Fig. 5.9 (a) as rotation rates. The trajectories of sample S-82,
which initially underwent three short 10-minute anneals, are consequently magnified in
this plot. By summing each rotation (as a rate) from smallest to largest, we obtain the
cumulative probability functions of Fig. 5.9 (b). This graph shows a clear increase in the
rate of grain rotation with greater amount of liquid phase.

We can also compare the rate of rotation to the normalized grain size as shown in
Fig. 5.10. For both samples, there is somewhat of a constant background, seen as the
horizontal cloud of points across all grain sizes. As expected, these so-called background
rotations are somewhat greater for sample S-70, the sample with the more liquid phase. If,
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Figure 5.9: Grain rotation rates. (a) Plotting ∆θ/∆t against annealing time normalizes differences
in the duration of annealing intervals and helps to isolate the effects of the volume fraction on grain
rotation. (b) The increase in rotation rate with the amount of liquid phase is clearly visible in the
cumulative probability distributions of ∆θ/∆t.
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Figure 5.10: Rotation rates vs. normalized grain size. There appears to be a constant level of
background rotations that are independent of R/〈R〉 but increase with the amount of liquid phase.
For values that deviate from this background, an inverse relationship exists between rotation rate
and grain size.

however, we focus on the data points that deviate from the background level (above about
0.1°/min), we recognize that the vast majority of larger rotations is associated with grains
that are smaller than the mean size. Apparently, a large rotation is more likely to occur
the smaller a grain is. This inverse relation is not entirely unexpected—smaller grains have
fewer direct neighbors to constrain their motion, are more spherical and typically have more
liquid phase in their immediate vicinity [182]. These are all factors that encourage larger-
than-average rotations. A detailed comparison of Fig. 5.9 (a) and Fig. 5.10 reveals that
small grains experience a large rotation just before they cease to exist. Trajectories that
terminate prematurely represent grains that have vanished from the sample. The largest
three trajectories of sample S-70 correspond to the highest three red dots in Fig. 5.10; the
associated grains were no longer present in the sample after the next 30-minute anneal.
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5.4 On the mechanisms of grain rotation

5.4.1 Directed grain rotations

To shed light on the physical mechanisms behind the observed rotations, we begin by
examining how grains rotate relative to their immediate neighbors. If gradients in grain
boundary energy are responsible for rotations, then we can expect to find changes in mis-
orientation (δϑ) that correspond to reductions in γ. The interfacial energy at the boundary
between crystalline grains is a complex function of temperature, chemistry, orientation and
the exact character of the interface [18]; surprisingly, although the topic represents a hot
area of current research in materials science [95, 116, 118, 134, 282–285], there is no ac-
cepted model with which to estimate γ directly. The one notable exception is the deep
cusp in energy at low-angle (Σ1) boundaries, for which the analytic Read-Shockley dislo-
cation model [104] is generally accepted and found to agree well with experimental data
(see Section 2.1.2). Gradients in boundary energy also exist near some special twist and
tilt boundaries [94, 96], and the former could certainly induce grain rotations in our sam-
ples, as well. But the exact shape (width and depth) of such cusps is not well understood,
and some may even disappear completely at elevated temperatures [18, 94, 95, 261]. The
following discussion is, therefore, limited to an analysis of grain rotations near low-angle
boundaries.2

An example of a grain that undergoes a large rotation and also has a low-misorientation
neighbor is displayed in Fig. 5.11. During the final 30-minute anneal of specimen S-70,
the lower grain of the two depicted in this image rotates by 5.4°, thereby reducing its
misorientation with respect to the upper grain by 2.7°. It seems likely that a reduction
in boundary energy was at least partially responsible for this rotation. The plausibility
of this explanation, however, hinges on the presence of a solid/solid interface between the
two grains, since a liquid layer would effectively neutralize any dependence of γ on ϑ.
In other words, two grains must first come into contact with each other before they can
experience a rotational torque. A “dry” boundary can form when the excess energy of the
solid-solid interface is smaller than the energy required for two solid-liquid interfaces. The
CT micrograph in Fig. 5.11 (c) reveals the distribution of the Cu-rich phase at the shared
boundary. The Cu-rich phase, which appears light gray to white in this image, decorates
most of the boundaries. The boundary denoted by red arrows is the common boundary
between the two green grains shown in Fig. 5.11 (a,b) and is only partially delineated by
the solidified liquid phase. Although not completely conclusive (because the CT data were
captured at room temperature and not 630 ℃), it is certainly plausible that the two grains
remained in contact upon heating and the reduction in boundary energy influenced the
rotation.

To substantiate the conjecture that the gradient in boundary energy near low-angle
misorientations can drive grain rotations, we now look at similar grain pairs throughout
the entire volume of both specimens. Because effects related to repeated melting and
solidification tend to convolute the analysis, only rotations from the final 30-minute anneals
are included. (This constituted the longest annealing interval and equal in duration for

2In the previous chapter the cutoff angle between low and high-angle grain boundaries was set at 20°. The
choice of this value was based on the distribution of orientations and misorientation in the Al-1wt% Mg
specimen. In the literature, values ranging from 10° to 30° can be found for the cut-off, but 15° is by far
the most common [18, 29, 109]. The Al-5wt% Cu specimens exhibit only a weak Cube texture and have
misorientation distributions that are similar to the Mackenzie distribution. Therefore, in this chapter I
use the conventional 15° limit.
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Figure 5.11: Example of rotating grain in sample S-70. During the 30-minute anneal at 630 ℃,
the lower grain in (a) rotates 5.4° about the specified axis to its final position in (b). A CT
micrograph through the two grains in (c) reveals that their common boundary, denoted by red
arrows, is not entirely decorated by the solidified Cu-rich liquid phase. Author’s own figure from
Ref. [218], Copyright © 2016 National Academy of Sciences.

both specimens.) In sample S-70 there are 72 unique pairs of grains with a single low-ϑ
neighbor that remains after annealing, i.e., the grains of these pairs are nearest neighbors
both before and after the final heat treatment. Similarly, 65 grain pairs with ϑ < 15° are
included in the analysis of sample S-82. A clear reduction in misorientation is observed
for both samples, as seen in the histograms of δϑ in Fig. 5.12 (a,b). Since the change
in misorientation is calculated as δϑ = ϑfinal − ϑinitial, a negative value indicates that
the misorientation between a pair of neighboring grains has gotten smaller. For S-70 the
average value of δϑ is -0.25°, while for S-82 the mean is -0.067°. If misorientation relations
are ignored and grain pairs selected at random, much more symmetric distributions of δϑ
are found (Fig. 5.12 (c,d)). Apparently, most rotations are just as likely to increase the
misorientation as they are to decrease it between neighboring grain pairs.

The significance of the negative skew of δϑ can be determined by applying the Student’s
t-test [286]. If we assume that the two symmetric histograms of 500 plus randomly se-
lected grain pairs represent the respective parent populations, the Student’s t-test gives
the probability of generating the histograms of low-ϑ grain pairs through a process of
random selection from the respective parent population. This statistical test is defined as

t = x̄− µ
SD/

√
N
, (5.3)

where x̄ is the sample mean, µ is the expected mean, SD is the sample standard deviation
and N is the number of samples. For S-70, the test returns t = −3.14, which translates to
a probability of 0.1%. Thus, the null hypothesis—the assumption that the 72 low-ϑ grain
pairs have the same mean as the parent population—can be rejected with 99.9% certainty.
The null hypothesis can also be rejected with comparable certainty (99.3%) for S-82.

Evidently, grain pairs with a misorientation less than 15° do, on average, rotate to
reduce the misorientation at their common interface. This observation provides compelling
evidence for the existence of energy-induced grain rotations, but it accounts only for the
direction of rotation and not the rate of rotation, which we can also examine. Similar
to how the migration rate of a curved grain boundary depends on capillary pressure (see
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Figure 5.12: Distribution of misorientation changes for low-ϑ and randomly selected grain pairs
during the final 30-minute anneal. The distribution of δϑ for the low-misorientation grain pairs in
(a) sample S-70 and (b) sample S-82 reveals a skew to negative values. These grain pairs tend to
rotate so as to reduce their misorientation. On the other hand, when grain pairs are selected at
random, the distributions of δϑ are symmetric and centered at zero for both (c) S-70 and (d) S-82.

Eqn. (2.9)), the rate at which a grain rotates is directly proportional to the net torque
acting at its perimeter [287]. For a grain with multiple solid-solid contacts, the net torque
is the sum of all torques that arise at each grain boundary. In a randomly textured single-
phase material, the average net torque is expected to be close to zero, since the individual
contributions are randomly aligned and thus tend to cancel each other out. However, in
the semisolid Al-Cu specimens under investigation here most grain boundaries are wet by
the liquid phase (cf. Fig. 5.3), and since the grain pairs considered in our analysis have
exactly one low-misorientation neighbor, it is plausible that these low-ϑ boundaries are the
only dry boundaries of each pair. Under this assumption, the torque τ at the dry interface
simplifies to

τ = A
dγ

dϑ
, (5.4)

where A is the boundary area and dγ/dϑ the energy gradient. The rotation rate is then
given by

dϑ

dt
= Mrτ = MrA

dγ

dϑ
, (5.5)

with the proportionality constant Mr denoting the rotational mobility. Shewmon derived
an analytic expression forMr for the case of a spherical grain forming a single grain bound-
ary with a plate of the same material (Fig. 5.1) [258, 288]. He assumed that any change
in free energy resulting from dϑ goes into moving atoms across the common boundary by
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lattice diffusion so that a crack does not open up during rotation. Shewmon’s sphere-on-
plate model is directly transferable to the case of two spherical grains in contact with each
other, and, with his expression for Mr, Eq. (5.5) can be rewritten as

dϑ

dt
= 8DLΩ
kBTa3

dγ

dϑ
, (5.6)

where DL is the lattice diffusion constant, Ω the atomic volume, kB the Boltzmann con-
stant, T the absolute temperature in Kelvin and a the radius of the contact area.

As a first approximation for the energy gradient, we can assume that γ increases linearly
from 0 mJ/m2 at 0° to 460 mJ/m2 at 15° [116], which returns a value of dγ/dϑ ≈ 30.7
mJ/(m2 deg). Quantities for the diffusion constant and atomic volume at T = 630 ℃ can be
taken from the literature [289], and a is estimated to be about 30µm from examination of
the grains pairs in the CT reconstructions. With these values, the application of Shewmon’s
model predicts a rotation rate of 0.003°/min for sample S-70. Thus, during the 30-minute
anneal, we would expect low-angle grain pairs to reduce their misorientation by 0.09°,
which is less than half of the observed value of −0.25°/min. The same calculation can be
repeated for sample S-82 by replacing DL and Ω with their respective values at 619℃. In
this case the theoretical (-0.07°) and mean measured (-0.067°) rotations over 30 minutes are
nearly identical. Given the difficulty in accurately estimating the contact radius from room
temperature CT data and the strong dependence of dγ/dϑ on a, the agreement between
theory and experiment is remarkably good for both specimens.

5.4.2 Random grain rotations

The previous analysis indicates that the boundary energy landscape plays an instrumental
role in driving grain rotations in semisolid Al-Cu alloys. However, this mechanism applies
only to grains near steep gradients in γ. Most grains do not have nearest neighbors with
misorientations near cusps in γ, and most rotations are just as likely to result in an in-
crease as in a reduction in misorientation with respect to any given neighboring grain (see
histograms in Fig. 5.12 (c,d)). These aspects suggest the presence of an additional random
component to the observed rotations.

One obvious source of random rotations is the repeated melting and solidification asso-
ciated with interrupted annealing experiments. Upon heating an Al-5wt% Cu alloy into
the two-phase region, small pockets of liquid form, which, given time, eventually coalesce
and spread throughout the specimen (until equilibrium volume fractions of solid and liquid
phases are achieved). This expansion and flow of liquid induces capillary forces that can
cause grain rotations [290]. Likewise, heterogeneous nucleation and asymmetric neck for-
mation during solidification are capable of giving rise to fluctuations in grain orientation
[267]. Furthermore, because samples are removed from the furnace in the semisolid state,
vibrations from handling may also cause a slight rearrangement of grains.

All of the above effects are time invariant in the sense that they depend only on the
number of transitions from the solid to the semisolid state (and vice versa) and not on
the duration of annealing intervals. For this reason it was somewhat surprising to see the
distribution of random grain rotations broadening with annealing time (Fig 5.13). After
each annealing interval, the change in misorientation for all nearest-neighbor grain pairs
can be calculated and used to generate a histogram of δϑ, like those seen in Fig. 5.12 (c,d).
Although the mean of each distribution is centered at zero, they become wider as the
duration of heat treatments increases. This effect is visualized in Fig 5.13, where the
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Figure 5.13: Standard deviation (SD) of δϑ plotted against the duration of annealing intervals.
After each heat treatment, the change in misorientation for all neighboring grain pairs is calculated
and used to calculate histograms of δϑ, similar to those of Fig. 5.12. Although these distributions
remain centered at zero, their width increases with the length of the annealing interval, indicating
that a time-dependent mechanism must be responsible for at least some of the random rotations.
(All rotations from the three 10-minute anneals are included in the first data point for S-82.)

standard deviation (SD) is used to quantify distribution widths. Evidently, there must also
be at least one time-dependent mechanism, generating progressively larger grain rotations
during isothermal annealing.

Random grain rotations may well be an inherent side effect of microstructural coarsening
in semisolid specimens. For example, when a grain vanishes the liquid that once wet its
boundaries can be redistributed throughout the specimen. This process is likely associated
with a slight rearrangement of the solid-phase grains, similar to the rearrangements that
occur during the early stages of liquid-phase sintering, but smaller in magnitude [264, 291].
Neighbor switching events that cause perturbations in capillary pressure—which among
other things depends on wetting angle, grain size and interparticle spacing [292]—are also
capable of altering the local arrangement of grains. Likewise, the reduction in residual
porosity [293] and/or the escape of liquid trapped in grain interiors (the latter was observed
in in situ experiments by Werz [182]) can bring about temporary imbalances in capillary
pressure. In systems where the density difference between solid and liquid phases is large,
a sedimentation or hydrostatic uplifting of the solid grains results in a repacking of grains
[278, 294, 295]. This phenomenon, often referred to as slumping in the liquid-phase sintering
community, is not expected to be relevant in Al-5wt% Cu samples, since density differences
are minimal (about 1% at 630℃ [296]). Furthermore, because of the way in which δϑ
was calculated—from each neighboring pair of grains—this quantity is not sensitive to a
collective movement of grains.

Brownian motion is another factor capable of contributing to random fluctuations in
grain orientation. Although this phenomenon is most commonly used to describe the
motion of molecules, macromolecules and colloids on the submicron and micron scales [297–
299], there are no fundamental physical reasons that it could not apply to the relatively
large grains (R ≈ 100µm) of these two Al-Cu samples as well. In fact, translational
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Brownian motion has often been cited as a mechanism behind the formation of particle
contacts during semisolid materials processing [278, 300]. The only prerequisite is that
observation times are much greater than the characteristic time constant τ = I/ζ. In
this case, a suspended particle’s interactions with the liquid medium can be described
stochastically [301]. ζ is the viscous drag coefficient for a particle rotating in a liquid
medium and, assuming spherical grains, calculated as ζ = 8πηR3, where η is the viscosity
of the liquid phase [298]. Values of η from the literature [302] allow us to estimate a time
constant τ of about 1 ms for both Al-5wt% Cu samples. Thus, with annealing intervals of
10 to 30 minutes, rotational Brownian motion could certainly play a part in random grain
rotation.

5.5 Concluding remarks on grain rotation in semisolid materials

The results presented in this chapter confirm the hypothesis that gradients in grain bound-
ary energy are capable of driving grain rotations during the sintering of bulk crystalline
materials. In the case of semisolid samples (representative of liquid-phase sintering), such
rotations are observed at grain pairs that share a low-angle boundary. The steep gradient
in γ at small misorientation angles (ϑ < 15°) generates a torque that leads to further re-
duction in misorientation through rigid-body grain rotation. Mean rotation rates observed
at such grain pairs are consistent with the theoretical predictions of Shewmon [258]. This
mechanism is presumably facilitated by the presence of a liquid phase, which wets most
grain boundaries and reduces the number of solid-solid grain contacts. But the liquid
phase does more than enable directed rotations: it also generates random fluctuations in
grain orientation. This second mode of grain rotation appears not only to be connected
to phenomena associated with coarsening but also quite to Brownian motion. The ran-
dom variations in grain orientation are more constrained at high volume fractions of the
solid phase, but they increase in magnitude with the amount of the liquid phase. The
two modes of grain rotation—directed and undirected—are interrelated to the extent that
random rotations allow a grain to sample more of its orientation space, thereby promot-
ing the formation of the low-energy grain boundaries that are conducive to energy-driven
rotations.

Both of the semisolid Al-Cu samples of this investigation were fully compact and dis-
played only minimal crystallographic texture. In the earlier stages of sintering, where
densities are significantly lower and particle rearrangements quite common, energy-driven
rotations are expected to be more prevalent. Likewise, in samples with high crystallographic
texture (a feature that promotes the formation of low-misorientation grain boundaries as
we saw in Chapter 4) the magnitude and frequency of energy-driven rotations might also be
higher than those observed above. Among metals, Al is characterized by rather moderate
variations in boundary energy. Much deeper cusps in γ have been found, for example, in
Cu and Ni-based alloys [118]. Consequently, larger torques and higher rotation rates would
be expected in the latter cases. With the importance of sintering and semisolid materials
processing on the rise—in applications such as additive manufacturing [303, 304] and the
production of materials for energy storage [305, 306]—the need for accurate sintering mod-
els is also increasing. Evidently, to achieve this objective, the rigid-body rotation of grains
is a phenomenon that will have to be taken into account.
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6
General Discussion and Conclusions

As is often the case with technical innovations, humans were using microstructure to en-
hance material properties long before the cellular nature of crystalline solids and the ex-
istence of grain boundaries were discovered. Well-known examples include steel swords
forged in the Middle Ages [307] and porcelain sintered in ancient China [275]. Much more
important than the raw iron or clay materials used for the production of these materials
were the thermomechanical methods used to modify their microstructures, and the crafts
behind these empirically developed processing techniques were carefully guarded trade se-
crets, meticulously passed down from one generation to the next.

Today, despite decades of research, the characterization and control of microstructure
remain hot topics of scientific research, because as our knowledge of microstructure has
grown, so has our understanding of its decisive influence on a broad range of physical and
mechanical properties. Analytic theories have been developed to describe the migration
of grain boundaries and the evolution of microstructure in two and three dimensions.
Likewise, numerous algorithms have been written to simulate coarsening phenomena on a
computer. However, one aspect of the investigation of microstructure has remained elusive:
namely, the experimental characterization of coarsening in 3D. Closing this particular gap
in our understanding of microstructural evolution served as the motivation for my work,
and, with the knowledge gleaned from the preceding chapters, I now answer the three
general questions posed in the Introduction.

6.1 Practical suitability of 3DXRD microscopy for coarsening investiga-
tions

The promise of 3DXRD microscopy is straightforward: it enables single-phase polycrys-
talline materials to be characterized nondestructively. Through repeated application of this
measurement technique, one obtains dynamic 3D data with full spatial and orientation in-
formation. Such data sets provide researchers an opportunity to study the migration of
individual grain boundaries in their native environment, i.e., away from free surfaces and
without marker phases. But, like all experimental methods, 3DXRD microscopy also has

103



6 General Discussion and Conclusions

500 µm

c)b)a)

Figure 6.1: Comparison of CT and 3DXRD reconstructions. Registered cross sections through (a)
CT and (b) 3DXRD reconstructions of the Al-Cu sample S70 are compared side by side. Red arrows
indicate a low-angle grain boundary that was not clearly marked in CT but accurately located in
the 3DXRD grain map. (c) The overlay of both slices confirms the good overall agreement between
the two methods. Pores and second-phase inclusions are not detected by 3DXRD.

its own practical limitations. For this reason I first give a pragmatic answer to the question:

Is 3DXRD microscopy a suitable technique for experimental investigations of grain growth?

The minimum spatial resolution of a 3DXRD data set is given by the pixel size of the
detector that is used to capture near-field diffraction images (4.56µm for the data sets in
this thesis). This denotes the lower limit for the voxel size, but it does not necessarily
tell us how accurately the interfaces between grains are located. During the reconstruction
procedure many different thresholds and cut-offs are applied, all of which affect the accuracy
of the final reconstructed volume to various degrees. For single-phase materials there is no
method other than 3DXRD to map the 3D microstructure of a polycrystal nondestructively.
However, the two-phase Al-Cu alloys of the previous chapter can be mapped by both
3DXRD and standard CT, since the liquid phase wets most grain boundaries and provides
absorption contrast. By comparing the outputs of these two methods, we not only learn
about the accuracy of grain boundary placement in 3DXRD reconstructions but also about
some of the strengths and weaknesses of the method itself.

Cross sections from registered CT and 3DXRD reconstructions are compared side by
side in Fig. 6.1. The higher concentration of Cu in the θ-phase that decorates most of
the Al grain boundaries is visible as the light gray to white regions in Fig. 6.1 (a). In
the context of James Cole Shatto’s master thesis [308], much effort was invested into a
statistical comparison of CT and 3DXRD reconstructions. The original idea was to use
the CT reconstructions as a control against which 3DXRD reconstructions could be tested.
Ultimately, this attempt proved unfruitful, owing to the difficultly of segmenting the CT
data. Many obvious over and under-segmentations were observed. An example of an under-
segmented grain is indicated by the red arrows in Fig. 6.1. Triple junctions are discernible
near the tips of the arrows, but the low-misorientation boundary that is actually present
here is not wetted by the θ-phase and is therefore not present in the segmentation of the CT
data. On the other hand, all of the boundaries marked by the θ-phase were also observed in
the 3DXRD reconstruction, and the overlay of both cross sections shows that the locations
of internal boundaries in the two reconstructions are essentially identical. In the end, it
was determined qualitatively that 3DXRD reconstructions provide a much more accurate
segmentation of the grains in these data sets than do watershed-based algorithms applied
to CT reconstructions.
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6.1 Practical suitability of 3DXRD microscopy for coarsening investigations

A few artifacts of the 3DXRD reconstruction are, however, visible in the superimposition
of Fig. 6.1 (c). First, the size of some surface grains is larger in the 3DXRD reconstruction.1
These expand into the empty space beyond the perimeter of the specimen. This artifact is
the result of the relatively low completeness threshold (0.7) chosen during the execution of
GrainSweeper, but when higher thresholds were used, the reconstructions were no longer
fully compact. Evidently, this artifact does not impair the placement of internal grain
boundaries, since the orientation with the highest completeness value is always assigned
when two crystallites compete for the same voxel in the reconstructed volume. At the
edges of the sample there is no competition between grains; consequently, surface grains
tend to appear larger than they actually are.

The second discrepancy in the superimposed image (Fig. 6.1 (c)) is the lack of inclusions
in the 3DXRD reconstruction, which are clearly visible as white spots in the CT cross
section. Because these inclusions belong to the θ-phase, they were neither indexed by
the 3DXRD peak-searching algorithms, which were calibrated to only consider diffraction
peaks from the Al lattice, nor mapped as separate grains. The intensity of a diffracted
signal is proportional to the scattering volume. Thus, grains with inclusions larger than the
resolution limit will have local minima in their corresponding diffraction spots. However,
diffraction images were binarized during the reconstruction procedures, and, as a result,
even large inclusions did not appear in the final reconstructions. For the investigation
of single-phase materials, this complication is naturally irrelevant, but it does highlight a
weakness of 3DXRD microscopy: it is difficult if not impossible to detect small, second-
phase particles (including voids) using the technique. Although not necessarily the case
here, the main problem in detecting second-phase particles or voids is that they are simply
too small. Both crystalline and amorphous second-phase particles are frequently added to
commercial alloys to slow grain growth [309], but these inclusions are often one or more
orders of magnitude smaller in size than the primary grains of the material. With the
box-beam realization of 3DXRD microscopy and the reconstruction algorithms developed
for this thesis, small inclusions or voids will not be detected.

This discussion brings us to the more general topic of detectable grain sizes. Hard limits
are given by the detector resolution on the lower end and by the beam width on the upper
end. These limits apply to 3DXRD configurations with parallel-beam geometry. (Although
resolutions as low as 150 nm have been achieved with focusing geometry [310], such setups
are extremely tedious to align and are able to scan only individual grains, underming their
usefulness for statistical studies of grain growth.) In the experience of the author, grains
can be mapped reliably when their diameters are at least 3–4 times the detector’s pixel
size. Of course, this value will vary depending on experimental equipment, but for the
equipment at SPring-8’s beamline BL20XU, the criterion translates to a minimum grain
diameter of 15 to 20µm. The average size of a (lognormally distributed) grain ensemble
should be approximately twice this minimum value to ensure that the majority of grains
are detectable. Thus, 〈D〉 = 40µm can be taken as the lower practical limit on the
mean grain diameter. At the upper end of the grain size spectrum, there are no technical
restrictions on mapping large grains or even single-crystalline samples. When the grains
of a specimen become too large, however, it becomes irrational at some point to conduct
coarsening experiments. One could argue that this point is reached when a majority of
a specimen’s grains make contact with a free surface. Assuming spherical grains and a
cylindrical sample, the 50% threshold is reached when the mean grain radius is about one-
tenth the sample radius, as demonstrated in Fig. 6.2. Using the setup at BL20XU again as a
reference, 1.6mm is the maximum beam width, which also determines the maximum sample

1This effect is more prominent with larger grains because these tend to oversaturate the detector.
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Figure 6.2: Fraction of internal grains. (a) Grains that are in contact with free surfaces (shaded
gray here) can alter the coarsening kinetics and should not dominate the population of total grains.
(b) When the ratio of the mean grain radius 〈R〉 to the sample radius r has reached 1/(3π), the
fraction of internal grains is about 50%. At 〈R〉/r = 1/π, all of the grains are expected to be surface
grains.

diameter. If one desires to stay below the 50% surface-grain threshold, the maximum grain
diameter is about 160µm. When this limit is exceeded, as in Fig. 4.4 (b), growth rates can
slow significantly owing to the pinning of grain boundaries at free surfaces. Still, a broad
size range (40 < 〈D〉 < 160µm) is available for coarsening investigations.

In summary, 3DXRD microscopy is well suited for experimental studies of grain growth.
With the box-beam implementation of this technique, it is possible to map a large num-
ber of grains in a relatively short time over a considerable range of grain sizes. Stitching
overlapping reconstructed layers together allows one to characterize thousands to tens-of-
thousands of contiguous grains in a single coarsening experiment. A repetitive indexing
and refinement scheme proved effective in mapping low to moderately textured materials.
For more highly textured materials, precautions should be taken to reduce the overlap
of diffraction spots. With multi-phase materials CT can be employed to obtain comple-
mentary characterizations of the microstructure. Moreover, for multi-scale investigations,
3DXRD is ideally suited to finding grain boundaries of interest, which can be examined
subsequently by high-resolution electron microscopy techniques. As 3DXRD continues to
mature, exciting studies of microstructure evolution will most certainly follow.

6.2 Applicability of isotropic models

In 1961 Lifshitz, Slyozov [178] and Wagner [179] developed a mean-field model to describe
Ostwald ripening in two-phase materials. Using this theory as a starting point, Hillert [16]
derived his mean-field model for grain growth four years later. Hillert’s theory was able to
predict the growth rate of individual grains as well as the shape of a grain size distribution
that evolves in a self-similar manner. In 2007, MacPherson and Srolovitz [225] achieved
a significant breakthrough in the analytic description of microstructural evolution when
they managed to extend the von Neumann-Mullins relation [222, 223] from two to three
dimensions. Parallel to the development of analytic theories, computer simulations became
a powerful tool for the investigation of grain coarsening. The latter development was greatly
aided by advances in numerical methods and computing power, but it also came about
out of necessity, since access to 3D experimental data was practically nonexistent. With
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Figure 6.3: Comparison of experimental grain size distributions against those predicted by
isotropic models/simulations. Four experimental grain size distributions from the 400℃ annealing
sequence of the Al-1wt% Mg specimen are plotted alongside the Hillert distribution [16] as well
as the grain size distributions from a large-scale isotropic phase-field simulation [28, 311] and from
a front-tracking simulation optimized to match the MacPherson-Srolovitz (M-S) relation [25, 237].
Although the experimental data agree with the simulated distributions slightly better than they do
with the Hillert distribution, none of the predictions fit the measured data well.

the 3D experimental data presented in the preceding chapters, we can now compare the
predictions of established theories and simulation algorithms to coarsening data obtained
from real specimens. This brings us to the second question posed in the Introduction:

Do isotropic growth models describe coarsening in real polycrystalline samples?

The anisotropy of grain boundaries in crystalline materials is well established [18, 95]
and also apparent in the results of this thesis (cf. Fig. 4.21). Nevertheless, isotropic growth
models are ubiquitous, and the microstructures produced by such models form the canon-
ical basis for 3D microstructural investigation [237]. One measure of microstructure that
is easy to conceptualize is the distribution of grain sizes. In Fig. 6.3 experimental grain
size distributions obtained for the single-phase Al-1wt% Mg specimen presented in Chap-
ter 4 are compared to the Hillert distribution as well as to the output of two isotropic
computer simulations. The first is a phase-field simulation [28], and the second is a front-
tracking method that was optimized to fit the MacPherson-Srolovitz relation [237]. The
grain size distributions of the two simulations are very similar to each other, generating
noticeably wider distributions than Hillert’s model, yet the discrepancy with respect to the
four experimental distributions is still significant.

Hillert’s model, which assumes that each grain is embedded in the exact same mean envi-
ronment, ignores topological constraints imposed on the grains of a space-filling polycrystal
[14]. Therefore, we should not be surprised that his distribution of normalized grain sizes
shows the largest deviation. On the other hand, both the phase-field and front-tracking
methods do capture the full shape and local neighborhood of all grains included in the
simulation volume, but their distributions match the experimental data only slightly bet-
ter than Hillert’s. It is important to note here that the grain size distributions of the two
simulation methods are taken from the steady-state coarsening regime, where geometrical
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and topological measures of microstructure remain statistically similar as the mean grain
size increases. The experimental distributions are obviously not time invariant: the relative
frequencies of both small and large grains increase over the course of the 400 ℃ annealing
sequence. It is a somewhat unexpected finding that the experimental grain size distribu-
tions move away from—rather than toward—the steady-state prediction. Depending on the
initial microstructure, however, isotropic simulations may also exhibit a transient regime,
in which grain distributions vary with time [311]. Thus, the more fair comparison between
experiment and simulation would be to start from the same initial grain configuration in
both cases. Because we now have access to time-resolved 3D data, we can do exactly this!

In Fig. 6.4 a slice through the experimentally determined Al-1wt% Mg microstruc-
ture is juxtaposed with the same section through two different phase-field simulations
[312, 313]. The first is an isotropic simulation with completely uniform grain boundary
properties, whereas the second implements a simple approximation for the anisotropy of
grain boundary energies. The energy of high-angle grain boundaries is the same in both
simulations (γ = 1 J/m2). The difference between the two models arises at low misorienta-
tions (ϑ < 20°). In the isotropic case, the grain boundary energy remains constant, but it
follows a Read-Schockley relation (Eq. (2.6)) in the anisotropic simulation. Discrepancies
between the experimental microstructure and the output of both simulations become more
apparent at longer annealing times. Although neither simulation is able to reproduce the
experimental data accurately, the simple anisotropic model performs noticeably better.

A comparison of growth trajectories and rates from the different simulations is also
revealing. The plots in Fig. 6.5 (a,b) reproduce the experimental data presented in Chap-
ter 4. Below each graph are the results of the isotropic (Fig. 6.5 (c,d)) and anisotropic
(Fig. 6.5 (e,f)) simulations. The simulations have been rescaled so that the simulation
times match the annealing intervals, and, to make the comparison fair, the growth rates
were calculated exactly like they were for the simulation, i.e., at 30-minute intervals using
the central difference. Although the growth trajectory plots are quite crowded, there is
almost no intersection of trajectories in the isotropic case, while trajectory crossings occur
much more frequently in the anisotropic case. The effect of this behavior can be observed in
the scatter of the growth rate plots. A Hillert fit with prediction bounds (90% confidence)
is added to each scatter plot to aid in comparison. The anisotropic simulation results
in grain growth rates that show much more scatter about the Hillert prediction than do
than those of the isotropic simulation. When this result is viewed in combination with the
micrographs of Fig. 6.4, we can confidently conclude that the anisotropic simulation does
a significantly better job of reproducing the actual coarsening that occurred in the real
Al-Mg polycrystal.

In answering this second question, I have focused on grain growth in a single-phase Al-
Mg sample, but the conclusions can be readily extended to the semisolid Al-Cu samples as
well. Although the liquid phase present in the latter acts to equalize variations in interfacial
properties, grains with boundaries that were not wetted by the liquid tend to coarsen with
significantly different kinetics (generally much slower). Werz [182] addressed this feature
in detail as part of his thesis work, in which he used micro-CT to capture time-resolved
in situ mappings of microstructures from the same Al-Cu alloy that was investigated in
Chapter 5. When directly comparing his experimental results to an isotropic phase-field
simulation for Ostwald ripening, Werz found the largest discrepancies at grains that were in
direct contact with one or more neighboring grains, i.e., at unwetted boundaries. Evidence
for the occurrence of unwetted grain pairs was also found in this thesis (cf. Figs. 5.11
and 6.1). At higher volume fractions of the coarsening phase, the chance that neighboring
grains come into direct contact with each other increases, and this effect, which is not
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Figure 6.4: Experimental versus simulation results. Using the same starting configuration, the
results of an isotropic and an anisotropic 3D phase-field simulation are compared to the experi-
mentally determined microstructure. The most obvious difference between the two simulations is
the evolution of the large yellow grain, the true growth behavior of which is better captured by the
anisotropic model. In the final row of images, yellow diamonds indicate several surviving grains
where the agreement between experiment and anisotropic simulation is also better. (A segmenta-
tion error in the experimental data caused some deviation in the upper right-hand corner of the
sample.)
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Figure 6.5: Grain size trajectories and growth rates from (a,b) experimental Al-1wt% Mg data,
(c,d) an isotropic simulation and (e,f) an anisotropic simulation. The latter simulation incorporated
a Read-Schockley relation (Eq. (2.7)) for the interfacial energy of low-angle grain boundaries and,
in so doing, was able to better predict features of the experimental results such as intersecting
trajectories and larger scatter in growth rates.
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accounted for in isotropic Ostwald ripening models, limits their usefulness in simulating
real-world processing technologies, such as liquid-phase sintering.

The boundaries of some cellular structures (foams, for example) are isotropic, and for
such systems isotropic models are able to accurately describe coarsening [225, 314]. Despite
the anisotropic nature of crystalline interfaces, the same models are commonly extended to
grain growth in polycrystals. The deficiencies in this approach, however, are clearly evident
in the Al-Mg coarsening data presented in this thesis. This specimen’s crystallographic tex-
ture and the corresponding large population of low-angle grain boundaries most certainly
contributed to the poor agreement between the isotropic phase-field and experimental re-
sults. Most real-world samples are formed through various thermomechanical processing
techniques, which frequently leads to the generation of recrystallization textures. In a sim-
ilar 3D coarsening study published during the preparation of this thesis, the authors found
that even in a weakly textured iron sample the growth rates of individual grains were not
able to be accurately predicted by isotropic models [73]. Thus, it appears that anisotropic
models are a prerequisite for reliably simulating grain growth in real polycrystals.

6.3 Alternative mechanisms of grain coarsening

Curvature-driven growth is the foundation of conventional coarsening theories, and for
isotropic materials curvature is the only variable that differs from boundary to boundary.
But, as we just established above, isotropic models do not capture the true microstructural
evolution of polycrystalline materials—at least not in those investigated in this thesis, and
probably not in other crystalline materials either, owing to the intrinsic anisotropy of grain
boundary properties. 3DXRD data sets provide new possibilities for examining coarsening
behavior, because they deliver not only the spatial extent of the grains inside the irradiated
region of a sample but also the grain orientations. With such data sets in hand, we can
delve into the third question raised in the Introduction:

Are there nonstandard paths by which microstructural coarsening may proceed?

In the first set of 3DXRD experiments, grain growth was investigated in a single-phase
Al-1wt% Mg alloy. This material was selected because previous 2D metallographic studies
suggested that it displayed ideal normal grain growth. Not until the first sets of 3DXRD
data were reconstructed and analyzed did the specimen’s crystallographic texture and
spatial clustering of similarly oriented grains come to light. The consequence of this grain
configuration was the slow coarsening of crystallites located inside such clusters and the
fast, sometimes abnormal growth of grains situated at the boundary between clusters.
Grains that were randomly oriented and had no “allies” disappeared even though they
were sometimes quite large (c.f. Fig. 4.17). The observed form of abnormal growth differs
from the conventional model of textured-induced abnormal grain growth in two ways.
First, CSL boundaries play no special role, and second, the relative strength of texture
components remains approximately constant, i.e., one component does not grow at the
expense of another.

In the second set of experiments, Al-5wt% Cu samples were heat treated in the semisolid
state. The presence of a liquid phase allowed the remaining crystalline grains of the solid
phase to rotate. This effect was demonstrated in Chapter 5 at two different volume fractions
of the solid phase (VV = 70% and VV = 82%). Although most rotations were random
in nature, some appeared to be directed by the reduction of grain boundary energy. The
phenomenon was clearly observed at low-misorientation grain pairs, which tended to rotate
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t = 30 mint = 10 min t = 60 mint = 0 min
Figure 6.6: Example of a coalescence event in the Al-Cu specimen annealed at 630℃. Two grains
with an initial misorientation of 1.21° are located close together but are not touching. At some
point between 10 and 30 min, they come into contact through a neighbor switching event. By the
end of the annealing sequence, they have taken on exactly the same orientation—i.e., the two grains
have become one elongated grain.

so as to further reduce their misorientation. The end result of such rotations is coalescence:
when the misorientation between neighboring grains goes to zero, the boundary between
them vanishes and the two become one larger grain. A coalescence event was actually
observed in the specimen with VV = 70% and is displayed in Fig. 6.6. At the beginning of
the annealing sequence two similarly oriented grains are physically separated, but after a
neighbor switching event, which occurred at some point between 10 and 30 minutes into the
anneal, the two grains came into contact with each other and rotated so that their crystal
latices were perfectly aligned (ϑ = 0°). This unique form of coarsening can have a significant
impact on the coarsening kinetics of nearby grains, as the newly formed/enlarged grain
strives to take on a more compact, spherical shape. Direct observation of such a coarsening
phenomenon was hardly imaginable before the development of 3DXRD microscopy.

Nonstandard forms of coarsening were detected in both Al alloys investigated by 3DXRD.
In the single-phase Al-Mg specimen, a form of abnormal grain growth induced by the
clustering of similarly oriented crystallites was discovered. In the two-phase Al-Cu samples,
grain rotations and even the coalescence of low-angle grain pairs were observed. Both modes
of coarsening were unexpected and discovered unintentionally during data analysis. They
reveal how complex and sometimes nuanced coarsening in real polycrystals can be but also
why the complete characterization of microstructure in 3D is so important to unlocking
the mysteries of coarsening in crystalline materials.

6.4 Conclusions

3DXRD microscopy is a relatively new, still maturing experimental characterization tech-
nique, and the early portions of this work were focused on optimizing the setup and re-
construction procedures for grain coarsening experiments. To accelerate data collection,
a box-beam was employed instead of a planar beam, which had previously been standard
practice [72, 77]. During each measurement interval, diffraction images were collected
with two separate detectors: a high-resolution near-field detector and a large-area far-field
detector. A two-step reconstruction process was developed to make optimal use of the
information contained in each set of images. First, seed grains were found by iteratively
searching the far-field data. With seed grains in hand, high-quality grain maps were then
reconstructed from the near-field data. This approach allowed not only for the efficient
mapping of large sample volumes but also real-time reconstruction. The latter proved to
be essential for successful experimentation at synchrotron beamlines, since specimens no
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Figure 6.7: 3DXRD microscopy closes the gap in the 3D characterization of microstructure. The
empty box on the lower left is now filled (cf. Fig. 1.4), and coarsening in real polycrystals can be
compared directly to the output of grain growth simulations.

longer had to be annealed blindly. The optimized reconstruction and post-processing al-
gorithms developed as part of this thesis are now included in the standard software for
3DXRD microscopy and used at beamlines around the world [234].

Since coarsening is a 3D phenomenon, it is essential to study the evolution of microstruc-
ture in 3D to gain a complete understanding of the underlying mechanisms. In two large-
scale studies of different Al alloys, 3DXRD microscopy provided access to unique coarsen-
ing data. The growth and orientation of individual grains were tracked in 3D, and it was
demonstrated how decisive the local neighborhood is for grain evolution. With these data
sets, we can finally begin filling in the gaps in our experimental knowledge of coarsening.
Fig. 6.7 reproduces Fig. 1.4 shown in the Introduction, but here the left-hand side is filled
in with experimental data. Now, models can be adapted and tuned to fit real data so that
predictive simulations of microstructural evolution may one day become a reality.

In a sense, the characterization of materials by x-rays has come full circle with the
development of 3DXRD microscopy. Shortly after the discovery of x-rays, their application
in diffraction experiments allowed researchers to solve the crystal structure of many solid
materials. The experiments by von Laue were so convincing that the debate on the atomic
nature of matter was finally settled [315]. Interestingly, Wilhelm Ostwald, whose theory
of Ostwald ripening was discussed above, was one of the last major critics of atomism.
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Later, x-rays were used to determine material characteristics, such as texture, mean grain
size and microstrain, but only on a global scale. With 3DXRD it is now possible to follow
the local evolution of grains and even track the migration of individual grain boundaries.
As this technique matures, it will be exciting to see what new findings follow, now that
coarsening phenomena can be observed in their native 3D environment.
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